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Abstract 


A  review  is  given  of  the  type  of  infomation  con¬ 
cerning  mechanical  properties  of  crystals  Obtainable 
from  Internal  friction  measurements.  The  methods  of 
measurement,  together  with  their  advantages,  dis¬ 
advantages  auid  limitations  are  outlined.  Results  are 
described  within  a  framework  in  which  defect  inter¬ 
actions  are  considered  from  the  "particle”  point  of 
view.  A  selection  of  results  found  by  internal 
friction  techniques  which  2u:e  often  difficult  to  obtain 
by  other  methods  Is  described.  These  include  recent 
Bieasurements  which  have  contributed  to  the  understauiding 
of  dislocation  interactions  with  point  defects  euid 
phonons,  as  well  as  dislocation  distributions  in  de¬ 
formed  materials. 

I.  Introduction 


A.  Concerning  the  Definition  of  Substructure.  If  by  sub¬ 
structure,  one  means  structure  having  to  do  with  small 
angle  boundaries,  then  it  must  be  admitted  at  the  outset 
that  internal  friction  methods  have  so  far  provided  us 
with  very  little  Information  about  this  aspect  of 
mechamlcal  behavior.  On  the  other  hand.  If  the  definition 
of  substructure  is  broadened  to  Include  other  defects, 

as  has  been  suggested,  then  we  find  that  Internal 
friction  methods  supply  us  with  much  information  of  a 
type  which  is  often  difficult  to  acquire  by  other 
methods.  For  the  purposes  of  the  present  eurticle,  we 
shall  regard  grain  boundaries  as  the  primary  structure, 

^Uld  all  other  defects  including  single  dislocations, 
dislocations  in  interaction  with  other  dislocations  to 
form  small  angle  boundaries,  point  defects,  etc.,  as 
con^sing  the  substructure. 

B.  Mobility  of  Dislocations.  The  extent  to  which  Internal 
friction  techniques  can  be  used  to  study  dislocations 
the  extent  to  which  the  dislocations  are  mobile.  In 

a  solid  containing  no  defects,  ultrasonic  plcUie  waves 
should  propagate  without  attenuation.  A  plane  wave 
traveling  in  a  solid  containing  dislocations  is  attenuated, 
and  the  attenuation  depends  sensitively  upon  the  mobility 
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of  the  dislocations.  The  mobility,  in  turn,  depends 
upon  the  interactions  of  dislocations  with  point  defects, 
phonons  and  other  dislocations.  Thus,  measurements  of 
internal  friction,  or  ultrasonic  wave  propagation  in 
crystals,  are  uniquely  suited  for  the  study  of  dis¬ 
location  interactions  with  other  defects.  On  the  other 
hauid,  if  the  dislocation  interactions  are  such  as  to 
render  the  dislocations  immobile,  then  no  Internal 
friction  is  obtained.  Thus  the  technique  is  limited  to 
the  study  of  mobile  dislocations. 

C.  Some  General  Features  of  Internal  Friction  Measurements. 
Advantages  of  Internal  friction  measurements  derive 
from  (1)  the  sensitivity  of  the  method,  (2)  the  selectivity 
of  the  measurements,  (3)  the  fact  that  the  results  can 
be  made  queuitltatlve ,  amd  (4)  the  fact  that  the  measurements 
are  non-destructive.  For  exzuiqple,  defect  concentrations 
of  the  order  of  10^^  cm”^  can  have  an  important  effect 
on  the  Internal  friction.  Also,  the  internal  friction  is 
sensitive  only  to  those  point  defects  which  arrive  at 
dislocations,  in  contrast  to  properties  such  as  resistivity, 
which  are  sensitive  to  all  the  defects  in  the  lattice. 

The  method  is  ^specially  suited  to  the  study  of  defect 
interactions,  since  it  is  only  by  these  interactions 
that  cheuiges  in  the  ultrasonic  wave  propagation  char¬ 
acteristics  are  induced.  A  large  auDOunt  of  detail  can 
be  found  because  of  the  large  number  of  variables  which 
can  be  controlled  (frequency,  strain  amplitude,  tem¬ 
perature,  point  defect  concentration,  ultrasonic  mode 
orientation,  purity,  deformation,  and  others) .  As  a  dis¬ 
advantage,  a  detailed  theory  or  model  of  dislocation  inter¬ 
actions  is  required  to  interpret  the  results.  The 
latter  difficulty  is  one  which  has  held  up  progress  in 
the  use  of  this  technique  until  quite  recently. 

Measurements  of  Internal  friction  tend  to  complement, 
and  not  to  compete  with  measurements  made  by  direct 
observations  and  also  with  other  indirect  observations. 
Internal  friction  measurements  differ  from  other  Indirect 
observations  in  sensitivity  euid  in  the  linearity  of 
the  effects  with  defect  concentrations.  For  exaoqple, 
properties  such  as  resistivity,  lattice  parameter, 
density  and  stored  energy  are  usually  linear  In  the 
defect  concentration,  and  this  fact  leads  to  simplicity 
in  interpretation  of  results.  However,  It  Is  normally 
necessaury  to  have  defect  concentrations  considerably  In 
excess  of  parts  per  million  to  obtain  measurable  effects. 

On  the  other  hand.  Internal  friction  measurements  require 
more  Interpretation  (the  Internal  friction  depends  on 
the  fourth  power  of  the  pinning  point  density  In  comson 
cases) ,  but  fewer  defects  are  required  for  measurable 
effects  and  more  detail  is  obtained  In  the  measurements. 
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D.  Methods  o£  Measurement.  A  great  deal  of  work  so  far  has 
been  done  la  the  kilocycle  and  megacyle  range,  although 
some  work  has  also  been  carried  out  at  lower  frequencies. 

The  techniques  used  have  been  well  described  In  many 
places.-^  We  shall  only  mention  here  some  of  those  features 
of  Importance  In  work  on  the  study  of  defects  In  crystals. 

In  the  10-40  kilocycle  range  the  technique  usually  used 
is  to  set  up  a  standing  wave  In  a  long  thin  specimen.  A 
typical  size  of  specimen  might  be  about  a  quarter  Inch 
In  diameter  and  two  Inches  In  length.  Harmonics  of  the 
fundaunental  vibration  may  also  be  used  but  there  are 
difficulties  here  because  different  parts  of  the  specimen 
are  excited  for  different  harmonics.  The  specimen  may 
be  driven  Into  resonance  by  eun  eddy  current  drive  or  by 
a  quartz  rod  attached  to  the  specimen.  The  adveuitage 
of  the  former  method  of  coupling  is  that  measuremf^nts  as 
a  function  of  temperature  are  easily  made.  Even  In  the 
latter  case,  the  quartz  may  be  bonded  to  the  specimen  at 
a  strain  node  so  that  deformation  arising  from  differential 
expansion  at  the  specimen-quartz  Interface  during  temperature 
changes  does  not  disturb  the  measurement  greatly.  The 
strain  amplitude  may  be  varied  from  below  10'°  to  edjove 
10~^,  depending  upon  the  specimen  deunplng. 

Measurements  in  the  3-300  mc/sec  range  are  made  using 
the  pulse  technique.  Specimens  eure  often  In  the  shape 
of  flat  cylindrical  disks  with  typical  dimensions  of  half 
Inch  in  thickness  and  one  Inch  In  diameter.  A  thin  quartz 
transducer  disk,  of  diameter  half  Inch  or  less,  Is 
attached  by  means  of  an  extremely  thin  bonding  layer. 

The  transducer  Is  used  both  as  a  transmitter  and  receiver 
of  ultrasonic  pulses.  After  each  round  trip  In  the 
specimen  the  pulse  Is  detected  and  all  the  echoes  are 
displayed  on  an  oscilloscope,  from  which  the  attenuation 
Is  measured.  Measurements  as  a  function  of  temperature 
offer  difficulties  here,  since  the  differential  expansion 
at  the  specimen-quartz  inter&ks  Introduces  deformation  In 
soft  crystals.  However,  frequency  measurements  are 
easier  to  make  here  thcUi  In  the  kilocycle  region.  All 
odd  harmonics  of  the  fundamental  driving  frequency  of  the 
quartz  can  be  used  until  the  attenuation  becomes  too 
large  to  measure.  Also  several  modes  of  propagation 
(longitudinal  and  shear)  can  usually  be  used,  permitting 
a  study  of  orientation  effects.  Normally  the  strain 
amplitudes  available  are  low,  of  the  order  of  10“'  or 
less.  The  major  difficulty  in  specimen  preparation  here 
Is  in  the  requirement  that  the  two  reflecting  faces  be 
accurately  parallel.  For  measurements  above  about 
50  mc/sec,  optical  tolerances  are  often  required.  It 
Is  possible  to  mount  the  transducer  on  the  end  face  of 
a  tensile  specimen,  so  that  measurements  of  attenuation 
cuid  velocity  can  be  made  during  deformation.—/  In 


3 


sununary,  measurements  as  a  function  of  temperature  and  strain 
aunplltude  are  easy  In  the  kilocycle  re9i:>n  and  difficult 
In  the  megacycle  region,  but  measurements  as  a  function 
of  deformation,  frequency  emd  orientation  are  easy  In 
the  megacycle  region  and  difficult  In  the  kilocycle 
region . 

In  what  follows,  we  give  first  a  discussion  of  the 
model  used  In  Interpreting  Internal  friction  effects, 
then  a  freuoework  In  terms  of  defect  Interactions  In 
which  the  experiments  are  to  be  discussed,  emd  finally, 
a  discussion  of  a  limited  selection  of  experiments  as 
examples  of  the  type  of  Information  concerning  mechanical 
properties  obtainable  from  Internal  friction  experiments. 

II.  The  Model 

A.  Types  of  Effects.  There  are  a  number  of  ways  In  which 
dislocations  can  contribute  to  Internal  friction.  A 
dislocation  segment  oscillating  between  two  pinning  points 
(vibrating  string  model)  gives  one  characteristic  type  of 
damping.  Dislocations  which  break  away  from  pinning 
points  under  stress  lead  to  another  type.  Dislocations 
which  move  by  overcoming  Pelerls  barriers  are  supposed 

to  give  rise  to  the  low  temperature  Bordonl  peaks.  There 
are  also  other  mechanisms,  models  for  which  have  not 
yet  been  developed.  In  particular,  there  Is  not  as  yet 
a  suitable  model  for  the  highly  deformed  state.  However, 
the  single  dislocation  segment  model  which  neglects 
Interactions  between  dislocations  seems  to  work  sur¬ 
prisingly  well  for  moderate  deformation  (up  to  about  4%) . 

In  what  follows  we  discuss  only  the  vibrating  string 
model  since  its  predictions  are  definite  and  many  experi¬ 
mental  checks  of  these  predictions  are  now  available. 

We  are  Interested  In  answering  first  basic  questions 
such  as  "What  Is  the  physical  source  of  the  damping?" 
and  "What  Is  a  pinning  point?".  Then  having  settled 
this,  we  look  to  see  how  Internal  friction  measurements 
can  be  applied  to  the  study  of  mechemlcal  properties  of 
crystals. 

B .  Dislocation  Contribution  to  the  Total  Stralr  .  The  basis 
for  Internal  friction  effects  lies  in  the  fact  that  dis¬ 
location  motion  contributes  to  the  total  strain  developed 
In  a  specimen  under  stress.  For  a  given  applied  stress, 
a  solid  containing  dislocations  has  a  larger  strain 

than  a  perfect  crystal,  so  that  the  elastic  modulus 
appears  to  be  lower.  Under  the  action  of  an  alternating 
stress,  the  dislocation  component  of  the  strain  may  lag 
behind  the  applied  stress.  This  leads  then  not  only  to 
a  reduction  In  modulus  but  also  to  a  daunplng  of  the 
applied  stress.  Slnqple  estimates  of  the  magnitude  of 
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the  expected  effect  for  typical  dislocation  densities 
lead  to  much  larger  values  than  the  observed  effects 
If  It  Is  assumed  that  the  dislocations  are  perfectly 
mobile  with  no  restrictions  on  their  motion.  It  may 
therefore  be  concluded  that  there  must  be  Impediments 
to  the  motion  of  dislocations.  Generally  speaking, 
the  saune  types  of  obstacles  have  been  assumed  as  those 
assumed  In  yield  stress  theories,  where  a  similar 
problem  Is  faced.  These  are,  for  excunple:  atomic 
pinning  points,  network  points.  Jogs,  other  dislocations, 
etc.  But  even  with  such  restrictions,  one  must  explain 
why  the  dislocation  motion  lags  behind  the  applied 
stress.  For  smooth  dislocation  motions,  one  may  Imagine 
that  the  dislocation  Is  viscously  deunped  as  It  moves 
through  the  electron  or  phonon  gas.  Also  Impediments 
which  lead  to  a  jerky  motion  of  the  dislocation  will 
lead  to  a  phase  lag.  Examples  of  the  latter  type  of 
effect  are  provided  by  motion  over  Peierls  barriers  at  low 
stresses,  and  catastrophic  unpinning  of  dislocations  at 
high  stresses. 

C.  Vibrating  String  Model.  A  model,  proposed  by  Koehler,-^ 
and  developed  further  by  Granato  and  Lucke using  an 
euialogy  between  a  vibrating  string  In  a  viscous  medium 
and  dislocation  oscillations  has  been  proven  to  be 
correct  In  most  of  its  particulars.  In  this  model, 
advantage  Is  taken  of  the  fact  that  a  dislocation  has  an 
effective  mass  per  unit  length  and  an  effective  tension. 

Thus  an  equation  of  motion  for  small  oscillations  of  a 
dislocation  may  be  written  as 

*  ®  ’'t  -  =  ’'xx  “ 

where  A  Is  the  effective  mass  for  unit  length,  Y  Is  the 
dislocation  displacement  measured  from  the  equilibrium 
position  as  Indicated  In  Fig.  1,  B  Is  the  viscous  damping 
constant,  C  Is  the  tension,  b  the  Burgers  vector,  a  the 
applied  stress,  t  the  time,  x  a  coordinate  along  the 
dislocation,  and  subscripts  denote  dlf ferentlon.  The 
solution  of  Eq.  (1)  together  with  me  boundary  conditions 
Y(o)  and  Y(i)  =  0,  where  pinning  points  are  placed  at 
X  =  0  and  £  gives  the  dislocation  displacement  Y  as  a 
function  of  the  frequency  a>  of  the  applied  stress  a  (oj)  . 

Using  this  the  dislocation  strain  and  then  the  effective  mod¬ 
ulus  (or  ultrasonic  wave  velocity)  and  decrement  (or 
ultrasonic  wave  attenuation)  is  easily  found.  The  re¬ 
sulting  decrement  has  a  typical  resonance  type  frequency 
behavior,  which  depends,  however,  on  the  magnitude  of 
the  viscous  damping  constant  B .  Theoretical  estimates 
of  the  dcunping  constant  to  be  expected  for  .dislocation 
interactions  with  phonons^/  and  electrons^  have  been 
made  by  Leibfried  and  Eshelby.  From  these  one  expects 
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(1)  that  the  phonon  interaction  is  much  laurger  than  the 
electron  interaction,  and  (2)  that  the  phonon  inter¬ 
action  is  so  large  that  the  dislocation  resonance  is  over- 
dcunped.  This  has  the  effect  of  broadening  out  the  resonance 
and  moving  it  to  lower  frequencies.  Also  when  account  is 
tedcen  of  the  fact  that  not  all  dislocations  have  the  same 
length,  the  expected  maximum  is  broadened  out  further. 

For  typical  expected  dislocation  segments  of  length  of 
order  1  micron,  the  expected  resonance  frequency  is  at  about 
10^  cycles/sec.  However,  because  of  the  large  damping  (we 
may  picture  the  dislocation  as  a  string  moving  in  heavy 
molasses)  ,  the  maucimum  may  be  brought  down  to  frequencies 
as  low  as  100  Icc/sec.  At  the  san^  frequencies  where  the 
decrement  goes  through  a  mcucimum/^ispersion  in  the  elastic 
constant  is  expected.  As  is  indicated  schematically  in 
Fig.  1,  the  displaceiAent  of  the  dislocation  is  a  function 
of  frequency.  (The  dislocation  strain,  and  thus  the 
modulus  reduction  is  proportional  to  the  area  swept  out  by 
the  dislocation.)  At  low  frequencies,  the  velocity  of  the 
dislocation  is  small  so  that  the  viscous  force  is  small. 

The  displacement  is  then  limited  by  the  tension  forces  and 
is  parabolic  in  shape.  At  high  enough  frequencies,  however, 
the  viscous  forces  become  dominant,  and  the  displacement 
of  the  dislocation  cannot  achieve  its  full  value.  In  this 
case  the  dislocation  moves  more  like  a  rigid  rod  over  most 
of  its  length,  coming  down  to  zero  displacement  only  near 
the  pinning  points.  Thus  we  expect  the  effect  of  pinning 
points  to  be  large  at  low  frequencies  and  negligible  at 
high  frequencies. 

The  dispersion  effect  is  illustrated  in  Fig.  2  in  which 
the  velocity  of  compressional  waves  was  measured  by 
Granato,  de  Klerk,  and  Truelll/  in  a  sodium  chloride 
crystal  as  a  function  of  frequency  before  and  after  a 
slight  deformation.  Before  deformation  there  is  only  a 
small  dispersion  of  0.5%  centered  at  about  75  roc/sec. 

After  the  deformation,  the  magnitude  of  the  dispersion 
has  increased  to  about  4%  and  has  moved  to  a  lower  frequency 
(35  roc/sec) .  At  room  temperature,  the  dispersion  was 
observed  to  gradually  recover  towards  the  initial  con¬ 
dition,  presumably  as  a  result  of  dislocation  pinning  by 
deformation  induced  defects.  The  interpretation  of  the 
effect  according  to  the  vibrating  string  model  is  as 
follows.  At  low  frequencies,  the  dislocations  are  in 
phase  with  the  ultrasonic  stress.  When  the  stress  is 
applied,  the  apparent  elastic  constemt  (and  therefore  the 
ultrasonic  velocity)  is  reduced  because  the  dislocation 
motion  makes  the  specimen  less  rigid.  However,  at  high 
frequencies  the  dislocations  can  no  longer  follow  the 
rapidly  chemglng  stress,  so  that  the  modulus  approaches 
the  true  elastic  value. 
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The  frequency  dependence  of  the  decrement  arising 
from  dislocation  motion  Is  Illustrated  .In  Fig.  3.  These 
are  measurements  by  Stern  and  Grzmato^  showing  the  effect 
of  cobalt  gcunma  Irradiation  on  the  decrement  of  high  purity 
copper.  Before  Irradiation,  the  decrement  has  a  maximum  at 
a  few  megacycles.  The  gamma  rays  produce  electrons  which 
are  energetic  enough  to  displace  lattice  atoms,  giving 
Interstitials  which  can  be  effective  as  pinning  points. 

After  50  hours  of  Irradiation  In  a  6000  c  cobalt  source,  the 
height  of  the  maximum  decreased  and  the  location  Increased 
to  about  100  mc/sec.  The  decrement  at  low  frequencies  Is 
much  more  sensitive  to  the  Increased  number  of  pinning 
points  than  that  at  high  frequencies,  as  we  expected  from 
our  previous  discussion  of  Fig.  1. 

According  to  the  theory,  the  height  of  the  maximum 
should  be  proportional  to  and  the  location  of  the  maximum 
proportional  to  i/BL^  where  A  is  the  total  dislocation 
density,  and  L  is  the  average  loop  length.  At  frequencies 
much  lower  than  that  at  which  the  maximum  occurs,  the 
decrement  should  be  proportional  to  AL^  Bo)  and  the  modulus 
to  AL^.  The  predicted  dependence  loop  length  has  been 
confirmed  by  Thompson  and  Holmes..^  Thus  measurements  of  the 
height  and  location  of  the  decrement  in  the  megacycle 
range  give  the  same  information  as  measurements  of  ie 
decrement  and  modulus  in  the  kilocycle  range.  Actually, 
the  two  quantities  which  can  be  determined  from  the  measure¬ 
ments  are  the  ratios  a/B  and  h/Tc.^  Before  dislocation 
densities  auid  loop  lengths  can  be  determined,  the  damping 
constant  B  and  tension  c  must  be  known.  We  shall  discuss 
means  by  which  the  damping  constant  can  be  determined  in  a 
later  section. 

III.  A  Formal  Framework  In  Terms  of  Defect  Interactions. 

Because  the  internal  friction  effects  depend  entirely 
upon  the  interactions  of  dislocations  with  other  defects, 
we  shall  find  it  convenient  to  classify  the  effects  in  terms 
of  defect  interactions  using  the  "particle"  point  of  view 
introduced  by  Seitz. The  defects  to  be  considered  are 
dislocations,  point  defects  and  phonons.  This  omits  but 
two  of  the  six  primary  defects  in  crystals:  electrons  and 
excitons.  (Foreign  atoms  have  been  lumped  into  the  point 
defect  category  together  with  vacancies  and  interstitials.) 

We  consider  first  dislocation  interactions  between  pairs 
of  defects. 

A.  Dislocation-phonon  Interations.  We  first  note  that  phonons 
interact  with  dislocations  in  essentially  two  ways.  Just  as 
in  the  case  of  Brownian  motion  of  a  particle  in  an  external 
field,  a  dislocation  moving  through  a  phonon  gas  under  the 
action  of  an  external  applied  stress  is  subject  to  both  a 
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viscous  drag  and  to  fluctuations  In  displacement.  The 
latter  effect  Is  thought  to  give  rise  to  the  Bordonl  peak, 
but  will  not  be  discussed  here. 

B.  Dislocation-point  Defect  Interaction.  The  best  known 
Interaction  of  this  type  Is  that  first  discussed  by 
Cottrell Because  an  oversized  (or  undersized) 

Impurity  can  relieve  the  strain  energy  of  the  lattice  by 
moving  to  the  dilated  (or  compressed)  region  near  a  dis¬ 
location,  the  dislocation  will  be  bound  to  the  Impurity. 

The  binding  strength  will  be  small,  at  most  of  the  order 

of  a  few  tenths  of  an  electron  volt,  so  that  a  sufficiently 
large  stress  can  pull  the  dislocation  away  from  Immobile 
point  defects.  Interstitial  atoms  and  vaceuicles  can  also 
act  as  pinning  points.  Other  possibilities  are  jogs,  dis¬ 
location  nodes.  Intersections  and  places  where  a  dislocation 
may  move  out  of  the  slip  plane. 

C.  Dislocation-dislocation  Interactions.  Dislocations  may  Inter¬ 
act  with  other  dislocations  at  a  distance  through  their  long 
range  stress  fields,  and  also  (more  strongly)  at  points  of 
con  act.  P  imably  these  effects  should  become  Important 

In  c  .terlals  where  the  dislocation  density  Is 

high  ax.,  iculty  here  Is  that  the  predictions  of  any 

theo.  jr  these  effects  depend  sensitively  on  the  model 
assumeu,  but  so  far  no  simple  model  has  been  established 
as  being  representative.  Presumably  small  angle  boundaries 
and  pile-ups  which  are  mobile  should  lead  to  internal 
friction  with  certain  special  characteristics.  Calculations 
for  these  configurations  have  not  yet  been  attempted. 

Perhaps  as  a  result  of  the  direct  observations  reported 
at  this  conference,  we  shall  learn  which  of  the  possible 
arrangements  should  be  taken  most  seriously  as  models  for 
damping  In  heavily  deformed  materials.  Generally  speaking, 
the  measurements  show  that  for  high  enough  deformation, 
the  damping  decreases.  This  shows  that  the  effect  of  dis¬ 
location  interactions  in  inhibiting  dislocation  mobility 
more  than  compensates  for  the  increased  dislocation  density. 

D.  Point  Defect-Phonon  Interactions.  By  using  dislocations 

as  an  intermediary  defect,  diffusion  effects  can  be  studied. 
For  example,  by  measuring  the  rate  at  which  dislocations 
are  pinned  as  a  function  of  temperature,  the  activation 
energi'  of  migration  of  defects  can  be  measured. 

E.  Dislocation-phonon-point  Defect  Interactions.  The  combined 
effect  of  triple  interactions  between  these  basic  defects 
shows  up  in  a  striking  way  in  measurements  of  the  effect 

of  thermal  fluctuations  on  dislocation  brezdcaway  from 
pinning  points  at  high  strain  eunplltudes.  This  is  a.,  area 
which  has  not  yet  been  exploited. 
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IV.  Some  Selected  Experiments  of  Interest  in  the  Study 
Behavior  of  Crvsteile. 

A.  Dislocation — Phonon  interactions.  Recently  the  properties  of 
the  internal  friction  of  copper  at  megacycle  frequencies  have 
been  studied  by  Alers  and  Thompson  -J-.?/  and  also  by  Stern  and 
Granato.^  These  experiments  are  complementary  since  Alers 
and  Thcxnpson  studied  the  attenuation  and  velocity  in  a  copper 
crystal  before  and  after  neutron  irradiation  as  a  function  of 
temperature  and  orientation,  while  Stern  and  Granato  studied 
the  attenuation  changes  during  gamma  irradiation  as  a  function 
of  irradiation  time  and  frequency.  The  results  will  be 
discussed  together.  As  already  noted  earlier,  and  as  is  easily 
seen  frcan  Fig.  3,  at  high  frequencies,  the  attenuation  depends 
only  on  the  dislocation  density  and  the  damping  constant,  and 
not  on  the  loop  length  or  dislocation  line  tension.  By  making 
an  independent  count  of  the  dislocation  density,  the  magnitude 
of  the  damping  constant  could  be  determined.  Furthermore,  the 
dcunping  constant  was  found  to  be  linear  in  temperature.  The 
latter  fact  is  in  accord  with  what  is  to  be  expected  if 
scattering  by  phonons  is  the  source  of  the  damping,  since 
the  damping  constant  should  then  be  proportional  to  the  phonon 
density  according  to  Leibfried  or  linear  in  temperature 
(at  not  too  low  temperatures).  The  magnitude  of  the  damping 
constant  found  was  somewhat  in  excess  (about  a  factor  of  4)  of 
that  given  by  Leibfried ’s  estimate.  A  similar  discrepancy  is 
found  in  the  ratio  of  the  observed  to  the  calculated  thermal 
resistance  at  low  temperatures  caused  by  dislocations.  Both 
Alers  and  Thompson  and  Stern  and  Granato  concluded  that  the 
physical  source  of  the  damping  at  megacycle  frequencies  was 
the  scattering  of  phonons  by  the  moving  dislocations  and  that 
the  vibrating  string  model  is  applicable.  In  addition,  by 
extrapolation  of  megacycle  results  into  the  kilocycle  range, 
and  vice  vers  ,  Granato  and  Sternil/ were  able  to  show  that  the 
same  mechanism  accounts  for  the  part  of  the  damping  observed 
in  the  kilocycle  range  which  can  be  removed  by  irradiation 
pinning.  Thus  it  seems  safe  to  say  that  the  question  as  to 
the  source  of  the  damping  is  now  understood. 

An  interesting  side  result  here  is  that  from  these  results, 
a  question  that  arose  early  in  dislocation  theory  can  now  be 
answered.  The  question  is:  "Can  relativistic  velocities  of 
dislocations  be  achieved  at  stresses  near  the  yield  stress?" 

The  answer  is  no.  From  the  value  of  the  magnitude  of  the 
dislocation-phonon  interaction  strength  deduced  ultrasonically, 
one  finds  that  in  copper  at  room  temperature  the  relation 
between  velocity  and  stress^/ is 

v/c  -  o/(75G)  (2) 
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where  c  is  the  shear  wave  velocity  and  G  is  the  shear  modulus. 
Since  the  theoretical  yield  stress  of  a  perfect  crystal  is  of 
order  G/30,  stresses  of  the  order  of  the  yield  stress  of  per¬ 
fect  crystals  would  be  required  for  relativistic  velocities. 

The  question  which  remains  is:  "What  is  the  mechanism  of 
the  scattering  of  phonons  by  dislocations?"  It  has  not  yet 
been  determined  whether  this  is  due  to  scattering  by  the 
strain  field  (which  changes  the  elastic  constants  in  the 
vicinity  of  the  dislocation)  or  whether  the  scattering  is  due 
to  a  reradiation  of  sound  waves  by  the  dislocation  under  the 
influence  of  the  incident  phonons. 

It  has  been  pointed  out  by  MasonM/that  the  same  mechanism 
limits  the  velocity  of  dislocations  at  high  stresses  as  found 
by  Johnston  and  Gilmarv-iS/ in  direct  observations  of  the  motion 
of  etch  pits.  From  these  direct  observations,  the  damping 
constant  for  LiFl  is  found  from  the  relation 

ba  -  Bv  (3) 

to  be  7,0  X  10“^  (c.g.s.  units).  This  is  the  same  value  found 
for  copper  ultrasonically .  An  ultrasonic  experiment  in  LiF 
is  now  in  progress  at  Illinois  which  should  check  these  in¬ 
dependent  methods.  If  the  ultrasonic  determination  agrees 
with  that  found  frcxn  the  Johns ton-Gilman  technique,  then  it 
should  be  possible  to  determine  the  dislocation-phonon  inter¬ 
action  strength  for  other  materials  by  the  (simpler)  ultrasonic 
method. 

B.  Dislocation-pinning  point  interactions.  Recently,  a 
significant  step  forward  was  taken  in  this  area  by  Bauer  and 
Gordon, ii/who  showed  that  it  is  possible,  by  combining  ultra¬ 
sonic  and  optical  measurements,  to  identify  the  atomic 
configuration  which  is  effective  in  pinning  a  dislocation  in 
NaCl.  Bauer  and  Gordon  found  that  dislocation  pinning  in 
x-irradiated  NaCl  proceeded  at  the  same  rate  at  low  temperatures 
as  it  did  at  room  temperature .  From  this  they  concluded  that 
diffusion  of  point  defects  is  not  involved  in  the  pinning  pro¬ 
cess  and  that  the  pinning  points  must  be  produced  at  the 
dislocation  core.  Further,  they  discovered  that  dislocations 
pinned  by  irradiation  at  low  temperatures  can  be  unpinned  by 
light.  This  effect  is  shown  in  Fig.  4.  Bauer  and  Gordon  note 
that  a  model  used  to  explain  dislocation  pinning  must  satisfy 
many  conditions  to  be  in  agreement  with  their  observations. 
First,  defects  must  be  created  at,  or  in  the  immediate  vicinity 
of,  free  dislocation  segments;  in  addition,  these  defects  must 
act  as  strong  pinning  p>oints.  Furthermore,  the  pinning  defect 
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must  possess  a  characteristic  optical  absorption  band  and  must 
be  simple  enough  to  be  "dissolved"  when  it  is  ionized  or 
excited.  In  the  case  of  rock  salt  it  is  found,  for  example, 
that  unpinning  is  produced  only  by  light  with  wavelengths  within 
a  fairly  narrow  band  centered  adaout  6300A.  Finally,  the  defect 
must  occur  generally  in  the  alkali  halides  (with  the  possible 
exception  of  LiF).  The  model  must  also  be  capedsle  of  explain¬ 
ing  how  dislocation  pinning  can  be  reversed  at  low  temperatures 
but  converted  to  a  permanent  type  of  pinning  if  the  crystal  is 
warmed  to  room  temperature,  and  how  unpinning  illumination  is 
capadale  of  unpinning  dislocations  at  low  temperatures  while 
F  illumination  can  cause  additional  pinning  at  all  temperatures. 
The  model  put  forward  by  Bauer  and  Gordon  which  fits  all  these 
experimental  facts  .  one  in  which  the  pinning  poir '  is 
identified  as  a  complex  consisting  of  a  jog  on  a  dislocation 
formed  by  a  Cl-ion  and  a  F-center  located  one  atom  distance 
away  and  below  the  slip  plane.  Because  this  F-center  is  in  a 
region  where  the  crystal  structure  is  dilated  its  absorption 
band  is  shifted  toward  the  red,  i.e.,  from  4500A  to  6300A,  an 
amount  which  is  in  agreement  with  the  shift  calculated  from  the 
strain  field  about  a  dislocation  in  rock  salt.  Ionization  of 
the  F-center  by  6300A  light  results  in  electrostatic  attraction 
between  the  negative-ion  vacancy  so  formed  and  the  Cl-ion  form¬ 
ing  the  jog  on  the  dislocation;  recombination  of  this  Cl-ion 
and  its  neighboring  vacancy  causes  the  pinning  point  to  "dis¬ 
solve"  .  The  model  predicts  that  if  a  crystal  irradiated  at  low 
temperature  is  warmed  up  in  the  dark  to  a  temperature  where 
F-centers  can  diffuse  and  then  cooled  down  again,  it  should  no 
longer  be  possible  to  remove  the  pinning  points  by  illumination, 
as  is  observed. 

Another  experiment  by  BakerAZ/ establishes  the  result  the. 
the  velocities  observed  by  Johnston  and  Gilman  are  not  the 
velocities  of  the  dislocations  at  a  given  stress  level,  but 
only  the  velocities  of  the  pinning  points.  Baker  observes 
periodic  dislocation  motion  of  amplitude  1000b  at  stress  levels 
an  order  of  magnitude  below  the  macroscopic  yield  stress.  The 
velocity  of  the  dislocations  is  then  of  order  Icny'sec  (v  ~  dw, 
where  d  is  the  eunplitude  of  motion  and  w  is  the  frequency  of 
oscillation) .  This  result  demonstrates  that  the  Peierls  force 
is  not  effective  in  limiting  dislocation  motion.  The  dis¬ 
locations  oscillate  at  high  speeds  between  pinning  points.  The 
overall  motion  of  the  dislocations  is  limited  by  the  speed  of  the 
pinning  points .  This  result  is  a  good  example  of  ways  by  which 
internal  friction  measurements  can  help  to  distinguish  between 
various  postulated  deformation  mechanisms. 
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The  fact  that  the  dislocations  in  NaCl  are  not  Peierls 
stress  limited  can  also  be  seen  from  the  low  temperature 
elastic  modulus  measurements  of  Bauer  and  Gordon! 6/  shown  in 
Fig.  3.  The  fact  that  the  modulus  of  unirradiated  NaCl  is 
lower  than  that  in  the  irradiated  state  shows  that  the  dis¬ 
locations  are  mobile  even  at  helium  temperatures. 

As  a  final  example  of  the  study  of  dislocation-pinning 
point  interactions  we  may  note  the  interesting  observation 
made  by  Hikata  and  Tutumiii/ shown  in  Fig.  6.  They  find  a 
striking  similarity  in  the  curves  of  creep  rate  and  ultrasonic 
attenuation  in  aluminum  at  room  temperature.  In  this  case  the 
pinning  points  must  be  carried  along  with  the  dislocations  as 
they  move  through  the  lattice.  This  suggests  that  jogs  may  be 
the  effective  pinning  points  in  these  measurements.  The 
similarity  in  the  shape  of  the  curves  may  be  understood  if 
both  depeno  primarily  on  the  distance  between  pinning  points 
and  this  distance  is  assumed  to  decrease  with  time  at  constant 
load.  This  is  so  because  both  attenuation  and  creep  rate 
depend  sensitively  upon  t.ie  distance  L  between  pinning  points. 
The  former  depends  upon  the  4th  power  of  L,  whereas  the  latter 
should  depeno  exponentially  upon  L.  Presumably,  L  decreases 
because  of  jog  formation  in  dislocation  intersections. 
Measurements  ot  both  attenuation  and  velocity  should  permit  one 
to  compute  the  creep  rate  curve  completely  from  ultrasonic 
data . 

C.  Point  defect-phonon  interactions.  An  example  of  the  way  in 
which  point  defect  diffusion  migration  activation  energies 
can  be  dete^ined  is  given  by  the  analysis  by  Granato,  Hikata 
and  Liickei^of  the  recovery  data  of  A.D.N.  Smith.  Smith 
deformed  copper  specimens  by  1  percent  and  measured  the  recovery 
of  the  modulus  as  a  function  of  temperature  and  recovery  time. 

By  assuming  that  the  recovery  mechanism  is  the  pinning  of 
dislocations  by  deformation  induced  defects,  an  activation 
energy  of  1  eV  was  found,  which  was  assumed  to  be  thit  for 
vacancy  migration  energy.  At  the  time  of  this  assignment,  all 
other  assignments  for  this  quantity  were  either  near  0.8  eV 
or  less  or  1.2  eV  or  more.  In  the  meantime,  the  miaration 
energy  has  been  determined  by  Simmons  and  Balluf fi^i' and  the 
ultrasonic  value  is  the  only  previous  assignment  in  agreement 
with  their  value.  This  suggests  that  the  ultrasonic  method 
may  be  a  useful  one  for  such  studies. 

A  second  excunple  of  the  way  in  which  ultrasonic  effects 
can  be  used  in  the  study  of  point  defect  motion  is  provided 
by  the  measurements  of  Thcsnpson,  Blewitt  and  Ho lmes,.££/ shown 
in  Fig.  7.  In  this  experiment  the  modulus  (or  frequency)  of 
a  copper  specimen  was  measured  as  a  function  of  temperature 
after  a  neutron  bondaardment .  The  modulus  at  first  decreases 
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with  temperatvire  in  the  normal  way^  but  at  about  this 

process  is  interrupted.  Interstitials  are  known  to  move  at 
this  temperature,  and  presumably  the  normal  decrease  of 
BK>dulus  is  being  compensated  by  dislocation  pinning  by  inter¬ 
stitials.  After  the  pinning  is  complete,  the  modulus  continues 
to  decrease  in  the  normal  fashion.  When  the  specimen  is 
recooled,  no  anomalous  effects  occur,  indicating  that  the  dis¬ 
locations  are  now  fully  pinned  and  no  longer  contribute  to  the 
modulus.  This  measurement  provides  a  good  example  of  the 
selectivity  property  of  ultrasonic  measurements.  Only  those 
interstitials  which  migrate  to  dislocations  are  detected. 
Electrical  resistance  measurements  show  that  annealing  occurs 
at  temperatures  below  40°K,  but  these  defects  do  not  travel 
to  dislocations. 

D.  Dislocation-dislocation  interactions.  It  may  be  expected 
that,  with  increasing  deformation,  dislocation-dislocation 
interactions  should  become  important.  A  mcocimum  in  the  damping 
as  a  function  of  deformation  is  often  observed However, 
for  deformations  of  less  than  a  few  percent,  the  observed 
results  seem  to  be  understandable  on  the  basis  of  the  vibrating 
string  model,  neglecting  dislocation  interactions.  Some 
interesting  results  concerning  the  distribution  of  dislocations 
on  various  slip  systems  have  rece-itly  been  obtained  by  Hikata, 
Chick,  Elbaum  and  Truell.-=^  In  these  experiments,  ultrasonic 
attenuation  and  velocity  as  well  as  stress  were  measured 
continuously  as  a  function  of  strain.  The  aluminum  specimen 
was  oriented  for  single  slip,  and  ultrasonic  waves  of  two 
different  orientations  were  used.  The  results  are  shown  in 
Figs.  8  and  9.  In  Fig.  8,  results  are  given  for  the  case 
where  the  ultrasonic  wave  had  no  shear  stress  component  in 
the  primary  glide  system.  After  an  initial  rise,  the  stress- 
strain  curve  clearly  indicates  the  existence  of  easy  glide 
for  approximately  0.2  percent  tensile  strain.  The  correspond¬ 
ing  attenuation  change  is  very  similar  to  the  stress-strain 
curve,  with  little  increase  of  attenuation  during  the  easy 
glide  region  even  though  the  dislocation  density  is  increasing 
greatly  as  can  be  seen  from  the  results  of  Pig.  9.  The 
behavior  of  longitudinal  waves,  which  have  shear  stress  com¬ 
ponents  in  the  primary  glide  system,  is  quite  different.  As 
seen  in  Fig.  9,  the  attenuation  increases  quite  rapidly  with 
increasing  strain,  from  the  beginning  of  the  deformation,  and 
does  not  exhibit  auiy  special  characteristics  associated  with 
easy  glide.  These  results  show  clearly  the  sensitivity  of 
the  ultrasonic  measurements  to  the  distribution  of  dislocations. 
With  further  development  of  the  technique,  we  may  look  forward 
to  the  possibility  of  having  continuous  plots  of  dislocation 
density  and  loop  lengths  as  a  function  of  strain  in  various 
slip  systems. 
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A  second  point  of  much  Interest  in  these  measurements 
concerns  the  interesting  variations  in  the  ultrasonic  velocity. 
This  is  of  great  usefulness  in  checking  certain  fine  details 
in  the  predictions  of  the  theory ^-s^but  will  not  be  discussed 
here . 

V.  Conclusions . 

It  is  clear  that  ultrasonic  measurements  provide  us  with 
much  useful  information  concerning  defect  interactions  of 
importance  in  understanding  the  mechanical  behavior  of  crystals. 
In  this  review  we  have  discussed  qualitative  features  of  a  few 
selected  results ^  but  it  should  be  emphasized  that  results 
in  quantitative  form  are  obtained.  Some  of  the  conclusions 
which  have  been  noted  are: 

1.  The  physical  source  ot  the  sound  damping  is  the  dis¬ 
location-phonon  interaction.  Relativistic  dislocation  vel¬ 
ocities  cannot  be  achieved  in  copper  and  LiF  at  rocrni  temperature 
at  the  yield  stress . 

2 .  The  vibrating  string  model  is  confirmed  by  the  measure¬ 
ments.  This  model  appears  to  apply  even  for  moderate  (up  to  a 
few  percent)  deformation. 

3.  The  atomic  configuration  making  up  a  pinning  point  has 
been  identified  in  NaCl. 

4.  Deformation  in  common  alkali  halides  is  determined 
by  the  motion  of  pinning  points.  The  dislocation  is  free  to 
move  between  such  points.  Similar  considerations  seem  to  apply 
for  creep  in  aluminum. 

5  The  migration  activation  energies  of  point  defects  in 
small  concentrations  can  be  determined  ultrasonically . 

6.  A  detailed  description  of  dislocation  densities  and 
loop  lengths  in  various  slip  systems  may  be  obtained  ultra¬ 
sonically. 

Work  currently  in  progress  on  the  effect  of  thermal 
fluctuations  on  dislocation  unpinning  promises  to  provide  us 
with  useful  ’  r.formation  concerning  the  temperature  dependence 
of  the  yield  stress .  There  is  a  need  for  models  suitable  for 
describing  the  internal  friction  of  heavily  deformed  materials. 
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Fig.  1 


Fig.  2 


Low  Frequency 
High  Frequency 


Schematic  dislocation  displacement  y(x)  as  a 
function  of  coordinate  x  for  a)  low  frequencies  and 
b)  high  frequencies.  At  low  frequencies  the  displacement 
is  limited  by  tens,  m  forces.  At  high  frequencies,  the 
displacement  is  limited  by  viscous  forces. 


f««uocr  wMuciac}  Ptn  vcws* 


Velocity  dispersion  for  compressional  elastic  waves 
propagating  in  the  (100)  direction  in  NaCl.  Deformation 
Increases  the  magnitude  of  the  dispersion  from  0.5%  to 
4%  and  moves  it  to  lower  frequencies.  (After  Granato, 
de  Klerk  and  Truell.) 
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Pig.  3 


Pig.  4 


Ihe  dislocation  decrement  as  a  function  of  frequency 
for  several  times  during  cobalt  gaunma  Irradiation  in 
a  6000  curie  source.  Die  solid  curves  are  theoretical. 
(After  R.  M.  Stern  euid  A.  Granato.) 


Behavior  of  the  modulus  change  of  a  deformed  MaCl 
crystal,  ^Y,  during  successive  x- irradiations  and  exposure 
to  visible  illumination.  (After  Bauer  and  Gordon.) 
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Fig.  5  Depead'sKce  of  the  resonant  frequency  of  a  deformed 

NaCl  crystal,  before  and  after  x- Irradiation,  on 
temperatures  betvreen  liquid-heliinn  and  liquid  nllurogen 
teii9)erature .  ^  represents  the  ro<xn  temperature  specimen 

length.  (After %auer  and  Gordon.) 


Fig.  6  Curve  S:  Creep  strain-time  relation. 

Curve  a:  Attenuation-time  relation. 
Curve  R:  Creep  rate-time  relation. 
Curve  a':  Recovery  of  attenuation. 
(After  Hlkata  and  Tutuml.) 
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RESONANT  FREQUENCY 


T,  TEMPERATURE  (“K) 


Fig.  7  The  charge  In  resonant  frequency  with  tenqperat 

upon  wanning  up  from  fast  neutron  Irradiation  at  20 *K. 
(After  Thompson,  Blewltt  and  Holmes.) 
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Pig.  8 


Akjmnum  Crystci 


Stress,  shesi.  wave  attenuation  and  velocity  change 
as  a  function  of  total  strain  for  <0.5>  orientation. 

The  polarization  direction  of  the  shear  wave  is 
perpendicular  to  the  projection  of  primary  slip  direction 
on  end  surface.  (After  Hlkata,  Chick,  Elhaum  and  Truell.) 


21 


Pig.  9 


Stress,  longitudinal  wave  attenuation  and  velocity 
change  as  a  function  of  total  strain  for  <0.5> 
orientation.  (After  Hlkata,  Chick,  Elbauro  and  Truell.) 
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STORED  ENERGY  AND  SIBSIRUCTURE 


Vichael  B.  Bever 
Department  of  Metallurgy 
Massachusetts  Institute  of  Technology 


1.1  Stored  Energy  and  Substructure 

The  stored  energy  of  cold  work  is  the  sum  of  the  energy  effects  of  the  im¬ 
perfections  created  by  the  deformation  process  and  retained  until  the  time  of 
measuring.  In  view  of  the  difficulty  of  differentiating  between  the  effects  of 
various  structural  elements,  measurements  of  the  stored  energy  may  appear  to  hold 
little  promise  of  contributing  to  the  knowledge  of  substructure.  Yet  the  stored 
energy  of  cold  work  not  only  has  been  interpreted  in  terms  of  variables  of  the 
deformation  process  and  the  deformed  metal,  but  is  becoming  increasingly  well  un¬ 
derstood  in  relation  to  structural  factors.  This  paper  will  be  concerned  with 
the  relation  of  the  stored  energy  to  the  substructure  on  the  basis  of  the  perti¬ 
nent  literature. 

1.2  Types  of  Substructure 

In  the  broadest  sense,  the  substructure  comprises  all  imperfections  present 
within  the  grain  boundaries  (large-angle  boundaries)  of  a  polycrystalline  metal 
or  present  in  a  single  crystal.  This  will  be  called  here  the  "total  substructure" 
without  further  differentiation.  The  subboundaries  (low-angle  boundaries),  con¬ 
ventionally  designated  "substructure"  are  revealed  at  an  intermediate  level  of 
resolution.  They  will  be  called  "intermediate  substructure".  At  the  ultimate 
level,  the  substructure  is  composed  of  crystal  imperfections  such  as  dislocations, 
point  defects,  stacking  faults,  and  twinning  faults.  Imperfections  may  occur  in¬ 
dividually  or  they  may  interact  with  other  members  of  their  own  class  or  with 
members  of  one  of  the  other  classes.  The  imperfections  will  be  classified  here 
as  "ultimate  substructure". 

In  solid-solution  alloys  deformation  may  in  addition  to  structural  effects 
cause  configurational  effects,  such  as  the  destruction  of  short-range  and  long- 
range  order  and  changes  in  the  interaction  of  imperfections  with  solute  atoms. 
These  processes  affect  the  stored  energy,  but  the  destruction  of  order  is  not 
normally  considered  as  a  change  in  substructure. 

Metals  in  the  as-solidified  or  annealed  state  contain  some  elements  of  sub¬ 
structure.  A  small  part  of  this  is  an  equilibrium  feature,  but  most  is  due  to 

non-equilibrium  causes.  However,  the  substructure  present  in  as-solidified  or 
annealed  metals  is  of  limited  extent  and  its  energy  effects  are  so  small  that  they 
can  usually  be  ignored.  Pronounced  substructures  are  generated  by  cold  work,  ir¬ 
radiation,  creep,  cyclic  loading,  electrodeposition  and  thermal  shock.  This  dis¬ 

cussion  will  be  limited  to  the  substructure  formed  by  cold  work. 
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1,3  Measurement  of  the  Stored  Energy 


The  stored  energy  of  cold  work  as  a  function  of  variables  and  its  release 
during  annealing  have  been  subjects  of  extensive  investigation.  The  et.ergy  ex¬ 
pended  in  the  deformation  process  and  the  ratio  of  the  stored  to  the  expended 
energy  have  attracted  interest  since  the  earliest  investigations  of  the  stored 
energy.  More  recently  efforts  have  been  made  to  relate  stored  energy  measure¬ 
ments  to  changes  during  deformation  and  annealing  in  such  properties,  as  hardness, 
electrical  conductivity  and  density,  and  structural  changes  have  been  followed  by 
light  microscopy,  electron  microscopy  and  X-ray  diffraction. 

The  methods  of  measuring  the  stored  energy  of  cold  work  are  of  two  types. 
Single-step  methods  determine  the  stored  energy  as  the  difference  between  the 
expended  work  and  the  heat  evolved  during  deformation.  The  work  is  determined 
from  stress-strain  relations  or  by  such  means  as  a  ballistic  pendulum.  The  heat 
is  determined  from  the  adiabatic  temperature  rise  of  the  specimen  or  by  deforma¬ 
tion  inside  a  calorimeter.  The  single-step  methods  are  unique  in  that  they  can 
supply  information  on  the  kinetics  of  heat  evolution  during  and  immediately 
after  the  deformation  process. 

In  the  two-step  methods,  the  specimen  is  deformed  and  the  stored  energy  is 
then  measured  calorimetrically.  The  calorimetric  methods  measure  the  heat  effects 
of  bringing  the  cold  worked  and  a  standard  specimen  tp  the  same  final  state,  such  ' 
as  the  annealed  state  or  solution  in  a  solvent.  Annealing  methods  also  give  in¬ 
formation  on  the  kinetics  of  energy  release  during  thP  annealing  of  cold  worked 
metals.  Another  two-step  method  involves  metal  solution  calorimetry;  for  the  re¬ 
quired  precision,  special  combinations  of  solutes  and  solvents  have  to  be  used, 
such  as  gold-silver  alloys  and  a  tin  solvent. 

In  most  methods,  the  enthalpy  rather  than  the  internal  energy  of  cold  work 
is  measured.  Their  difference,  however,  is  negligible. 


2.  The  Total  Stored  Energy  as  a  Function  of  Variables 


The  total  sto.ed  energy,  representing  the  total  substructure,  is  a  function 
of  macroscopic  variables  which  affect  either  the  deformation  process  or  the  de¬ 
formed  metal.  In  the  former  category  are  the  strain,  the  deformation  temperature, 
the  strain  rate  and  the  type  of  deformation.  In  the  latter  category  are  the  na¬ 
ture  and  composition  of  the  metal  and  its  grain  structure.  The  effects  of  these 
variables  will  be  summarized  in  this  section.  A  detailed  account  may  be  found 
in  a  review  of  the  subject  of  the  stored  energy  (Titchener  and  Bever,  1958)*, 

2.1  Strain 


The  stored  energy  increases  with  strain  at  small  and  moderate  strains.  The 
results  of  several  investigations  of  copper  are  plotted  in  Fig.  1  (Clarebrough 


*  The  references  are  listed  alphabetically  at  the  end  of  this  paper. 
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Hargreaires  and  West,  1955;  Clarebrough,  Hargreaves  and  Loretto,  1958;  Gordon,  1955; 
figure  after  Titehener,  1%1).  The  decrease  in  the  rate  of  energy  absorption 
with  increasing  strain  should  be  noted.  The  energy  stored  by  a  gold-silver  alloy 
deforwed  at  room  temperature  and  78°K  is  shown  in  Fig.  2  (Appleton  and  Bever,  19^; 
Titehener  and  Bever,  1959).  At  room  temperature,  the  energy  stored  by  this  alloy 
approaches  a  saturation  value  both  in  torsion  and  wire  drawing.  No  decrease  in 
the  rate  of  energy  absorption  was  observed  at  TB^K. 

2.2  Temperature 

As  the  temperature  of  deformation  decreases,  the  stored  energy  increases. 

This  relation,  which  is  shown  in  Fig.  2  and  more  explicitly  in  Fig.  3  (Appleton 
and  Bever,  1963)  can  be  expressed  by  stating  that  the  stored  energy  increases  with 
a  decrease  in  the  ratio  of  the  temperature  of  deformation  T  to  the  melting  point 
T  and  the  ratio  of  the  temperature  of  deformation  to  the  rl^crystallization  tem¬ 
perature  T^. 

2.3  Strain  Rate 


The  strain  rate  can  have  an  effect  on  the  amount  of  energy  stored.  While  at 
low  and  intermediate  rates  the  energy  stored  by  a  gold-silver  alloy  is  independent 
of  strain  rate,  with  further  increases  in  strain  rate  it  first  increases  and  then 
decreases  (Titehener  and  Bever,  1959).  A  maximum  in  the  stored  energy  has  been 
found  at  4^K  (Appleton  and  Bever,  1963).  The  decrease  in  the  energy  probably  can 
be  attributed  to  a  rise  in  temperature  of  the  specimens. 

2.4  Deformation  Process 


Although  the  values  for  torsion  and  wire  drawing  in  Fig.  2  are  nearly  equal, 
different  deformation  processes,  under  otherwise  identical  conditions,  can  lead 
to  saturation  values  of  the  stored  energy  which  differ  appreciably  (Titehener  and 
Bever,  1959).  This  difference  is  probably  at  least  in  part  due  to  differences  in 
the  temperature  rise  caused  by  the  deformation  process,  but  differences  in  micro- 
plastic  behavior  may  also  play  a  role. 

2.5  Nature  of  Metallic  Element 


Knowledge  of  the  dependence  of  the  stored  energy  on  the  metal  is  limited. 

Host  measurements  have  been  made  on  face  centered  cubic  metals.  Also,  a  comparison 
of  different  metals  is  complicated  by  the  effect  of  impurities  on  the  stored  energy. 
However,  in  general,  the  stored  energy  increases  with  the  melting  point  and  re¬ 
crystallization  temperature  of  a  metal.  This  generalization  is  consistent  with 
the  increase  in  the  stored  energy  as  the  ratios  of  the  temperature  of  deformation 
to  the  melting  temperatures  (T  /T  )  and  to  the  recrystallization  temperature 
(T^/T^)  decrease. 

2.6  Composition 

The  stored  energy,  in  general,  increases  with  impurity  content.  White  and 
Koyama,  1%2,  discussed  their  observations  and  observations  by  Clarebrough  et  al., 
19^,  according  to  which  impurities  may  either  increase  or  decrease  the  amount  of 
energy  stored. 
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Larger  coccentrations  of  solute  tend  to  increase  the  stored  energy;  as  shown 
in  Fig.  4  for  the  gold-silver  system  (Greenfield  and  Bever,  1957).  At  most,  only 
a  fraction  of  this  increase  (a  maximum  of  about  30  cal/g-atom  at  50  at.  pet)  is 
due  to  the  destruction  of  short-range  order.  The  increase  of  the  stored  energy  is 
related  to  the  increase  of  the  recrystallization  temperature  with  increasing 
solute  concentration. 

2.7  Grain  Structure 


At  low  strains,  fine-grained  copper  under  otherwise  identical  conditions 
stores  a  measurably  larger  amount  of  energy  than  coarse-grained  copper,  as  shown 
in  Fig.  1  (Clarebrough  et  al.,  1958).  This  effect  has  also  been  observed  by 
Loretto  and  White,  1961;  White,  1962;  and  Williams,  1962. 

2.8  The  Ratio  of  the  Stored  to  the  Expended  Energy 

The  expended  energy  has  a  bearing  on  thd  mechanisms  of  energy  storage  and 
work  hardening.  Fig.  5  shows  the  ratio  of  the  stored  to  the  expended  energy  E  /E 
as  a  function  of  strain  at  room  temperature  and  78‘^K  for  a  gold-silver  alloy 
deformed  in  torsion  (Appleton  and  Bever,  1963). 


3.  The  Release  of  the  Stored  Energy 
3. 1  General 


A  cold  worked  metal  is  unstable  and  under  favorable  kinetic  conditions  re¬ 
turns  to  the  annealed  state  by  recovery  and  recrystallization.  The  driving  force 
for  these  restoration  processes  is  the  free  energy  of  cold  work.  In  general, 
it  is  nearly  equal  to  the  internal  energy,  that  is,  to  the  stored  energy  bf  cold 
work  usually  measured. 

The  stored  energy  is  released  during  the  restoration  processes  and  the  ki¬ 
netics  of  this  release  are  indicative  of  the  kinetics  of  these  processes.  The 
release  of  stored  energy  often  takes  place  in  well  defined  temperature  ranges  or 
time  intervals;  in  some  cases,  it  is  possible  to  assign  peake  in  the  release 
curves  to  a  specific  mechanism,  such  as  the  annealing  out  of  vacancies  or  re¬ 
crystallization.  The  energy  released  during  prerecrystallization  stages  and  the 
energy  released  during  recrystallization,  expressed  as  fractions  of  the  total 
stored  energy,  E  /E  and  E  /E  are  significant  in  interpreting  the  substructure. 

^  S  JT  S 

The  energy  release  can  be  investigated  by 

(1)  anisothermal  annealing  as  a  function  of  temperature  during 

continuous  heating 

(2)  isothermal  annealing  as  a  function  of  time  at  constant 

temperature 

(3)  isochronal  annealing  as  a  function  of  anrealing  for 

fixed  times  at  different  temperatures 
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A  special  aeoiiaHisD  of  energy  release  iavolres  neehanical  deformation  (work 
softening). 

The  literature  an  the  release  of  the  stored  energy  will  be  suaiarized 
briefly  in  this  section.  It  has  been  reriewed  extensively  in  several  publica¬ 
tions  (Bever,  1957;  Tltehener  and  Bever,  1958;  Clarebrough,  Hargreaves  and 
Loretto,  l%2s). 

3,2  Anisotherwal  Annealing 

Following  earlier  investigations  of  the  stored  energy  by  anisothermal  an¬ 
nealing,  such  as  those  of  Sato,  1931,  and  Quinney  and  Taylor,  1937,  a  series 
of  papers  by  Clarebrough,  Hargreaves  and  their  collaborators  has  made  great 
contributions  to  the  knowledge  of  the  release  of  stored  energy  and  the  kinetics 
of  the  restoration  of  cold  worked  metals.  Typical  examples  of  their  results  will 
be  presented. 

The  energy  release  by  pure  copper  during  continuous  heating  is  shown  in 
Fig.  6  (Clarebrough,  Hargreaves  and  West,  1955).  The  release  is  almost  entirely 
due  to  recrystallization  which  is  represented  by  the  peak  in  the  curve.  This  is 
preceded  by  a  small  recovery  effect.  The  decreases  in  hardness  and  electrical 
resistivity  during  recrystallization  should  be  noted. 

The  energy  release  by  copper  containing  0.35%  arsenic  and  0.05%  phosphorus 
is  shown  in  Fig.  7  (Clarebrough  et  al.,  1955).  A  plateau  in  the  release  curve 
preceding  the  recrystallization  peak  indicates  the  occurrence  of  prerecrystalli¬ 
zation  phenomena.  Similar  prerecrystallization  processes  probably  take  place  in 
pure  copper  at  or  near  room  temperature,  but  impurities  restrain  these  processes, 
which  then  occur  at  higher  temperatures  where  they  can  be  observed  during  an¬ 
nealing  experiments. 

The  energy  release  by  commercial  nickel  is  shown  in  Fig.  0  (Clarebrough 
et  al,,  1955).  The  prerecrystallization  phenomena  include  a  small  well  developed 
peak,  which  is  attributed  to  the  annealing  out  of  vacancies.  Clarebrough, 
Hargreaves,  Loretto  and  West,  1960,  found  such  a  peak  also  in  nickel  of  higher 
purity,  but  the  plateau  was  absent.  Part  of  the  release  curve  for  commercial 
nickel  has  been  explained  by  calculations  of  Nicholas,  1955,  who  assumed  that 
point  defects  anneal  out  at  the  boundaries  of  subgrains.  The  first  decrease  in 
the  resistivity  curve  shown  in  Fig,  8,  which  is  not  accompanied  by  a  change  in 
hardness,  also  indicates  the  annealing  out  of  vacancies. 

Michell  and  coworkers  have  combined  measurements  by  anisothermal  calorimetry 
of  the  energy  stored  in  nickel  with  structural  investigations  by  X-ray  diffraction 
(Michell  and  Haig,  1957;  Michell  and  Lovegrove,  1960), 

Anisothermal  annealing  can  be  adapted  to  operation  below  room  temperature. 

In  an  investigation  of  copper,  deformed  at  88°K,  Henderson  and  Koehler,  1956, 
found  several  distinct  annealing  stages  and  substages.  Van  den  Beukel,  1961,  qual¬ 
itatively  confirmed  these  findings  for  copper  and  also  reported  results  for  gold, 
silver,  and  nickel. 
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3.3  Isothermal  Annealing 


Measurements  of  the  release  of  stored  energy  by  isothermal  annealing  are  of 
fundamental  importance  and  have  contributed  much  to  the  understanding  of  the 
kinetics  of  energy  release,  Borelius,  Berglund  and  SjOberg,  1952,  applied  iso¬ 
thermal  calorimetry  to  measuring  the  energy  stored  by  aluminum,  copper  and  zinc 
and  Gordon,  1955,  using  the  same  method,  measurgd  the  energy  stored  in  copper. 

Some  of  Gordon's  results  are  shown  in  Fig.  9,  Astrflm,  1955,  annealed  specimens 
of  aluminum  isothermally  at  progressively  higher  temperatures  and  followed  changes 
in  their  substructure  by  metallography.  Some  of  his  results  are  shown  in  Fig.  10, 
Bailey  and  Hirsch,  1960,  combined  isothermal  calorimetry  of  the  stored  energy  in 
silver  with  electron  transmission  microscopy.  The  interpretation  of  their  stored 
energy  measurements  in  terms  of  the  substructure  observed  by  them  has  attracted 
particular  attention. 

3.4  Isochronal  Annealing 

The  stored  energy  present  in  a  gold-silver  alloy  after  deformation  at  78°K 
or  room  temperature  and  holding  for  various  times  at  different  temperatures  is 
shown  in  Fig,  11  (Greenfield  and  Bever,  1956).  After  deformation  at  70®K,  two 
stages  of  release  are  indicated. 

The  curve  in  the  lower  part  of  Fig,  12  shows  the  energy  release  during  iso¬ 
chronal  annealing  of  filings  of  a  gold-silver  alloy  (Averbach,  Bever,  Comerford 
and  Leach,  1956).  This  curve  is  consistent  with  the  corresponding  curve  in 
Fig,  11,  The  upper  part  of  Fig.  12  shows  results  of  a  correlated  X-ray  investi¬ 
gation  and  hardness  values,  which  will  be  discussed  below. 

3.5  Work  Softening  Effect 

Observations  of  a  work  softening  effect  are  shown  in  Fig,  13  (Titchener  and 
Bever,  1960).  A  specimen  cold  worked  at  78°K  released  energy  when  brought  to 
room  temperature  as  the  thermally  unstable  imperfections  annealed  out.  Additional 
deformation  at  room  temperature  caused  a  further  decrease  in  the  stored  energy  by 
the  removal  of  mechanically  unstable  imperfections.  This  second  decrease  in 
stored  energy  was  accompanied  by  a  decrease  in  microhardness,  which  indicated  that 
dislocations  played  a  part  in  the  process. 

An  appreciable  decrease  in  the  stored  energy  occurs  when  specimens  of  a  gold- 
silver  alloy  deformed  at  4°K  are  brought  to  78®K  (Appleton  and  Bever,  1963).  No 
work  softening  was  found  to  result  from  secondary  deformation  at  78<’K  after  pri¬ 
mary  deformation  at  4°K,  but  the  strain  levels  as  well  as  the  temperatures  were 
different  from  those  of  the  earlier  investigation. 
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Stored  Eaeray  aad  Total  Sabitrucfr* 


Siaee  the  total  stored  eiergy  reprefeats  the  total  sabstraetare,  the  effects 
of  rariables  oa  the  stored  eaergy  are  alfo  iadieatlre  of  their  effects  oa  the  sab 
stractare.  The  coaclasioas  which  caa  be  drawa  oa  this  basis  will  be  sasaiariaed. 

4.1  Straia 


The  iacrease  ia  stored  eaergy  with  iacreasiag  straia  caa  be  attribated  to  aa 
iacrease  ia  the  aaaber  of  iaperfectioas  and  aa  iateasificatioa  of  their  iater- 
actioa  as  the  defomatioa  progresses.  The  increase  in  the  energy  also  raises  the 
qaestioB  as  to  whether  new  types  of  iwperfections  are  generated  at  higher  strains. 
Ihder  conditions  where  the  stored  energy  attains  saturation,  the  substructure 
reaches  a  steady  state  in  the  sense  that  as  many  imperfections  are  formed  as  are 
released  by  a  work  softening  mechanism.  In  this  connection,  it  is  significant 
that  measurements  of  the  stored  energy  can  be  made  after  deformation  to  moderate 
and  large  strains  at  which  the  substructare  is  so  highly  developed  and  so  complex 
that  it  cannot  be  observed  directly  in  detail.  Stored  energy  measurements  because 
of  their  statistical  or  integrating  nature,  therefore,  assume  a  particular  use¬ 
fulness  at  higher  strains. 

4.2  Temperature 

The  increase  in. stored  energy  with  decreasing  temperature  suggests  that  the 
number  of  imperfections  increases  and  that  they  may  interact  with  each  other  more 
intensively.  It  is  also  known  from  other  evidence  that  at  low  temperatures,  addi¬ 
tional  types  of  imperfections  are  generated.  The  extent  to  which  the  increase  in 
the  energy  is  due  to  the  suppression  of  thermally  activated  processes  of  energy 
release  is  not  well  known.  The  ratio  of  the  stored  to  the  expended  energy  may 
give  some  semi-quantitative  information  on  this  problem  and  some  light  may  be  shed 
on  it  by  a  suitable  application  of  a  single-step  method  of  stored  energy  measure¬ 
ment. 

4.3  Composition 

The- tendency  of  impurities  and  solute  additions  to  increase  the  stored  energy 
is  connected  with  their  tendency  to  cause  the  retention  of  imperfections. 

4.4  Grain  Structure 


The  increase  in  stored  energy  with  decreasing  grain  size  at  small  strains 
suggests  that  substructure  forms  more  readily  or  is  retained  more  completely  in 
fine-grained  metals.  The  elimination  of  this  difference  with  increasing  strain 
can  be  explained  by  the  progressive  accumulation  of  imperfections  in  the  in¬ 
teriors  of  the  grains  regardless  of  their  size. 

Conrad  and  Christ,  1962,  related  the  dependence  of  stored  energy  on  grain 
size  to  the  variation  in  dislocation  density  with  the  grain  size  of  the  deformed 
Bwtal.  They  based  their  argument  on  the  decrease  in  the  average  distance  moved 
by  a  dislocation  owing  to  the  increase  in  the  number  of  dislocation  sources  with 
increasing  grain  boundary  area. 
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4.5  General 


It  has  been  shown  in  this  section  that  four  of  the  seven  variables  affecting 
the  stored  energy  mentioned  in  Section  2  permit  some  conclusions  to  be  reached 
concerning  the  substructure.  Corresponding  conclusions  are  also  possible  for  the 
other  variables.  Further  insight  into  the  effects  of  variables  can  be  gained  from 
investigations  of  the  stored  energy  in  which  simultaneous  changes  of  other  proper¬ 
ties  are  investigated. 


5,  Stored  Energy  and  Intermediate  Substructure 


The  intermediate  substructure,  as  defined  in  this  paper,  consists  of  the  sub¬ 
boundaries.  A  correlation  between  the  intermediate  substructure  and  the  stored 
energy,  therefore,  requires  some  coordinated  knowledge  of  the  sub^oundaries.  Nork 
involving  both  stored  energy  and  substructura  was  carried  out  by  AstrOm,  1955, 
who  used  light  microscopy,  and  by  Averbach  et  al.,  1956,  and  Michell  and  co¬ 
workers,  1957  and  1960,  who  used  X-ray  diffraction  methods. 

o 

Astrdm's  values  of  the  stored  energy  and  hardness  are  shown  in  Fig.  10.  He 
deduced  from  these  data  and  his  metallographic  observations  that  (1)  f-.  recovery 
process  (not  involving  detectable  structural  changes)  occurred  at  about  80<^, 

(2)  the  substructure  underwent  a  change  between  160  and  250‘^C  and  (3)  the  metal 
recrystallized  at  350°C,  He  did  not  definitely  identify  the  process  involving 
the  substructure,  but  suggested  that  it  was  either  subgrain  growth  or  polygoniza- 
tion,  or  both, 

Averbach  et  al.,  1956,  measured  by  calorimetry  the  energy  stored  in  filings 
of  a  gold-silver  alloy  in  the  deformed  state  and  after  annealing  at  different  tem¬ 
peratures  between  room  temperature  and  500'’C  (Fig.  12).  They  measured  the  elas¬ 
tic  strain  energy  and  the  short-range  order  parameter.  From  the  latter,  they 
calculated  by  the  quasi-chemical  theory  energy  values  after  different  annealing 
treatments.  No  stacking  faults  or  twin  faults  were  observed.  Averbach  et  al. 
subtracted  the  energy  effects  due  to  strain  and  changes  in  short-range  order  from 
the  stored  energy  measured  calorimetrically  and  considered  the  remainder  to  be 
interfacial  energy.  They  estimated  the  total  interfacial  area  from  the  particle 
size  measured  by  X-ray  diffraction  and  from  this  derived  a  specific  interfacial 
energy.  The  results,  recalculated  after  some  corrections,  arising  from  a  dis¬ 
cussion  by  Michell,  1956,  appear  to  be  reasonable;  in  particular,  they  show  an 
upward  trend  after  annealing  above  25()<’C  (Averbach,  Bever,  Comerford  and  Leach, 
1956). 

In  the  cold  worked  specimens  approximately  two-thirds  of  the  stored  energy 
was  accounted  for  by  interf.acial  energy,  only  5X  by  elastic  strain  and  the  balance 
by  the  destruction  of  short-range  order.  During  recovery,  the  subgrain  sine  in¬ 
creased  slightly,  a  small  amount  of  stored  energy  was  released,  presumably  dne 
to  this  subgrain  growth,  but  the  specific  interfacial  energy  changed  little. 

A  partial  relief  of  local  strains  occurred.  During  recrystallinatioa,  the  sab- 
grain  size  increased  rapidly,  the  specific  interfacial  energy  increased,  pre¬ 
sumably  to  a  value  of  the  random  grain  boundary  energy,  and  the  remaining  local 
strains  disappeared. 
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Hiekell  aid  Haig,  1957,  eoabiaed  a  ttruetaral  iareatigatlon  by  X-ray  dif- 
fraetioa  of  aiekel  griadligs  before  aid  after  aiaealiag  with  BeaiureHeata  of  the 
ftored  eiergy.  The  appareat  particle  aizes  of  the  defonaed  powder  exteaded  over 
aa  appreciable  raage  depeadlag  oa  the  Maaer  of  aaalyiia  aad  the  eaorgiei  calea- 
lated  frow  thaw  showed  a  correspoadiag  raage.  AlsO(.  the  calculated  values  of  the 
eaergy  were  lower  thaa  the  Measured  value.  The  authors  discussed  this  discrepaacy 
ia  terns  of  the  assuwed  distributloa  of  atraias.  Two  stages  ia  the  relief  of  straia 
were  observed.  The  first,  which  did  aot  iavolve  a  chaage  ia  particle  size,  was 
attributed  to  recovery  aad  the  secoad  occurred  duriag  recrystallizatioa  with  aa 
attendant  increase  in  apparent  particle  size. 

Michell  and  Lovegrove,  i960,  reported  a  sinilar  investigation  of  the  aaaeal- 
ing  of  bulk  specinens  of  nickel.  The  stored  energies  derived  from  various  methods 
of  analysis  of  particle  size  were  spread  over  a  large  raage.  Best  agreement  with 
the  measured  energy  values  was  obtained  by  assuming  a  Gaussian  distribution  of  the 
strain. 

The  iiiq>ortance  of  the  interfacial  energy  of  subpartieles,  which  is  brought 
out  by  the  X-ray  diffraction  investigations,  raises  the  question  as  to  how  changes 
in  the  stored  energy  resulting  from  changes  in  variables  are  related  to  the  inter¬ 
facial  energy.  As  an  example  of  this  problem,  it  may  be  considered  whether  the 
change  in  the  stored  energy  with  composition  is  associated  with  a  change  in  the 
interfacial  energy  and  if  so,  whether  this  is  due  to  a  change  in  the  total  inter¬ 
facial  area  or  in  the  specific  interfacial  energy. 

In  concluding  this  section,  a  consequence  of  the  method  of  finding  interfacial 
energy  of  subboundaries  by  subtracting  the  energies  of  all  other  mechanisms  from 
the  total  measured  energy  should  be  emphasized.  This  method  tends  to  overstate 
the  interfacial  energy,  which  will  be  reduced  as  energies  attributable  to  other 
mechanisms  are  considered.  In  general,  however,  these  energies  are  likely  to  be 
small. 


6.  Stored  Energy  and  Ultimate  Substructure 


6.1  Dislocations 


Dislocations,  in  addition  to  making  up  the  subboundaries,  constitute  other 
elements  of  substructure.  They  may  occur  in  random  arrangements  or  in  regular  net¬ 
works  and  groups  such  as  pile-ups,  in  which  they  interact  with  each  other. 

The  simplest  analysis  of  the  stored  energy  in  terms  of  dislocations  assumes 
individual  non-interacting  dislocations.  The  measured  stored  energy,  or  that  part 
of  it  which  can  be  attributed  to  dislocations,  is  divided  by  the  estimated  value 
of  the  specific  energy  of  a  dislocation  in  order  to  find  the  dislocation  density. 
Alternatively,  if  the  dislocation  density  is  known  or  can  be  estimated,  the  spe¬ 
cific  energy  of  a  dislocation  can  be  found. 

Seitz  and  Read,  1941,  Koehler,  1941,  1942,  and  Bragg,  1945,  calculated  a  dis¬ 
location  density  of  10^^  per  cm^  after  cold  work  from  values  of  the  stored  energy 
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reported  by  Taylor  and  Quinney,  1934,  1937.  This  high  value  of  the  density  can 
be  explained  by  the  low  specific  energy  values  assumed  by  these  authors. 

In  more  recent  investigations,  dislocation  densities  derived  from  stored 
energy  values  have  been  compared  with  densities  derived  from  changes  In  other 
properties  measured  on  identical  samples.  Table  1  reports  the  results  for  copper 
of  Clarebrough,  Hargreaves  and  West,  1957.  The  dislocation  densities  obtained  by 
them  from  changes  in  the  hydrostatic  density,  AD/D,  are  larger  than  those  obtained 
from  the  stored  energy,  E  ;  the  incremental  resistivity,  Ap,  gave  even  larger 
values.  Clarebrough  et  af.  discussed  this  discrepancy  and  Boas,  1957,  commented 
on  a  similar  discrepancy  in  nickel.  Seeger,  1957,  pointed  out  that  the  disloca¬ 
tion  density  based  on  hydrostatic  density  changes,  recalculated  on  a  different 
basis,  agreed  satisfactorily  with  the  value  derived  from  the  stored  energy.  He 
also  suggested  that  the  dislocation  density  derived  from  the  resistivity  change 
might  be  reduced  if  stacking  faults  contributed  to  the  resistivity  change. 

Clarebrough  et  al.,  1962b,  reported  dislocation  densities  derived  from  stored 
energy  and  hydrostatic  density  changes  for  silver  and  gold,  together  with  the 
values  for  copper  based  on  the  investigation  by  Clarebrough,  Hargreaves  and  West, 
1957  (see  Table  2).  The  discrepancy  had  been  reduced  substantially  by  the  use  of 
a  new  figure  for  the  effect  of  a  dislocation  on  the  density  (Stehle  and  Seeger, 
1956).  Since  the  effects  of  dislocations  on  the  resistivity  of  copper,  silver 
and  gold  were  almost  identical,  in  spite  of  the  difference  in  the  stacking  fault 
energies  of  these  metals,  the  possibility  that  stacking  faults  make  significant 
contributions  to  the  resistivity  of  a  dislocation  seemed  to  be  ruled  out, 

Bailey  and  Hirsch,  1960,  from  dislocation  densities  measured  by  electron 
microscopy  and  calorimetric  values  of  the  stored  energy,  obtained  a  specific 
energy  of  a  dislocation  of  approximately  8  ev/atom  plane  in  polycrystalline  silver 
deformed  in  tension.  Electron  microscope  observations  showed  a  cellular  structure. 
No  change  was  observed  in  dislocation  densities  or  distribution  during  recovery, 
but  the  energy  remaining  after  recovery,  E  (released  during  subsequent  recrystal¬ 
lization),  was  only  about  half  the  total  scored  energy,  E  ,  except  at  high  strains. 
Pertinent  data  are  given  in  Table  3,  * 

Bailey  and  Hirsch  calculated  stored  energies  of  dislocations  occurring  singly 
(E^)  and  in  groups  of  two,  three,  and  four  dislocations  (E2,  E3,  and  E4).  Table  4 
lists  these  energies  for  different  values  of  the  radius,  R,  of  the  stress  field. 
The  agreement  of  the  calculated  values  with  the  measured  value  is  satisfactory, 
especially  for  the  largest  value  of  R  and  groups  of  three  or  four  dislocations. 

The  authors  concluded  that  the  interaction  energy  can  be  accounted  for  by  groups 
of  this  size,  the  long  range  stresses  of  which  do  not  cancel.  They  explained  the 
decrease  in  stored  energy  during  recovery  by  a  small  rearrangement  of  dislocations 
in  the  cell  boundaries.  They  concluded  that  the  stored  energy  values  were  com¬ 
patible  with  the  observed  dislocation  distribution  and  that  the  long-range 
stresses  weee  at  most  accounted  for  by  groups  of  three  or  four  dislocations  in 
the  cell  boundaries;  also,  after  recovery,  the  dislocation  energies  were  within 
a  factor  of  2  of  the  theoretical  value  of  the  self-energy.  In  particular,  they 
believed  that  no  pile-ups  needed  to  be  postulated  and  they  also  did  not  observe 
them  by  electron  microscopy. 
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Bailey  and  Hirsch  also  calculated  the  stored  energy  from  the  flow  stress 
assuming  a  pile-up  model.  The  values  are  shown  in  Table  5.  Since  they  were  M 
order  of  magnitude  larger  than  the  experimental  values,  the  authors  concluded 
that  the  pile-up  model  did  not  account  satisfactorily  for  the  flow  stress  and 
stored  energy.  They  found  fairly  close  agreement  between  the  experimental  values 
and  values  calculated  by  the  forest  theory.  They  attributed  the  remaining  dis¬ 
crepancy  to  some  long-range  stresses  or  a  contribution  of  point  defects  to  the 
stored  energy.  Since  the  dislocation  arrangements  observed  in  nickel,  copper, 
gold,  and  aluminum  were  similar  to  those  in  silver,  Bailey  and  Hirsch  concluded 
that  the  same  work  hardening  mechanism  operated  in  these  metals.  However,  since 
pile-ups  had  been  observed  in  stainless  steel  and  alpha  brass,  they  ateitted  the 
possibility  that  long-range  stresses  might  be  important  in  them. 

Clarebrough,  Hargreaves,  Head  and  Loretto,  1961,  eritici:;ed  the  equation  used 
by  Bailey  and  Hirsch  for  the  calculation  of  the  energy  from  the  flow  stress.  In 
particular,  they  stated  that  the  outer  cut-off  radius  should  not  appear  in  it. 

They  derived  an  equation  for  the  stored  energy  from  an  analysis  due  to  Stroh,  1953. 
They  calculated  values  for  several  metals;  that  for  silver  is  included  in  Table  5. 
Clarebrough  et  al.  concluded  that  the  pile-up  theories  could  not  be  dismissed  on 
the  basis  of  the  measurements  of  the  flow  stress  and  the  stored  energy  alone,  but 
also  emphasized  that  the  agreement  should  not  be  taken  as  proof  of  their 
correctness. 

Clarebrough  et  al.  pointed  out  that  earlier  results  for  nickel  (Clarebrough 
et  al.,  1955)  which  showed  a  large  energy  evolution  during  recovery  (E  /E  =  0.70) 
was  similar  to  the  observations  for  silver  Ly  Bailey  and  Hirsch.  They^agfeed  in 
attributing  a  large  part  of  this  release  to  a  rearrangement  in  the  cell  boundaries 
during  recovery.  They  also  mentioned  the  possibility  of  loss  of  dislocations 
during  thinning  in  the  preparation  of  electron  microscope  specimens. 

Seeger  and  KronmUller,  1962,  stated  that  the  equation  used  by  Bailey  and 
Hirsch  for  connecting  the  flow  stress  and  the  energy  incorrectly  assumed  that  a 
group  of  n  dislocations  can  be  treated  as  a  superdislocation  of  dislocation 
strength  (nb)  and  that  this  overestimates  the  energy  stored  in  the  stress  fields 
between  the  dislocations.  The  stored  energy  connected  with  the  overlap  of  the 
stress  fields  is  only  slightly  larger  than  the  stored  energy  due  to  stress  fields 
of  individual  dislocations.  They  used  a  dislocation  model  developed  for  stage  II 
of  the  stress-strain  curve  of  face-centered  metals  and  calculated  the  energy  of 
pile-ups  and  the  work  expended  in  the  deformation  of  a  single  crystal.  From  this 
they  calculated  a  value  of  the  ratio  of  the  stored  to  the  expended  energy,  E  /E  . 
They  considered  the  agreement  of  the  experimental  values  for  copper,  gold,  aSd  * 
nickel  with  the  calculated  ratio  as  satisfactory.  They  also  calculated  stored 
energies  for  the  specimens  of  silver  deformed  by  Bailey  and  Hirsch,  which  are 
included  in  Table  5.  Seeger  and  KronmUller  concluded  that  their  theory  accounted 
reasonably  well  for  the  experimental  results,  except  at  the  highest  strains,  where 
work  softening  effects  could  be  expected. 

Faulkner  and  Ham,  1962,  reported  data  for  aluminum  in' which  the  dislocation 
density  was  determined  by  electron  microscopy.  The  specific  energies  derived 
from  the  stored  energy  were  surprisingly  large.  They  concluded  that  the  density 
of  dislocations  in  thin  films  of  aluminum  differs  systematically  from  the  bulk 
valves,  probably  owing  to  losses  during  thinning. 
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Li,  1960,  analyzed  the  elastic  properties  of  a  dislocation  wall  and  concluded 
that  its  strain  energy  is  smaller  than  that  of  a  set  of  dislocations  of  the  same 
sign  distributed  within  a  circle,  the  diameter  of  which  is  approximately  equal  to 
the  height  of  the  wall.  He  called  attention  to  the  fact  that  local  groupings  of 
dislocations  of  the  same  sign  generated  by  a  deformation  process  such  as  bending 
interfere  with  the  method  of  measuring  the  dislocation  density  by  the  amount  of 
stored  energy. 

Li,  1961,  showed  that  a  release  of  an  appreciable  amount  of  energy  may  occur, 
as  observed  by  Bailey  and  Hirsch  during  the  recovery  of  polycrystalline  silver, 
without  an. observable  change  in  the  dislocation  distribution  if  low-angle  twist 
boundaries  arm  formed  by  a  crossed  grid  of  screw  dislocations.  This  would  cause  a 
large  energy  difference  with  only  a  slight  rearrangement  of  dislocations.  Li  sug¬ 
gested  that  the  kinetics  of  this  rearrangement  probably  require  some  thermal  ac¬ 
tivation  and  that  it,  therefore,  takes  place  during  recovery.  The  large  energy 
change  with  only  minor  visible  rearrangement  according  to  Li  places  the  method  of 
determining  dislocation  densities  from  stored  energy  in  jeopardy.  It  should  be 
recognized,  however,  that  the  occurrence  of  the  grids  has  not  been  demonstrated. 
Also,  the  difficulties  of  evaluation  would  arise  from  difficulties  of  measuring 
the  dislocation  density  rather  than  of  the  energy. 

6.2  Point  Defects 


The  estimated  values  of  the  energy  of  point  defects  and  aggregates  of  point 
defects  in  face-centered  cubic  metals  published  in  the  literature  appear  to  be 
satisfactory.  It  is,  therefore,  possible  to  arrive  at  estimates  of  the  concentra¬ 
tion  of  these  defects,  if  the  energies  attributable  to  them  are  known  from 
measured  values  of  the  stored  energy.  However,  it  is  often  difficult  to  separate 
the  effects  of  point  defects  from  those  of  other  imperfections  and  to  differenti¬ 
ate  between  the  effects  of  different  aggregates  of  point  defects. 

Point  defects  are  particularly  important  at  low  temperatures.  This  lends 
interest  to  the  work  of  Henderson  and  Koehler,  1956,  van  den  Beukel,  1961,  and 
Greenfield  and  Bever,  1956.  In  particular,  Henderson  and  Koehler  estimated  a 
vacancy  concentration  of  1.6  x  10"^  from  the  stored  energy  release  by  a  specimen 
compressed  65%. 

The  temperature  range  for  the  annealing  out  of  point  defects  in  nickel  is 
higher  than  in  the  other  face-centered  cubic  metals  investigated  to  date.  This 
permits  the  energy  effect  of  point  defects  in  cold  worked  nickel  to  be  measured 
above  room  temperature.  The  results  of  an  investigation  by  Clarebrough  et  al,, 
1960,  suinnarized  in  Table  6,  include  concentrations  of  interstitials  and  vacancies, 
as  well  as  the  concentration  of  dislocations,  which  is  derived  from  re¬ 
crystallization. 

A  recent  finding  by  Appleton  and  Bever,  1963,  suggests  that,  at  least  in 
gold-silver  alloys,  point  defects  play  less  of  a  role  at  78°K  than  has  been  as¬ 
sumed.  They  found  that  between  room  temperature  and  78°K,  the  stored  energy,  E^, 
increased,  but  the  ratio  E  /E  increased  little  more  than  the  stored  energy,  E  . 
This  indicates  that  the  expended  energy  also  increased,  which  is  in  accord  witC 
the  measured  stress-strain  curves  at  room  temperature  and  TB^’K.  These  observa¬ 
tions  can  be  explained  by  an  increase  in  the  density  of  dislocations  and  an 
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intensification  of  their  interaction.  Between  and  4°K,  however,  the  stored 
energy  and  the  ratio  E  /E  increased  appreciably,  while  the  stress-strain  curve 
changed  much  less.  Thfs  Suggested  strongly  an  increase  in  the  concentration  of 
point  defects  generated  during  deformation  at  4‘*K  over  that  generated  at  7B°K. 

6.3  Other  Imperfections 

The  relation  of  other  imperfections,  such  as  stacking  faults  or  twinning 
faults,  to  the  stored  energy  seems  to  have  received  little  consideration  in  the 
literature.  However,  data  on  their  concentrations  and  specific  energy  are  be¬ 
coming  available  and  this  will  make  it  possible  to  include  them  in  the  evaluation 
of  stored  energy  measurements. 


7.  Conclusion 


It  has  been  shown  that  the  stored  energy  of  cold  work  can  be  related  to  the 
total  substructure,  the  intermediate  substructure  and  the  ultimate  substructure. 
The  detailed  interpretations  possible  for  the  various  investigations  differ  con¬ 
siderably.  The  statistical  nature  of  the  stored  energy  has  been  shown  to  be 
advantageous  in  revealing  certain  features  of  the  total  substructure.  On  the 
other  hand,  under  favorable  conditions,  it  has  been  possible  to  differentiate 
between  elements  of  substructure  on  the  basis  of  stored  energy  values. 

Additional  investigations  of  the  stored  energy  are  needed.  In  particular, 
further  investigations  combining  stored  energy  measurements  with  the  measurement 
of  changes  in  other  properties  should  be  made.  Also,  research  should  be  extended 
to  body-centered  cubic  and  hexagonal  close-packed  metals.  In  this  way,  it  will 
become  possible  to  partition  the  stored  energy,  even  in  complex  cases,  by  al¬ 
locating  specific  energies  to  all  operative  mechanisms. 


Acknowledgments 


The  author  thanks  Dr.  Peter  M.  Robinson  for  very  valuable  help  in  the  writing 
of  this  manuscript.  He  is  also  indebted  to  several  investigators  who  communicated 
to  him  work  in  advance  of  publication. 


35 


References 


A.  S,  Appleton  and  M.  B,  Bever,  1963  -  Trans.  Met.  Soc.  AIME  (in  press). 

H.  U.  Astrfim,  1955  -  Ark.  Fysik,  vol.  10,  p,  197, 

B,  L.  Averbach,  M.  B.  Bever,  M.  F.  Comerford,  and  J,  S.  LI.  Leach,  1956  -  Acta  Met., 

vol.  4,  p.  477. 

B.  L,  Averbach,  M.  B.  Bever,  M.  F.  Comerford  and  J.  S.  Ll.  Leach,  1950  -  Acta  Met., 
vol.  6,  p.  142. 

J.  E.  Bailey  and  P.  B.  Hirsch,  1960  -  Phil.  Mag.,  vol.  5,  p.  485, 

M.  B.  Bever,  1957  -  Creep  and  Recovery,  Am,  Society  for  Metals,  Cleveland,  p.  14. 

W.  Boas,  1957  -  Dislocations  and  Mechanical  Properties  of  Crystals,  Conference 
held  at  Lake  Placid,  Sept.  1956,  Wiley,  New  York,  p.  333. 

G.  Borelius,  S.  Berglund,  and  S,  Sjttberg,  1952  -  Ark,  Fysik,  vol.  6,  p.  143, 

W.  L.  Bragg,  1945  -  Trans.  N,  E.  Coast  Instn.  Engrs.  Shipb.,  vol.  62,  p.  25, 

H,  Conrad  and  B,  Christ,  1962  -  AIME  Symposium  on  Recovery  and  Recrystallization 

of  Metals  (to  be  published), 

L,  M.  Clarebrough,  M.  E,  Hargreaves,  A.  K.  Head  and  M,  H,  Loretto,  1961  -  Phil. 

Mag.,  vol.  6,  p.  819, 

L,  M,  Clarebrough,  M.  E.  Hargreaves  and  M,  H.  Loretto,  1958  -  Acta  Met,,  vol.  6, 
p.  725. 

L,  M.  Clarebrough,  M.  E,  Hargreaves  and  M.  H.  Loretto,  1961  -  Phil.  Mag.,  vol,  6, 
p.  807. 

L.  M.  Clarebrough,  M.  E,  Hargreaves  and  H.  H.  Loretto,  1962a  -  AIME  Symposium  on 
Recovery  and  Recrystallization  of  Metals  (to  be  published). 

L.  M.  Clarebrough,  M.  E.  Hargreaves  and  M,  H,  Loretto,  1962b  -  Phil.  Mag,,  vol.  7, 
p.  115. 

L.  M,  Clarebrourth,  M.  E,  Hargreaves,  M,  M,  Loretto  and  G,  W.  West,  1%0  -  Acta 
Met,,  vol.  8,  p,  797, 

L.  M.  Clarebrough,  M.  E.  Hargreaves  and  G.  W.  West,  1955  -  Proc.  Roy.  Soc., 
vol.  A  232,  p.  252. 

L.  M.  Clarebrough,  M.  E.  Hargreaves  and  G.  W.  West,  1957  -  Acta  Met.,  vol.  5, 
p.  738, 


36 


E.  A.  Faulkner  and  R.  K.  Ham,  1962  -  Phil.  Mag.,  vol.  7,  p.  279. 

P.  Gordon,  1955  -  Trans.  AIME,  vol.  203,  p.  1043. 

P.  Greenfield  and  M.  B.  Bever,  1956  >•  Acta  Met.,  vol.  4,  p.  433. 

P.  Greenfield  and  H.  B.  Berer,  1957  -  Acta  Met.,  vol.  5,  p.  125. 

J.  N.  Henderson  and  J.  S.  Koehler,  1956  •<  Phys.  Rev.,  vol.  104,  p.  626. 

J.  S.  Koehler,  1941  -  Phys.  Rev.,  vol.  60,  p.  397. 

J.  S.  Koehler,  1942  -  Amer.  J.  Phys.,  vol.  10,  p.  275. 

J.  C.  M.  Li,  1960  -  Acta  Met.,  vol.  8,  p.  563. 

J.  C.  M.  Li,  1961  -  Jl.  Appl.  Phys.,  vol.  32,  p.  1873. 

M.  H,  Loretto  and  A.  J.  White,  1961  -  Acta  Met.,  vol.  9,  p.  512, 

D,  Michell  and  F.  D.  Haig,  1957  -  Phil.  Mag.,  vol.  2,  p.  15. 

D.  Michell,  1958  -  Acta  Met.,  vol.  6,  p.  14i^ 

D.  Michell  and  E.  Lovegrove,  1960  -  Phil.  Mag.,  vol.  5,  p.  499. 

J.  F,  Nicholas,  1955  -  Phil^  Mag,,  vol.  46,  p.  87, 

H.  Quinney  and  G.  I,  Taylor,  1937  -  Proc,  Koy.  Soc.,  vol.  A  163,  p.  157. 

S.  Sato,  1931  -  Sci.  Rep.  Tohoku  Univ.,  vol.  20,  p.  140. 

A.  Seeger,  1957  -  Dislocations  and  Mechanical  Properties  of  Crystals,  Conference 
held  at  Lake  Placid,  Sept.  1956,  Wiley,  New  York,  p.  347. 

A.  Seeger  and  H.  KronmOller,  1962  -  Phil.  Mag.,  vol.  7,  p.  897. 

A.  Seeger  and  G.  Schoeck,  1953  -  Acta  Met,,  vol,  1,  p.  519. 

F.  Seitz  and  T.  A.  Read,  1941  -  Jl,  Appl.  Phys.,  vol.  12,  p.  100, 

H.  Stehle  and  A.  Seeger,  1956  -  Z.  Phys.,  vol.  146,  p.  217. 

A,  N.  Stroh,  1953  -  Proc.  Roy.  Soc.,  vol,  A  218,  p,  391, 

G.  I.  Taylor  and  H.  Quinney,  1934  -  Proc,  Roy.  Soc,,  vol.  A  143,  p.  307, 

A.  L,  Titchener  and  M,  B,  Bever,  1958  -  Progress  in  Metal  Physics,  vol.  7, 
Pergamon  Press,  London,  p.  247. 

A.  L,  Titchener  and  M.  B.  Bever,  1959  -  Trans.  Met.  Soc.  AIME,  vol.  215,  p.  326. 


37 


A.  L.  Titchener  and  M,  B.  Bever,  1960  -  Acta  Met.,  vol,  8,  p,  338. 

A.  L.  Titchener,  1961  -  Acta  Met.,  vol.  9,  p.  379. 

A.  van  den  Beukel,  1961  -  Physica,  vol.  27,  p.  603, 

J.  L.  White,  1962  -  Discussion  of  Clarebrough  et  al.  in  AIME  Symposium  on 
Recovery  and  Recrystallization  of  Metals  (to  be  published), 

J.  L,  White  and  K,  Koyama,  1962  -  Personal  conmunication. 

R.  0.  Williams,  1962  -  Personal  communication. 


38 


Table  1 


Deasity  of  Disloeatioas  ia  Copper, 


Deformation, 

%  Compression 

From 

From  £Si/D 

From  ^ 

30 

8.5  X  10^° 

4  X  lo'l 

5  X  10^^ 

55 

1.1  X  lo^^ 

6  X  10“ 

7  X  10^^ 

70 

1.3  X  10^^ 

8  X  10^^ 

9  X  10^^ 

Clarebrough,  Hargreaves  and  Nest,  1957 


Table  2 


Metal 


Deforma¬ 

tion, 

%  Conqjres- 
sion 


Ap/N, 


Density  of  Dislocations, 
N  lines/ca* 


From  E 


Cu 

70% 

1.33  X 

lO^l 

2.8  X  10^^ 

X 

oo 

CM 

10"^^ 

Ag 

75% 

1.50  X 

10^^ 

2.8  X  10^^ 

34  X 

10“^*^ 

Au 

75% 

0.74  X 

10^1 

1.4  X  10^^ 

35  X 

10“^“* 

Ni 

70% 

1.06  X 

io“ 

— 

94  X 

10"^^ 

A1 

75% 

0,40  X 

10^^ 

— 

33  X 

10"^^ 

Clarebrough,  Hargreaves  and  Loretto,  1961  and  1962b 


Table  3 


Measured 


Deforma 

tion 

% 

-  Dislocation 
Density 

N  lines/cm^ 

"s- 

cal/g-a 

^r* 

cal/g-a 

E./N. 

eV/at.pl. 

11 

2.2  X  10^® 

2.70 

1.25 

9.1 

21 

5.2  X  10^^ 

5.10 

2.83 

7.3 

32 

6.8  X  10^® 

7.75 

4.9 

8.4 

43 

— 

7.27 

6.03 

— 

Avge. 

,  8.3 

Polycrystalline  silver. 

deformed 

in  tension 

Bailey 

and  Hirsch,  1960 

Table  4 

Calculated  Stored  Energy  (eV/at, 

plane) 

Stress 
Field  R, 

El 

El 

Ez 

E, 

E4 

A.U. 

(1) 

(2) 

(1) 

(1) 

(1) 

200 

2.66 

1.90 

— 

— 

— 

1,000 

3.38 

2.61 

4.1 

4.62 

5.16 

10,000 

4.4 

3.63 

6.16 

7.7 

9.3 

(1)  Bailey  and  Hirsch,  1%0 

(2)  According  to  Schoeck  and  Seeger,  1953 
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Table  5 


Stored  Baorgy,  eal/g-a 


E]q)tl. 

Calealated  froa  Ploa 
Stress 

Deforaation, 

% 

(1) 

(2) 

(3) 

11 

2.7 

21.2 

— 

3.0 

21 

5.1 

37.0 

— 

5.6 

32 

7.8 

54.0 

— 

8.2 

43 

7.3 

64.0 

9.6 

9.71 

Polycrystalline 

silver 

,  deformed  in  tension 

(1)  Bailey  aad  Hirsch,  1%0 

(2)  Clarebrough  et  al.,  1961 

(3)  Seeger  and  Kronallller,  1%2 


Table  6 


Annealing 

Stage 

Energy 

Evolved 

E  , 
s* 

cal/g-a 

Defect 

Assuaed 

Concen¬ 

tration 

from 

E 

s 

Assuaed 

%>ecifie 

Energy 

— >2000C 

2.58 

Interstitials 

2.2  X  10"*at.% 

5  eV 

200-350OC 

3.28 

Vacancies 

"J 

9.5  X  10  at.% 

1.5  eV 

Recrystal¬ 

lization 

11.78 

Dislocations 

1.06  X  10^^ 
ca/ea* 

4.4  X  10® 
eV/ca 

Nickel  (99.85%)  coaipressed  70%  and  annealed 
Clarebrough  et  al.,  1%0 
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ig.  1  Energy  Stored  in  Copper  os  o  Function  of  the 

Arithmetically  Largest  Value  of  Logarithmic  Strain 
in  Tension  and  Compression.  (After  Titchener,  1961) 


stored  Energy,  E*  ,cal/g" 


Torsional  Strain,  nd/< 

Fig.  2  The  Energy  Stored  by  on  82.6%Au-l7.4%Ag 
Alloy  at  Room  Temperature  and  78®K  as  a 
Function  of  Strain.  (Appleton  and  Sever, 
1963;  Titchener  and  Bever,  1959) 
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Stored  Energy,  E- ,cal/g* 


Fig.  3  The  Energy  Stored  by  on  82.6%  Au* 

17.4%  Ag  Alloy  at  Constant  Strain  as  a 
Function  of  the  Temperature  of  Deformation 
by  Torsion.  (Appleton  and  Sever,  1963) 


Stortd  Entrgy ,  col/grom-otom 


Wti«ht  X  Au 


Fig. 4  The  Energy  Stored  by  Gold  "Silver  Alloys  Cold 
Worked  at  Room  Temperoture  and  78®K. 
(Greenfield  and  Bever,l957) 
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E./E 


Torsional  Strain, nd/I 


Fig.  5  The  Ratio  of  the  Stored  to  the  Expended 
Energy  at  Room  Temperature  and  78*K 
as  a  Function  of  Torsionol  Strain. 
(Appleton  and  Sever,  1963) 
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Temperature  {®C ) 


Fig.  6  Rate  of  Energy  Release  by  Cold  Worked 
Copper  os  o  Function  of  Annealing 
Temperature.  Incremental  Resistivity  and 
Hardness  also  Shown.  Specimen  Deformed 
In  Torsion  to  nd/i=l.87. 

(Clarebrough  et  al.,  1955) 
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Power  Difference,  Incremental 
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A/)  (IO'®ilcm) 


Temperature  (°C) 

Fig.  7  Rate  of  Energy  Release  by  Cold  Worked  Copper 
Containing  Arsenic  and  Phosphorus  os  a 
Function  of  Annealing  Temperature.  Incremental 
Resistivity  and  Hardness  also  Shown.  Specimen 
Deformed  in  Torsion  to  nd/l  =  l.87 
(Clarebrough  et  al.,  1955) 
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Fig  8  Rate  of  Energy  Release  by  Commercial  Nickel 

Deformed  in  Torsion  as  a  Function  of  Annealing 
Temperature.  Incremental  Resistivity  and  Hardness 
also  Shown.  Specimen  Deformed  in  Torsion  to 
nd/-l  =  2.34.  (Clarebrough  et  al.,  1955) 


Heat  Evolution, P,  cals./gm -atm -hr 


Fig.  9  Rate  of  Energy  Release  by  Copper 

Extended  17.7%  as  Function  of  Annealing 
Time  at  Constant  Temperature. 

(Gordon,  1955) 
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Fig, 10  Energy  Release  by  Aluminum 

Compressed  45%  as  Function  of 
Annealing  Temperature.  Relative 
Hardness  also  Shown.  (Astrom,  1955) 
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Fig.  II  Energy  Stored  in  Samples  of  82.6%  Au- 174%  Ag  Alloy 

Cold  Worked  at  Room  Temperature  and  78°K  as  a  Function 
of  Subsequent  Annealing  Treatments.  (Greenfield  and 
Sever,  1956) 


Average  Particle  Size  (A) 


stored  Energy  ( cal / g  *•  atom) 


0  0.2  0.4  0.6  0.8  1.0  1.2 


True  Strain 

Fig.  13  Stored  Energy  in  82.67oAu  -l74®/oAg  Alloy 
as  a  Function  of  Strain  and  Temperature 
History.  (Titchener  and  Bever,  I960) 
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The  Observation  of  Substructures  in  Crystals  with  the  Electron  Microscope 

H.  G.  F.  Wilsdorf 


The  Franklin  Institute  Laboratories 
Philadelphia,  Pennsylvania 


The  term  "siibstructure "  encompasses  a  variety  of  dislocation  arraiige- 
ments  including  the  well  defined  sub-boundaries .  Detailed  aspects  of  substructures 
were  covered  in  review  articles  by  Hirsch  (l),  and  Amelinckx  and  Dekeyser  (2).  As 
early  as  19^h,  the  electron  microscope  had  been  used  for  the  study  of  dislocation 
boundaries  by  means  of  the  replica,  technique  (3)  which  will  be  outlined  in  this 
article.  Later,  this  method  was  also  applied  to  investigations  of  slip  bands, 
pile-ups  and  interactions  of  glide  dislocations  with  sub-bo'indaries  (1+-6).  Since 
1956,  dislocations  (?)  and  stacking  faults  (8)  have  been  studied  even  more  directly 
by  a,  new  technique  called  diffraction  electron  microscopy.  Lnmediately  after  its 
discovery,  this  technique  provided  experimental  proof  for  the  many  concepts  of 
dislocation  theory  and  later  on  was  instrumental  in  providing  new  informa.bion  on 
dislocation  substructures.  The  two  techniques  will  be  discussed,  and  their  appli¬ 
cability  to  the  study  of  substructures  will  be  critically  reviewed. 

Replica  Technique 

The  use  of  the  standard  type  electron  microscope  became  of  interest  to 
metallurgists  with  the  development  of  replica,  techniques  in  I9I4D  (9) .  Since  that 
time  numerous  variations  of  this  technique  have  been  devised  which  have  been 
reviewed  in  considerable  detail  in  the  literature  (10) . 

The  principle  of  the  replica  technique  is  to  cover  the  metal  surface 
which  is  to  be  investigated,  with  a  film  not  thicker  than,  say,  500  A,  whereby  the 
thickness  of  the  film  with  respect  to  the  normal  of  the  surface  has  to  be  controlled. 
Fig.  la  indica,tes  the  production  of  a  SiO  replica  (ll)  by  vacuum  evaporation. 
Subsequently,  the  film  has  to  be  separated  by  chemical  means  from  the  metal  and 
then  is  "sha.dow-cast"  (Fig.  lb)  .  Since  the  contrast  in  electron  images  is  usually 
due  to  an  electron  scattering  mechanism  depending  on  the  thickness  and  mass  of  the 
specimen,  the  shadow-cast  substance  to  be  evaporated  under  an  angle  of,  say,  30° 
onto  the  specimen  ought  to  have  a  high  a.tomic  number.  Now,  the  specimen  is  ready 
for  examina,tion  in  the  electron  microscope  at  magnifications  from  2,000X  to  60,000X. 
The  surface  area  that  can  be  screened  at  a  time  is  1  mm  x  0.1  mm  or  about  2  mm  in 
diameter,  depending  on  the  roughness  of  the  surface,  the  microscope  used,  and  other 
conditions . 


Because  of  the  inherent  high  resolving  power  of  first  class  electron 
microscopes,  details  in  the  order  of  25  A  can  be  detected.  Obviously,  this 
requires  the  careful  preparation  of  metal  surfaces,  which,  however,  can  be  done 
with  rela.tive  ease  by  applying  suitable  electropolishing  procedures  (12)  . 

Turning  to  the  subject  matter  of  detecting  sub-boundaries ,  it  becomes 
clear  that  this  technique  permits  their  study  at  the  line  of  intersection  with  the 
surface.  For  a.  tilt  boundary  with  a.  9  =  5',  the  dislocations  are  separated  by  a 
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distance  of  about  2000  which  puts  a  rather  stringent  requirement  on  techniques 
that  are  used  to  mark  the  intercept  of  dislocations  with  the  surface.  Reference  is 
made  to  the  precipitation  method  and  the  etch  pit  technique.  The  former  method  was 
actually  used  to  provide  the  first  visible  evidence  of  dislocations  in  a  metal  (3) 
and  is  based  on  the  preferential  nucleation  of  a  precipitate  at  a  dislocation  site. 
Figs.  2a  and  b  give  examples  of  sub -boundaries  which  were  found  in  the  as-grown 
crystals  of  an  Al-i4^  Cu  alloy.  Assuming  that  each  precipitate  marks  the  point  of 
emergence  of  an  edge  dislocation,  the  misorientation  between  the  two  sub-grains  can 
be  calculated  as  0  =  b/h,  vdiere  b  is  the  Burgers  vector  and  h  the  distance  between 
the  precipitates.  The  good  agreement  between  measurements  with  the  electron 
microscope  and  x-ray  data  (13)  justifies  the  assumption  that  each  dislocation  gives 
rise  to  one  precipitate. 

Etch  pit  techniques  have  been  successfully  used  to  indicate  the  position 
of  dislocations  at  surfaces,  and  many  crystals  have  been  thoroughly  studied  with 
this  method  using  the  light  microscope  (li;)  .  The  limited  resolving  power  of  the 
light  microscope  led  to  the  application  of  replica  techniques  and  observations  with 
the  electron  microscope.  In  particular,  a-brass  crystals  have  been  studied  exten¬ 
sively,  and  Figs.  3a  and  b  demonstrate  the  ability  of  the  technique  (13-18) .  The 
points  of  emergence  of  dislocations  are  indicated  by  well  defined  etch  pits  which 
are  small  enough  as  to  give  a  clear  indication  of  the  dislocations'  arrangement. 
Fig.  3a  shows  a  grown-in  sub-boundary,  and  in  Fig.  3b  the  interaction  of  glide 
dislocations  with  a  sub -boundary  can  be  seen. 

The  spatial  distribution  of  sub -boundaries  can  be  determined  to  some 
extent  by  repeatedly  removing  thin  surface  layers  and  replicating  the  same  area 
with  a  suitable  technique  (19).  It  can  be  concluded  that  the  replica  method,  in 
conjunction  with  precipitation  and  etch  pit  techniques,  is  capable  of  detecting 
the  dislocation  arrangements  in  sub -boundaries  at  their  intersections  with  surfaces. 
Recent  investigations  by  Young  (20)  and  Levinstein  and  Robinson  (21)  with  the 
light  microscope  indicate  the  possibility  of  applying  the  replica  technique  to  etch 
pit  studies  in  deformed  pure  f.c.c.  metals  which  contain  dislocation  tangles. 

Diffraction  Contrast 


The  detection  of  lattice  defects  with  the  electron  microscope  is  based 
on  the  diffraction  of  electrons  by  crystal  lattices.  The  diffraction  conditions 
have  been  given  by  von  Laue  in  the  fundamental  equation 

k-ko  =  £  •  (1) 

where  and  k  are  the  wave  vectors  of  the  incident  and  diffracted  beam,  X  the 
wavelength,  and  g  a  lattice  vector  in  the  reciprocal  lattice  which  is  equal  to 
g^  a*  +  g2  S2)  being  integers  and  a’"',  b^',  c*  unit  vectors  in  the 

reciprocal  lattice.  Fig.  U  represents  the  above  relation  in  two  dimensions  in 
graphical  form,  and  also  shows  the  direction  of  the  diffracted  beam.  According 
to  Ewald's  construction,  diffraction  occurs  vdien  a  sphere  with  radius  l/x  and  0  as 
its  center  cuts  through  the  intensity  distribution  of  a  reciprocal  lattice  point. 
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The  amplitude  of  the  diffracted  wave  can  be  written  with  the  help  of  the 
structure  factor  F 

A  =  |F|  =51  f^  exp  [2n  i  (k  -  ko)  •  r^]  (2) 

n  — 

idiere  f^  is  the  scattering  factor  for  electrons  and  the  vector  r^  marks  the  position 

of  the  scattering  atom  in  a  column  of  unit  cell  dimensions  as  measured  from  the 
origin  of  the  lattice.  However,  if  the  Ewald  sphere  does  not  exactly  pass  through 
a  reciprocal  lattice  point  G  but  lies  at  a  small  distance  from  a  given  G  as 
measured  by  the  vector  s,  then  we  have  to  replace  k  -  ko  by  g  +  s.  Since  g  •  r^ 
is  an  integer,  equation  (2)  becomes  — 

A  =  (2Tr  i  s  •  r^) .  (3) 

n 

f^  has  been  taken  out  of  the  sum,  vdiich  is  permissible  under  the  reasonable 
assun^Jtion  that  all  the  unit  cells  in  the  column  are  similar.  So  far,  the  case  of 
a  perfect  crystal  has  been  considered.  Our  main  concern,  however,  is  to  show  the 
formation  of  images  of  lattice  defects.  Following  the  calculations  by  Hir’sch, 

Howie  and  Whelan  (22)  and  in  accordance  with  the  nomenclature  introduced  by  them, 
a  deviation  of  the  scattering  atom  from  its  ideal  position  will  be  defined  by  the 
vector  R.  Now,  the  amplitude  of  the  diffracted  wave  is  obtained  by  adding  a  phase 
factor  a  =  2Tr  g  •  R  to  equation  (3),  and  a  being  a  function  of  z  (see  Fig.  3)  ws 
can  write 

A  J"  exp  (2Tr  i  g  •  R)  •  exp  (2Tr  i  s  z)  d  z  (ll) 

col\imn  ~ 

s  is  now  the  distance  between  the  Ewald  sphere  and  G,  taken  in  the  direction  of 
the  column. 


Equation  (U)  provides  the  foundation  for  discussing  the  formation  of 
dislocation  images  in  the  electron  microscope.  First,  we  will  consider  the  path 
of  electron  beams  in  the  microscope .  It  follows  from  the  principle  of  diffraction 
contrast  that  the  diffracted  beam  (or  beams)  have  to  be  prevented  from  contributing 
to  the  electron  image.  This  is  effected  by  an  objective  apert'ure  which  is  in  the 
order  of  10~3  rad.  j  Fig.  6  shows  the  path  of  rays  for  the  formation  of  the  first 
electron  image.  The  distorted  lattice  around  a  dislocation  is  indicated  by  a  line 
in  the  specimen,  while  the  missing  electrons  in  the  image  can  be  seen  as  the 
"idiite"  line  in  the  figure. 

Next,  we  have  to  determine  the  displacement  vector  R  in  equation  (U)  • 
Choosing  a  simple  case,  R  will  be  given  for  a  screw  dislocation  lying  parr'' lei  to 
the  z-axis  of  an  orthogonal  coordinate  system  and  parallel  to  the  surface  of  the 
foil.  One  finds  that  ^  and  Ry  are  zero  and  that 

5?!  =  6  =  5?  X^ 

with  b  the  Burgers  vector  of  the  dislocation.  Inserting  (3)  into  equation  (i;) , 
a  decision  concerning  the  choice  of  a  diffracting  beam  for  producing  an  image  of 
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the  dislocation  can  be  made  immediately.  The  phase  factor  a  contains  a  product  of 
the  reciprocal  lattice  vector  g  and  the  Burgers  vector  b,  ■which  becomes  zero  if  the 
family  of  diffracting  lattice  planes  and  b  are  parallel.  It  can,  therefore,  be 
concluded  that  the  highest  contrast  may  be  expected  -vdien  the  diffracting  lattice 
planes  are  perpendicular  to  the  Burgers  vector,  and  it  would  be  most  desirable  to 
select  a  diffraction  spectrum  in  accordance  with  -this  consideration. 

From  equation  (U)  the  intensity  profile  of  a.  dislocation  can  be  obtained. 
Hirsch,  Ho-wie  and  Whelan  have  calculated  the  line  •width  -with  the  help  of  amplitude - 
phase  diagrams  (22)  •  Recently,  the  values  of  -the  integral  (U)  have  been  calculated 
by  Ge-vers  for  g-b  =  n=l,  2,3  and  U  (23),  and  his  main  results  for  n  =  1  and 
n  =  2  are  given  in  Fig.  ?.  Three  features  are  in  e-vidence:  (i)  The  image  of  a 
dislocation  is  shifted  from  its  true  position  by  a  distance  approximately  equal  to 
its  width;  (ii)  The  -width  of  an  edge  dislocation  is  t-wice  that  of  a  screw  disloca¬ 
tion;  (iii)  The  intensity  profile  of  dislocations  is  steeper  on  that  side  vdiich 
faces  the  center  position  of  the  dislocation. 

The  true  position  of  a  dislocation  can  be  determined  by  changing  g,  i.e., 
by  choosing  a  different  diffraction  plane,  or  by  re-versing  the  sign  of  s,  -which  can 
be  achie-ved  by  tilting  the  specimen  around  a  suitable  crystallographic  direction  (^U)  • 
Fig.  8  demonstra-tes  the  shift  of  the  dislocation  image  in  the  -vicinity  of  an  ex¬ 
tinction  contoiir,!  i.e.,  due  to  a  change  of  sign  of  s. 

As  has  been  already  mentioned  abo-ve,  the  displacement  -vector  has  to  have 
a  perpendicular  component  with  respect  to  the  diffracting  lattice  planes  if  a 
dislocation  image  is  to  be  obtained.  On  the  other  hand,  the  disappearance  of  the 
image  when  g  •  b  -  0  can  be  used  to  confirm  the  Burgers  -vector,  -which  in  many 
investigations  c^  be  presumed  from  experimental  conditions.  It  is  a  requisite  for 
a  Burgers  -vector  jdetermination  to  have  a  goniometer  stage  for  positioning  of  the 
crystal  in  the  microscope.  For  a  meaningful  determination  of  the  Burgers  vector, 
one  desires  to  have  other  dislocations  in  the  specimen  -which  have  a  Burgers  vector 
different  from  the  first  set  in  order  to  ascertain  that  the  critical  diffraction 
condition  is  satisfied.  A  further  check  can  be  pro-vided  by  employing  the  dark 
field  technique.  Here,  the  objective  aperture  in  the  back  focal  plane  is  acljus-ted 
so  as  to  permit  only  the  diffracted  beam  chosen  abo-ve  to  form  the  dark  field  image, 
and,  of  course,  those  dislocations  for  -vdiich  g  •  b  =  0  should  not  be  seen. 

The  de-termination  of  the  sign  of  s  is  necessary  if  one  -wishes  to  know 
the  sense  of  the  Burgers  -vector,  since  the  abo-ve  -techniques  yield  only  its 
direction.  Crystals  for  these  in-vestigations  have  a  thickness  of  more  than  1000  8 
and  usually  also  show  Kikuchi  lines,  ^ich  consist  for  each  spectrum  of  a  dark  and 
a  light  line,  parallel  to  each  other,  against  -the  background  of  inelastic  ally 
scat-tered  electrons.  For  s  =  0  the  Kikuchi  lines  go  throtigh  -the  center  of  -the 
reciprocal  lattice  point,  but  for  a  positi-ve  or  negative  s  (see  Fig.  U)  the 
Kikuchi  lines  are  displaced  to  -the  right  or  to  the  left  o?  the  reciprocal  lattice 
point,  respecti-vely.  The  location  of  the  dislocation's  image  for  a  gi-ven  lattice 
position  -with  respect  to  the  incident  beam  is  gi-ven  in  Fig.  9  for  a  dislocation 
loop.  Slight  rotations  of  the  specimen  and  the  additional  observation  of  -the 
actual  diffraction  pattern  together  with  the  electron  micrograph  enable  the  un¬ 
ambiguous  de-termination  of  the  direction  and  -the  sense  of  the  Burgers  -vector. 

Any  discussion  concerning  diffraction  contrast  in  electron  microgra{i)8 
must  include  -the  formation  of  fringes.  In-begration  of  equation  (3)  yields  for 
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a,  thin  crystal 


A  ^  sin  ir  ts  (6) 

ffs 

which  shows  immediately  that  the  intensity  of  a  diffracted  beam  depends  on  both 
the  thickness  t  as  well  as  on  s.  The  first  case  is  realized  in  crystals  with 
varying  thickness,  and  in  particular,  in  wedge-shaped  specimens  (Fig.  10a) j  the 
second  occurs  vdien  a  thin  film  is  bent  and  the  Ewald  sphere  cuts  the  reciprocal 
lattice  point  at  different  distances.  The  resultant  contrast  pattern  is  called 
an  ‘'extinction  contour",  and  an  example  of  it  is  shown  in  Fig.  10b. 

A  two-dimensional  lattice  defect  resulting  from  a  "mistake"  in  the 
stacking  of  closest -packed  planes  in  a  crystal  lattice  is  of  considerable  importance 
and  can  easily  be  detected  with  this  technique.  In  the  f.c.c.  lattice,  a.  mistake 
in  the  stacking  of  octahedral  planes,  for  example  ABCAB/ABC . . . ,  can  be  described 
as  a  displacement  of  the  two  parts  of  the  crystal  by  a  vector  R  =  a/6  ^  112^  ,  a. 
being  a  lattice  translation.  Fig.  11a  shows  the  two  parts  of  the  crystal  divided 
by  the  stacking  fault  AB.  The  amplitude  of  the  diffracted  wave  is  calculated  by 
means  of  equation  (U),  adding  to  the  term  for  the  perfect  crystal  (above  the  line 
AB)  a  term  that  contains  the  displacement  a/6  (  112  )  .  The  resultant  phase  angle, 
a,  equals  0°  or  ±  120°,  which  lea,ds  to  a  set  of  light-dark  fringes  from  A'  to  B 
with  a.  spacing 

D  =  t^  cotan  4>  (7) 

idiere  tg  is  the  so-called  extinction  distance.  t_  is  related  to  the  electrons' 

wavelength  1,  the  accelerating  voltage  TJ  and  the  lattice  potential  V  . 

§ 

Similar  fringes  may  be  observed  idien  twin  and  grain  boundaries  lie  under 
an  oblique  angle  in  the  specimen  (Fig .  12) . 

The  above  discussion  of  the  diffraction  contrast  was  based  on  the 
kinematical  theory  of  electron  diffraction.  The  validity  of  this  theory  breaks 
down  for  s  approaching  zero,  i.e.,  vdien  the  Lane  conditions  are  fulfilled  exactly. 
Then  use  must  be  made  of  the  dynamical  theory  of  electron  diffraction  which  takes 
into  account  the  interaction  of  electron  waves  with  the  wave  field  inside  the 
crystal.  The  latter  treatment  provides  quantitative  results  for  many  of  the 
problems  discussed  above.  According  to  the  dynamical  theory  (2^) ,  the  fringe 
distance  for  stacking  faults  is  half  of  that  obtained  for  s  >  0  (see  Fig.  lib), 
which  is  an  important  result  concerning  the  possibility  of  distinguishing  between 
stacking  faults  and  grain  boundaries  and  other  diffraction  fringes.  So  far  only 
dislocations  lying  parallel  to  the  plane  of  the  foils  have  been  considered.  While 
their  image  showed  uniform  contrast,  dislocations  inclined  against  the  surface  of 
the  foil  have  a  dotted  appearance  (Fig.  12)  tdiich  has  been  explained  by  the 
dynamical  theory  as  intensity  oscillations. 

Reliability  of  Results  Obtained  by  Diffraction  Electron  Microscopy 

The  high  scattering  power  of  matter  for  electrons  demands  the  preparation 
of  specimens  for  diffraction  electron  microscopy  in  the  thickness  range  of  a  few 
thousand  Angstroms.  Usually  this  is  done  by  electropolishing  (12),  and  techniques 
for  electromachining  electron  transparent  crystal  wafers  from  bulk  specimens  have 
been  described  in  the  literature  (26) . 
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Bec'iusu  oi'  the  reduction  of  i.hick  moi'il  crysf  jls  to  /ury  thin  foils,  one 
immediately  r.'dses  !lie  question  of  liow  reprcseiitat. ive  the  obser'/ed  dislocation 
patterns  really  are.  In  a  recent  paper  Ham  claims  that  6o;'u  of  the  dislocations 
in  a  rolled  aluminum -silver  alloy  are  lost  'n  the  preparation  of  the  tnin  speci¬ 
mens  (27) •  This  conclusion  is  based  on  comparisons  between  dislocation  densities 
of  unaged  and  aged  M-0.^%  Ag  alloys  which  had  been  deformed  by  rolling  iSj^  or  h$%- 
Because  of  the  formation  of  small  silver  aggregates  in  the  aged  alloy,  it  can  be 
assumed  that  the  free  motion  of  dislocations  is  reduced.  Since  the  ag^id  specimens 
contained  more  than  2  times  as  many  dislocations  than  the  unaged  specimens,  Ham 
argues  that  at  least  60%  of  dislocations  in  Al-0.5/‘S  Ag  and,  by  inference  in  Al,  are 
lost  during  the  preparation  cf  the  thi.n  specirren.  If  this  re^-alt  be  correcc.,  one 
would  have  to  conclude  that  dislocation  rearrangements  during  electropolishing 
would  take  place  to  an  extent  that  the  patterns  observed  in  the  microscope  would 
not  bear  much  resemblance  to  the  dislocation  arrangement  in  the  bulk  specimen. 

The  change  of  dislocation  patterns  in  deformed  aluminum  single  crystals 
has  been  investigated  with  the  diffraction  electron  microscopy  method,  selecting 
specimen  thickness  as  the  variable  (28) .  Indeed,  a  considerable  loss  of  disloca¬ 
tions  and  their  re air angement  was  clearly  measurable  below  a  thickness  of  1$00  A. 
However,  it  was  found  hat  the  dislocation  patterns  did  not  change  noticeably  in 
foils  from  2000  A  up  to  8OOO  X,  the  latter  specimen  thickness  being  the  largest 
vfcLch  permitted  discernible  dislocation  contrast  to  be  obtained  at  an  acceleration 
voltage  of  100  KV.  It  has  been  pointed  out  (28)  that  "image  forces"  will  tend  to 
pull  dislocations  out  of  the  specimen,  if  they  are  parallel  or  almost  parallel  to 
the  surface,  and  provided  that  the  slip  plane  is  sufficiently  inclined  against  the 
foil's  surface,  ’tdiich  should  not  be  covered  with  an  elastically  harder  layer.  The 
other  major  influence  on  dislocations  is  due  to  their  tendency  to  reduce  their  line 
energy.  This  can  be  achieved  by  dislocations  moving  perpendicular  to  the  surface 
vAiile  remaining  in  their  slip  planes.  Clearly,  the  above  considerations  will  be 
influenced  by  the  frictional  forces  the  dislocations  have  to  overcome,  which  will 
vary  greatly  from  metal  to  metal. 

Before  we  return  to  the  problem  of  measuring  dislocation  densities  by 
the  thin  film  technique,  some  experimental  findings  will  be  discussed  vdiich  are 
related  to  the  mobility  of  dislocations  near  the  surface  of  a  thin  foil.  Under 
certain  experimental  conditions,  dislocations  form  patterns  that  are  repeated 
throughout  the  specimen.  As  a  first  example,  I  am  refeiring  to  square-shaped  loops 
in  AI-0.5^  Mg  which  are  obtained  after  annealing  quenched  specimens.  In  Fig.  13  a 
number  of  these  loops  are  shown.  The  plane  of  the  loops  is  only  slightly  inclined 
to  the  STirface,  which  in  one  instance  cuts  through  the  loop  (see  arrow  in  Fig.  13). 
Although  the  shape  of  the  loop  has  not  been  changed  markedly,  a  short  dislocation 
is  seen  to  connect  one  end  of  the  cut-off  loop  with  the  surface.  Undoubtedly, 
this  part  of  the  dislocation  has  been  moved  out  of  the  original  plane  of  the  loop 
by  the  driving  forces  discussed  in  the  previous  paragraph.  However,  no  further 
changes  seem  to  have  taken  place.  A  second  example  can  be  provided  with  the  help 
of  Fig.  lU  idiich  shows  dislocation  loops  in  a  deformed  molybdenum  single  crystal. 
Loops  of  this  type  are  prismatic  and  apparently  have  been  "punched  out"  by  stress 
concentrations  due  to  precipitates  in  the  matrix.  They  number  from  five  to 
approximately  twenty  and  are  mostly  of  similar  diameter,  vdiich  decreases  somewhat 
with  increasing  distance  from  Its  origin.  Again,  the  surface  has  cut  through  most 
of  the  loops  without  affecting  their  shape  to  a  major  degree. 
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One  might  also  refer  at  this  point  to  the  numerous  investigations 
carried  out  on  many  pure  metals  and  alloys  vdiich  have  yielded  much  information  as 
to  the  different  dislocation  behavior  in  these  materials.  Prom  the  above  dis¬ 
cussion  it  is  concluded  that,  provided  certain  precautions  are  observed,  the 
technique  provides  reliable  information  on  dislocation  arrangements  in  crystals. 


Since  the  knowledge  of  dislocation  densities  in  deformed  crystals  is 
of  utmost  importance  to  the  understanding  of  che  flow  characteristics,  the  meastire- 
ment  of  this  quantity  desei^s  to  be  given  special  attention.  Most  specimens  for 
diffraction  electron  microscopy  are  prepared  from  large  single  crystals  or  test 
specimens  by  electrolytic  cutting  and  polishing.  In  general,  the  final  film  has 
a  thickness  of  a  few  thousand  Angstroms  and  contains  in  an  area  of,  say,  lOp^,  a. 
ntmiber  of  macroscopic  wrinkles.  Although  the  angular  deviation  between  adjacent 
areas  may  only  be  in  the  order  of  one  minute  of  arc,  it  is  siifficient  to  upset 
the  diffraction  condition.  This  in  turn  does  not  permit  the  observer  to  see 
dislocations  in  a  large  area  without  continuously  adjusting  the  orientation  of  the 
specimen  against  the  incident  beam.  Also,  the  diffracting  lattice  planes  may 
contain  the  direction  of  the  Burgers  vector  of  one  set  of  dislocations  which  would 
lead  to  too  small  a.  dislocation  count.  Again,  tilting  the  specimen  could  correct 
this  possible  error  in  measurement. 


In  case  the  inherent  difficulties  of  the  technique  have  been  overcome, 
the  success  of  a  dislocation  count  will  also  depend  on  the  particular  arrangement 
of  these  defects.  Since  the  majority  of  dislocations  will  not  be  straight  but 
kinked  and  curved,  the  actual  measurement  of  dislocation  lines  per  ccm  is  difficult. 
Moreover,  this  measurement  requires  the  knowledge  of  the  thickness  of  the  specimen, 
the  dislocation's  glide  plane  and  the  angle  of  this  glide  plane  to  the  foil's 
surface;  often  the  experimental  determination  of  the  Burgers  vector  is  needed.  In 
principle,  all  of  these  measurements  can  be  performed,  but  the  process  is  cumbersome 
and  time  consuming.  Only  few  instances  are  knovm  where  glide  dislocations  are  dis¬ 
tributed  uniformly  throughout  the  crystal,  -which  is  the  main  assumption  for  the 
discussion  so  far. 


The  agglomeration  of  dislocations  into  tangles  or  "diffuse’'  cell  walls 
during  plastic  flow  is  more  frequent.  Here,  the  density  of  dislocations  may  become 
so  high  that  cell  walls  cr  tangles  appear  as  dark  areas  in  the  micrographs,  idiich 
condition  will  not  allow  a  dislocation  count  at  all,  or  only  over  smaller  areas. 

Of  course,  thinning  the  foil  to  1000  2  or  possibly  less  would  enable  the  detection 
of  single  dislocations ;  howe-ver,  this  appears  not  to  be  possible  without  losing 
many  of  them  to  the  surface  and/or  from  their  ararrangement .  This  is  exactly  what 
seems  to  have  happened  in  the  foils  studied  by  Ham  (27)  .  His  pa.per  contains  three 
electron  micrographs  which  exhibit  cell  walls  containing  glide  dislocations  in 
(i)  pure  aluminum,  (ii)  unaged  Al-O.^^  Ag,  and  (iii)  aged  Al-0.^  Ag.  Whife  the 
latter  micrograph  sho-ws  dislocations  not  only  in  the  cell  walls  but  also  in  -the 
areas  bet-ween  walls,  the  voltune  between  cell  walls  in  the  first  two  micrographs  is 
empty.  It  is  known  from  other  investigations  (29)  that  aluminum  contains  small 
prismatic  loops  near  glide  dislocations.  The  absence  of  prismatic  loops  and  some 
odd  dislocations  -within  the  cells  indicate  that  the  final  foils  -were  too  thin  to 
permit  reliable  dislocation  counts,  ^ile  thicker  foils  would  have  obscwed  single 
dislocations  in  the  cell  walls.  I-t  stands  to  reason  that  diffraction  electron 
microscopy  is  a  suitable  -technique  for  dislocation  counts  in  lightly  deformed 
crystals  -with  reasonably  uniform  dislocation  density.  However,  for  heavily 
defonned  crystals  the  error  of  measurement  is  quite  considerable,  and  Ham's  data 
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on  KL-G.'-jfu  Ag  are  not  acceptable  until  the  measurements  have  been  repeated  with 
single  crystals  which  permit  the  counts  in  known  crystallographic  planes  and  an 
accurate  determination  of  the  specimen's  thickness. 

Summary  of  Applications 

Many  applications  of  the  techniques  discussed  above  to  the  numerous 
problems  of  substructures  in  crystals  have  been  reported  (30) .  It  has  been  pointed 
out  in  the  previous  paragraph  that  diffraction  electron  microscopy  is  particularly 
useful  for  accurate  measurements  in  the  range  of  a  few  microns  and  less.  This  is 
the  reason  why  the  most  significant  results  have  been  obtained  on  substructures  in 
deformed  metals,  characterizing  their  role  in  yielding  phenomena,  plastic  flow,  by 
translation  as  well  as  twinning,  and  fracture.  Since  this  method  offers  the 
highest  resolution  of  all  known  experimental  techniques  for  the  study  of  disloca¬ 
tions,  even  sub -boundaries  with  spacings  ol  less  than  300  A  can  be  analyzed  in 
great  detail,  provided  the  arrangement  is  fairly  regular.  This  applies  to  all  tilt 
and  twist  boundaries,  and  the  investigation  of  recovery  and  re crystallization 
processes  with  this  method  can  be  very  useful.  Recently,  the  formation  of  disloca¬ 
tion  networks  in  crystals  with  layer  stiuctures  has  received  considerable  attention. 
Since  these  crystals  cleave  easily  parallel  to  their  basal  planes,  specimen  prep¬ 
aration  is  thus  facilitated  and,  of  co\irse,  it  is  of  great  advantage  that  the  dis¬ 
locations  are  lying  parallel  to  the  plane  of  the  specimen.  Usually,  diffraction 
conditions  are  satisfied  for  areas  larger  than  the  field  of  view,  and  very 
beautiful  micrographs  have  been  taken  from  graphite,  mica,  talc,  the  bismuth - 
tellurides  and  others  (31) • 

Certain  substiructures  found  in  crystals  grown  by  solidification  methods 
have  spacings  in  the  order  of  1  mm,  and  electron  microscopy  is  not  likely  to 
contribute  much  to  their  explanation.  The  chances  of  coming  across  grown -in  sub¬ 
boundaries  in  a  thin  film  are  rather  small,  and  x-ray  and  etch  pit  techniques  are 
more  suitable  for  their  study.  However,  in  the  field  of  epitaxial  overgrowth 
diffraction  microscopy  could  play  an  important  role.  According  to  Frank  and 
van  der  Merwe  (32),  the  misfit  between  two  different  lattices  can  be  descrj.bed  in 
terms  of  interfacial  dislocations,  and  interesting  observations  on  PbS  and  PbSe 
and  chromium  bromide  have  recently  been  reported  in  the  literature  (33,  3U) • 

The  most  interesting  observations  of  substructures  have  been  made  on 
deformed  crystals,  and  we  will  limit  ourselves  to  a  brief  discussion  of  dislocation 
patterns  in  metal  crystals.  The  state  of  the  art  until  1959  was  summarized  by 
Hirsch  in  a  review  article  (35)  •  In  agreement  with  earlier  surface  studies  on 
deformed  metals  (36) ,  it  was  found  that  a-brass  and  the  pure  fee  metals  respectively 
show  different  dislocation  structures  indeed.  In  (r=brass  and  stainless  steel  (37) 
pile-ups  were  observed  -vdiile  in  gold,  copper  and  nickel  the  dislocations  are 
arranged  "in  very  complex  three-dimensional  networks  at  low  deformation,  and  in 
poorly  developed  sub -boundaries  at  higher  deformations."  (35)  Experimental  evidence 
to  this  effect  due  to  Tomlinson  and  Partridge  was  given  in  the  above-mentioned 
review  article  by  Hirsch  (35)  and  by  VJhelan  (38)  •  These  results  were  explained 
by  considering  dislocation  interactions. 

In  1959,  Wllsdorf  and  Kuhlmann-Wilsdorf  (29)  pointed  out  that  small 
prismatic  dislocation  loops  were  present  near  the  irregularly  arranged  glide 
dislocations  in  lightly  deformed  aluminum  and  nickel.  For  several  reasons, 
including  the  observation  that  the  nature  of  these  loops  is  the  same  as  that  of 
quenched-in  loops  (39-I4I) ,  it  was  concluded  that  point  defect  interactions  with 
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glide  dislocations  are  responsible  for  the  formation  of  the  irregular  and  kinked 
dislocations  in  fee  pure  metals.  Along  an  individual  dislocation  line  many  curva¬ 
tures  of  very  small  radii  can  be  observed  which  are  tao  small  to  be  in  equilibrium 
with  the  applied  stress;  i.e.,  dislocation  lines  are  lying  not  in  one  slip  plane 
but  contain  many  super  jogs.  The  fact  that  tangles  occur  at  a  glide  strain  of 
0.05  in  crystals  oriented  for  single  glide  is  strong  proof  that  the  responsible 
mechanism  is  based  on  point  defect  interactions  and  not  on  "forest  cutting"  (142-14;)  • 

Another  unexpected  dislocation  phenomenon,  discovered  with  the  help  of 
diffract'’on  electron  microscopy,  is  the  presence  of  long,  narrow  dislocation  loops 
which  form  behind  screw  dislocations  parallel  to  ^  112  >  .  They  were  seen  in 
aluminum  (h^) ,  magnesium  oxide  (146),  in  zinc  (i;?),  copper  (l48,i49,50) ,  and  in 
fatigued  metals  (I48) .  In  particular,  the  presence  of  these  dislocation  "dipoles" 
is  most  frequent  in  stage  I  of  the  stress-strain  curve  of  f.c.c.  crystals  deformed 
at  low  temperatures  (143,14-9,50)  •  The  reason  that  they  are  not  seen  at  higher 
deformations  under  conditions  of  multiple  slip  or  at  elevated  temperatures  pre¬ 
sumably  is  two  fold:  (i)  intersecting  dislocations  will  break  up  the  dipoles; 

(ii)  as  shown  by  Price  (hi),  the  dipoles  disintegrate  into  sequences  of  prismatic 
loops  at  temperatures  which  permit  conservative  climb. 

Electron  diffraction  microscopy  is  the  only  technique  idiich  enables  one 
to  see  the  movement  of  dislocations.  Hirsch,  Horne,  and  Whelan  (7)  were  the  first 
to  observe  moving  dislocations  in  aluminum  foils.  In  these  experiments  an  increase 
in  intensity  of  the  illuminating  electron  beam  was  used  to  induce  the  stresses 
which  moved  the  dislocations.  Soon  afterwards,  small  straining  devices  vjere  built 
for  the  deformation  of  thin  foils  in  the  electron  microscope  (51,52,53)*  This 
technique  ma.de  possible  the  direct  observation  of  dislocation  propagation,  their 
interactions  iri.th  e.3,ch  other  and  with  obstacles,  cross-slip,  pile-ups,  dislocation 
sources  and  fracture  (54,55,56)  .  Later  experiments  ma,de  use  of  ribbons  grown  by 
vapor  techniques  and  showed  the  formation  of  prismatic  loops  in  the  wake  of  glide 
dislocation.  Information  on  climb  was  obtained  by  following  the  motion  of 
R -dislocations  (39)  during  the  annealing  of  thin  quenched  aluminum  foils  in  the 
microscope  (57) •  Even  the  formation  of  precipitates  in  an  aluminum -copper  alloy 
and  their  dissolution  at  will  by  controlling  the  temperature  cycle  was  possible  (58) . 
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SiO  FILM 


DIRECTION  OF 
EVAPORATION 


Fig.  1  Schematic  representation  of  the  preparation  of  a  so-called  "direct" 

replica.  For  details  of  the  SiO  replica  technique,  see  reference 
(11). 
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Fig.  2  Detection  of  the  emergence  of  dislocations  at  the  surface  by  a 

combined  precipitation  and  replica  technique. 

(a)  9000:1;  (b)  18000;1 
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Fig.  3  Etch  pits  marking  the  sites  of  dislocations  in  deformed  a-brass 

(Meakin  and  Wilsdorf  (17,18)). 

(a.)  20000:1;  (b)  J5000:i  (arrows  indicate  sub-boundary) 


Fig.  i;  Ewald's  construction  of  the  conditions  for  the  diffraction  of 

electrons  in  crystals.  For  explanation  of  symbols,  see  text. 
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K-g.  5 


Pig.  6 


j DIFFRACTED  WAVE 

Column  in  crystal  used  for  the  calculation  of  diffraction  contrast. 


Path  of  electrons  passing  through  the  specimen,  or  being  diffracted 
into  an  angle  larger  than  the  objective  a,perture,  forming  the 
intermediate  image.  Dislocation  is  indicated  as  dark  line  in 
specimen. 
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Fig.  7 


Fig.  8 


Intensity  profiles  for  dislocations  with  n  =  1  (top)  and 
n  =  2  (bottom)  (after  Gevers  (2U)). 


Shift  of  the  image  of  dislocations  due  to  a  change  of  s.  IjOOCXDtl 
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Jig.  9  Sketch  illustrating  that  the  image  of  a.  dislocation  loop  is  lying 

either  "inside"  or  "outside"  of  the  true  location  of  the  dislocation 
loop.  L.S.  and  R.S.  Indicate  left  and  right-handed  screw  disloca,- 
tion  respectively. 


Fig.  10a.  Diffraction  fringes  due  to  changing  thickness  of  specimen.  13000:1 


10b  Fringes  due  to  bent  specimen,  named  "extinction  contour".  20000:1 
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Fig.  11  Origin  oi'  diffraction  fringes  caused  by  a.  stacking  fault. 

(a)  Spacing  of  fringes  according  to  kirlematical  theory  and 

(b)  due  to  the  dynamical  theory  of  electron  diffraction 
(after  Howie  and  Whelan  (2W). 


Fig.  12  Diffraction  fringes  due  to 

(a)  a  stacking  fault,  i^DOOOrl;  and  (b)  a  grain  oi  twin 
boundary,  140000:1 
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Fig.  13 


Square -shaped  dislocation  loops  in  quenched  and  aged  Al-0.5^  Mg 
specimen,  IjDOOO:! 

Micrograph  by  courtesy  of  I.  G,  Greenfield 


Pig.  llj.  "Punched-out"  loops  in  molybdenum  single  crystal.  ijDOOO:! 

Micrograph  by  courtesy  of  H.  Gaigher  and  A.  Lawley 
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THE  OBSERVATION  AND  MEASUREMENT  OF  SUBSTRUCTURES  IN  CRYSTALS 

BY  X-RAY  TECHNIQUES 
by  S.  Welssmann 

College  of  Engineering,  Rutgers  •  The  State  University,  New  Brunswick,  N,  J. 


1.  INTRODUCTION 

It  is  uni versa}  ly  recognized  that  a  great  many  properties  of  solids  are  sig¬ 
nificantly  affected  by  small  changes  in  the  perfect  arrangement  of  atoms  of  which 
the  solid  is  composed.  Such  properties  are  said  to  be  structure-sensitive.  The 
three  most  important  classes  of  structure-sensitive  properties  of  crystalline  mat¬ 
ter  are  mechaniced,  electric  and  magnetic.  Thus  the  strength  and  plastic  prop¬ 
erties  of  metals  and  many  other  crystals,  the  phenomena  of  crystal  growth  and  re¬ 
crystallization,  the  diffuse  properties,  optical  and  dielectrical  behavior  of  in¬ 
sulating  crystals,  photoconductivity,  luminescence  and  the  coercive  force  are  typ¬ 
ical  structure-sentitive  properties.  Generally,  a  relatively  small  number  of  lat¬ 
tice  defects  exerts  disproportionately  large  effects  on  these  properties. 

It  is  proposed  to  discuss  in  this  paper  various  x-ray  methods  used  for  dis¬ 
closing  crystal  imperfections  and  lattice  Inhomogeneities  and  to  show  how  these 
methods  can  be  effectively  linked  to  light  and  electron  microscopic  studies.  For 
it  is  the  belief  of  this  author  that  through  the  interplay  of  these  methods  a  de¬ 
tailed,  quantitative  elucidation  of  the  defect  structure  can  be  achieved.  Fur¬ 
thermore,  it  is  proposed  to  show  briefly  in  the  manner  of  an  illustrated  trave¬ 
logue  highlights  of  some  applications  of  these  methods  to  problems  of  scientific 
and  technological  importance  alike.  Because  of  the  limited  scope  of  this  paper 
the  reader  will  be  referred  to  special  publications  if  details  concerning  the 
methods,  applications  and  research  results  are  df'sired. 

2.  X-RAY  BACK-REFLECTION  DIVERGENT  BEAM  METHOD  AND  STRAIN  ANALYSIS 

The  divergent  beam  method  is  principally  a  precision  method  for  the  determin¬ 
ation  of  lattice  parameters  and  anisotropic  lattice  distortions  of  single  crysteds. 
It  yields  also  information  with  regard  to  local  lattice  misplignment  and,  if  the 
patterns  are  properly  inteiTjreted,  one  may  even  obtain  a  topographical  mapping  of 
lattice  misorientations  in  the  crystal  with  a  limiting  resolution  of  about  3 '-4' 
of  arc. 

As  practiced  by  the  author  the  divergent  beam  method  utilizes  a  horizontal  cap¬ 
illary  x-ray  tube  designed  by  T,  luura  (iT.  An  electron  beam  originating  from  an 
electron  gun  is  focussed  by  means  of  electromagnetic  lenses  onto  the  tip  of  a  long 
capillary  tube,  where  a  thin  metal  foil  is  placed  as  an  x-ray  tcurget.  By  operat¬ 
ing  the  tube  at  a  suitable  voltage  an  x-ray  beam  with  characteristic  radiation 
emerges  from  the  tip  of  the  x-ray  tube,  exhibiting  a  divergence  of  nearly  180^. 

When  this  beam  impinges  on  the  test  crystal  vAdch  is  placed  at  a  distance  of  1-3 
mm  fl'om  the  tip  of  the  capillary  tube,  diffraction  patterns  of  the  characteristic 

(l)  T.  Imura,  Part  I,  II,  III;  J.  Jap.  Inst,  of  Metals,  1^,  10  (1952);  Nanlwa  univ. 

Ser.  A,  2,  51  (1954);  Bull,  Univ.  of  Osaka  Prefecture,  Ser.  A,  i,  1  (1957). 
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spectrum  in  transmission  as  well  as  in  the  back-reflection  region  are  obtained 
(Fig.  l) ,  These  patterns  are  analogous  to  the  well-known  Kossel  patterns,  except 
that  in  the  case  of  the  capillary  x-ray  tube  the  patterns  are  produced  by  an  x-ray 
source  which  is  outside  instead  of  inside  the  specimen.  For  want  of  a  better  name 
these  patterns  were  termed  pseudo-Kossel  patterns. 

Of  particular  interest  are  the  back-reflection  patterns  which  can  be  obtained 
with  much  greater  ease  than  the  transmission  patterns.  Only  a  few  minutes'  exposure 
time  is  required.  Figure  2  is  a  back-reflection  pattern  of  an  Al-3.35i^  Cu  crystal 
solution  heat-treated  and  water-quenched.  Each  ellipse  corresponds  to  a  definite 
(hkl)  set  of  planes.  By  measuring  the  long  axis  of  the  ellipses  and  the  specimen- 
to-film  distance,  the  interatomic  distance,  d,  of  the  various  (hkl)  planes  can  be 
determined  (l).  In  a  new  development  a  quartz  crystal,  a  few  microns  thick,  is 
used  as  an  internal  calibrator.  The  quartz  crystal  is  placed  in  front  of  the  test 
crystal  and  both  patterns,  that  of  quartz  and  that  of  the  test  crystal,  are  simul¬ 
taneously  recorded.  Using  the  Sq  parameter  of  quartz  as  an  internal  steindard  the 
d-spacings  can  be  measured  with  a  precision  of  +p,02;6. 

Hosokawa,  Padawer  and  Weissmann  (2)  have  recently  developed  an  alternative 
method  achieving  nearly  the  same  degree  of  precision.  In  this  method  the  pseudo- 
Kossel  patterns  are  recorded  on  the  same  film  at  different  speclmen-to-film  dis¬ 
tances  and  the  diffraction  angle  0  of  the  (hkl)  reflection  is  directly  determined 
from  the  precisely  known  distances  between  consecutive  film  positions.  Let^  rep¬ 
resent  the  dip  angle,  that  is,  the  angle  between  the  optical  axis  of  the  capillary 
tube  and  the  normal  of  the  diffracting  (hkl)  planes,  0=90-^,  and  let  m  and  n  be 
the  measured  distances  of  the  corresponding  points  on  the  elliptical  pseudo-Kossel 
patterns  recorded  at  film  positions  a2  and  a^^,  respectively,  as  shown  in  Fig,  1, 
where  c  =  a2  -  a^j  then  the  following  relationship  holds: 

m/c  =  tan(c  +/^)  (l) 

n/c  =  tan(a  -  /^ )  (2) 

From  these  two  equations  a  and  therefore  0  euid  d(hkl)  can  be  determined  di¬ 
rectly. 


Modifications  of  the  interatomic  spacings  resulting  from  physical  or  chemical 
processes  can  be  well  studied  by  the  divergent  beam  method,  and  since  individual 
(hkl)  reflections  are  being  measured  the  anisotropic  changes  in  structure  can  be 
uniquely  determined.  For  example,  the  (hkl)  and  (hkl)  reflections  in  a  cubic  struc¬ 
ture  give  rise  to  two  different  ellipses  euid  consequently  if  anisotropic  changes 
in  structure  occur  the  d-values  of  the  two  reflections  may  no  longer  be  identical. 
One  may  become  larger  and  the  other  may  indeed  become  smaller  (Fig.  3) .  By  measur¬ 
ing  the  changes  of  lattice  spacings,  Ad,  of  more  than  six  independent  (hkl)  re¬ 
jections  and  referring  them  to  the  d  values  of  the  original  state,  strain  values, 
are  obtained  which  are  used  as  the  raw  data  for  a  recently  developed  strain 
analysis  (3).  This  analysis,  carried  out  with  the  aid  of  a  commter,  gives  the 
strain  distribution  in  terms  of  three  principal  strains,  namely,  the  maximum  strain 


(2)  H.  Hosokawa,  G.  Padawer  and  S.  Weissmann,  "Precision  Measiirements  by  the  X-Bay 
Back-Reflection  Divergent  Beam  Method,"  (to  be  published). 

(3)  T.  Iraura,  S.  Weissmann  and  J,  J.  Slade,  Jr.,  Acta  Cryst.  786  (1962). 
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,  the  interaediate  strain  €2  and  the  mlnlinun  strain  The  jnagnitude  and  di¬ 

rection  of  the  principal  strains  define  completely  the  strain  ellipsoid  and  conseq¬ 
uently  the  strains  in  any  other  desired  direction  can  be  computed. 

2.1  Applications 

A.  Lattice  Distortions  in  Age -Hardening  of  AUpya 

The  strain  analysis  based  on  the  back-reflection  divergent  beam  method  was 
applied  to  the  study  of  age-hai“deniag  of  an  Al-3.85^  Cu  alloy  (3).  Various  modes 
of  quenching  and  varioiis  stages  of  age-hardening  were  investigated.  The  results 
of  the  analysis  are  given  in  Table  I.  The  maxlmuffl  strain  corresponding  to  the 
ageing  stage  associated  with  the  formation  of  the  Gulnler-^reston  zones  coincided 
with  one  of  the  [IoqJ  directions  and  shifted  about  20°  when  the  O'  phase  was  pre¬ 
dominant.  The  anisotropy  of  strain  distribution  was  interpreted  in  terms  of  a  pre¬ 
ferred  vacancy  migration  due  to  thermal  and  concentration  gradients  introduced  by 
quenching. 


B.  Lattice  Defects  Induced  bv  Neutron  Irradiation 

Another  interesting  application  of  the  method  was  the  determination  of  the 
strain  distribution  in  thin  quartz  crystals  induced  by  fast  neutron  lrradiation(4) . 
Major  strain  differences  were  found  between  crystals  cut  paredlel  to  the  basal 
(00.1)  plane  (z-cut)  and  those  cut  perpendicular  to  it  (x-cut)  (Table  II).  The 
x-ray  results  were  interpreted  in  terms  of  a  mechanism  of  dynamic  crowdions  involv¬ 
ing  the  formation  of  clusters  of  interstitial  atoms  aligned  in  specific  directions 
relative  to  the  open  screw  channels  of  the  quartz  structure,  and  in  terms  of  a 
thermal  spike  mechanism  giving  rise  to  clus'ter  formation.  It  was  indeed  gratifying 
when  subsequent  studies  of  transmission  electron  microscopy,  carried  out  on  the 
identical  specinsns  after  appropriate  thinning  by  etching,  disclosed  directly  the 
existence  of  clusters  of  point  defects.  Furthermore,  it  was  found  that  the  align- 
laent  of  the  clusters  as  determined  by  means  of  selected  area  diffraction  coincided 
with  the  maximum  strain  direction  deduced  from  the  x-ray  study  (Fig.  4) .  Good 
agreement  was  also  found  between  the  average  size  of  defect  clusters  determined  bF 
transmission  electron  microscopy  cuid  that  determined  by  small-angle  x-ray  scatter¬ 
ing  (Table  III).  This  study  may  serve  as  a  good  example  for  illustrating  the  in¬ 
terplay  of  x-ray  and  electron  ndcroscoiy  techniques,  which  are  cot  competitive  but 
e(»pleasntary  to  each  other. 

.glMllc.  PefaJUftaan  af  SalAds 

Local  mlsorlentatlons  of  lattice  domains  show  up  as  discontinuities  in  the 
pseudo-Kossel  line  pattern.  Such  discontlnuitied,  indicated  by  arrows,  were  made 
more  conspicuous  in  Fig.  5  by  employing  a  multiple  exposure  technique  in  which  the 
specimen-to-filiD  distance  was  slightly  varied  between  exposures.  Whereas  ductile 
■stale  such  as  f.  0.  0.  alumlnus  or  b.  c.  c.  tantalua  deform  at  room  temperature  on 
■any  slip  systems  and  therefore  exhibit  broadening  and  discontinuities  for  prac¬ 
tically  all  elliptical  lines,  brittle  aetcils,  vis.  molybdenum,  deform  essentially 
on  few  or  only  on  a  single  slip  system  and  t^refore  show  brocdenicg  and  dlscon- 

(4)s.  Veissmann,  T.  Imura,  K.  Nakajima  and  S.  £.  WLsnewski,  "Lattice  Defects  of 
Quarts  Induced  by  Fast  Neutron  Irradiation"  (to  be  published  in  Proc.  of  Sympo- 
on  Point  Defects,  Kyoto,  1962,  J.  Fbys.  Soc.  Japan). 
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23  hrs 


Effect  of  Feat  Neutron  Irradiation  on  the  Principal  Strains  In  Quarts.  CxyeUls 


79 


(h  k  .  1)  are  Miller  Indioee  of  planee  perpendicular  to  the  direction  of  strain. 
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tlon  to  Isolated  clusters  a  hexagonal  network  was  o^rved  resulting 
e  Interactions  of  clusters,  Slse  of  hexagon  ft;  IOOCa, 

-ve  network  formation. 


tinulties  for  only  a  few  (hkl)  reflections,  leaving  the  other  (hkl)  reflections 
’/irtually  \uiaffected.  This  opens  up  an  exciting  possibility  of  studying  the  change 
In  strain  distribution  during  the  ductile-brittle  transition  of  a  metal.  Such 
studies  are  currently  in  progress.  For  Initial  stages  of  deformation  of  metals  the 
strain  distribution  on  all  active  slip  planes  can  be  determined  from  the  principal 
strains  and  the  increase  or  decline  of  strain  can  be  followed  as  a  function  of 
Jeformatlon.  The  strain  distribution  measxirements  of  this  type  are  made  possible 
either  because  of  an  effective  build-up  of  strains  taking  place  at  the  specimen 
surface,  where  dislocations  are  being  prevented  from  escaping  presumably  hy  bar¬ 
riers  of  oxide  layers,  or  because  of  the  existence  of  residual  strains  resulting 
from  the  deformation  process. 

If  a  binary  alloy  foil  is  used  as  x-ray  target  the  pseudo-Kossel  pattern  will 
consist  of  two  sets  of  lines  corresponding  to  the  target  material.  Consequently, 
precision  lattice  parameter  measurements  can  then  be  carried  out  not  only  as  a 
function  of  wavelength  but  also  as  a  function  of  depth  penetration.  It  is  also 
possiblo  to  extend  the  divergent  beam  method  further  by  carrying  out  microphoto¬ 
metric  measurements  of  the  line  profiles  followed  by  a  Fourier  transform  analysis 
in  order  to  detemiine  particle  size  and  average  local  strain  (5).  Such  studies  are 
also  currently  in  progress. 

3.  COMBINATION  OF  X^Y  DOOBLE-CRISTAL  DIFFRACTOMETER  AMD 
X-RAY  DIFPTIACTION  MICROSCOPY 

The  double-crystal  diffractometer  is  a  precision  instrument  capable  of  resolving 
lattice  ndsorientations  of  a  few  seconds  of  arc.  It  is,  therefore,  very  well  suited 
for  the  study  of  the  misfit  angle  of  adjacent  subgrains  and  its  modifications  in¬ 
duced  by  mechanical  stress  or  annealing. 

In  this  instniment  the  incident  beam  falling  on  the  test  crystal  is  first  re¬ 
flected  from  a  monochromatizing  crystal  and  the  beam  reflected  by  the  rotating  test 
crystal  is  registered  by  an  electronic  radiation  detector.  Perfect  test  crystals 
will  reflect  over  a  very  narrow  range  of  specimen  rotation,  vdiile  imperfect  crystals 
having  a  wider  spread  of  lattice  misorientation  will  reflect  over  eui  extended  range. 
In  the  case  of  crystals  possessing  subgrains  which  are  brought  successively  into 
reflecting  position,  the  reflection  curve  will  exhibit  multiple  peaks  instead  of  a 
single  peak  (6).  Such  a  reflection  curve  is  Illustrated  in  Fig.  6,  >diere  the  angu¬ 
lar  separation  of  <^30'  between  peaks  3  and  9  defines  the  misfit  angle  between  two 
adjacent  coarse  subgrains.  It  is  interesting  to  note  that  in  this  specific  case 
the  misorientation  of  the  coarse  subgrains  is  not  large  enou|^  to  be  resolved  by 
conventional  x-ray  techniques.  Thus  the  back-reflection  Laue  diagram  of  this 
crystal  exhibits  no  visible  break-up  of  the  spots. 

The  most  characteristic  and  useful  feature  of  the  double-crystal  diffractometer 
method  as  employed  in  this  laboratory  is  the  combination  of  electronic  radiation 
detector  and  supplementary  film  technique  (6).  Although  the' radiation  detector  is 
highly  sensitive  in  registering  slight  variations  in  x-ray  intensities,  it  is  in¬ 
sensitive  in  discriminating  between  the  location  of  different  lattice  domains  on 
the  spedmen  surface  which  contribute  to  a  registered  intensity  value.  A  film 

(5) B.  E.  Warren.  Progress  in  Metal  Physics.  8,  Ch,  3,  147.  Pergamon  Press  (1959). 

(6) J,  Intrater  and  S.  Welssmann,  Acta  Cryst.  2f  729  (1954). 
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placed  In  tront  of  the  radiation  deteotor,  houever,  fonctione  as  a  "guiding  eje”  to 
the  counter  and  plna  dovn  the  location  of  the  reflecting  lattice  doBHd.ns  tdiloh  give 
rise  to  a  apeolflo  registered  Intensity  value. 

The  analysis  of  the  refleotion  curve  of  Fig.  6  hy  oisans  of  the  supplenentaxy 
film  technique  Is  shown  In  Fig.  7.  This  figure  eidilhits  the  nflectlon  Images  of 
the  magnesium  crystal  recorded  photographloally  In  firont  of  the  radj.ation  detector 
at  discrete  rotation  positions  of  the  speoimen.  The  corresponding  positions  are 
Indicated  hy  numbers.  The  break-up  of  the  reflection  Images  discloses  the  exist¬ 
ence  of  mlcroscoplo  subgrains  of  which  the  coarse  subgrains  are  composed,  ^y  trac¬ 
ing  the  reflection  images  to  the  speoimen  surface  photographically  a  topographical 
mapping  of  the  substructure  can  be  achieved  by  x-ray  diffraction  ndcroscopy  and 
correlated  to  the  qiiantltatlve  analysis  of  the  double-crystal  diffractometer  method. 
(6,  7,  8). 

The  topographical  mapping  of  lattice  inhomogeneities  ly  x-ray  diffraction  mi¬ 
croscopy  was  first  suggested  by  Berg  (9)  and  later  extended  by  Barrett  (lO) .  It  Is 
based  upon  differences  In  diffracting  power  from  point  to  point  In  the  specimen  to 
produce  contrast  and  to  enhance  the  topograiMcal  detail  of  the  Image.  In  Imper¬ 
fect  crystals  Image  intensification  Is  obtained  by  diffraction  from  adjacent  lat¬ 
tice  domains  which  are  curved  or  misaligned  in  a  concave  manner,  while  diffraction 
from  lattice  domains  cxirved  or  misaligned  in  a  convex  manner  will  give  rise  to  a 
dispersion  of  the  diffracted  beam.  In  the  former  ease  the  image  will  be  darker, 
vherea-B  In  the  latter  case  It  will  be  lighter  than  the  background. 

Figure  9  shows  the  instrument  with  the  aid  of  \dilch  the  analysis  of  the  mag¬ 
nesium  crystal  (Figs.  6,  7)  was  carried  out.  Not  only  single  ciystals  but  also 
polyerystalllne  materials  can  be  analyzed  by  the  combination  method.  By  means  of 
the  movable  upper  platform,  which  can  be  rotated  around  an  axis  coincident  with 
that  of  the  monochromatizlng  first  crystal,  the  test  specimen  can  be  irradiated  suc¬ 
cessively  with  unfiltered  and  crystal-monochromatized  radiation  (8),  In  the  case 
of  a  polyerystalllne  specimen  this  technique  permits  one  to  trace  the  reflection 
curves  to  the  corresponding  grains  on  the  specimen  surface  and  to  analyze  these 
grains  for  their  substructure  characteristics  (8). 

Depending  on  the  perfection  of  the  grains,  the  specimen  is  rotated  In  angular 
intervals  of  seconds  or  minutes  of  arc  and  the  spot  reflections  of  the  gredns,  re¬ 
corded  for  each  discrete  specimen  rotation,  are  separated  by  film  shifts.  This 
multiple  exposure  technique  gives  rise  to  an  array  of  spots  for  each  reflecting 
grain.  Since  each  grain  may  be  regarded  as  the  test  crystal  of  a  double-crystal 
diffractometer,  the  array  of  spots  is  analogous  to  the  reflection  (rocking)  curve 
of  a  single  crystal  and  can  be  anedyzed  in  a  similar  manner.  Thus,  if  the  grains 
contain  a  substructure  the  intensity  distribution  of  the  array  of  spots  shown  in 
Fig.  8  will  be  multi -peaked  in  complete  analogy  to  the  reflection  curves  obtained 
from  single  crystals  containing  substznicture .  In  the  case  of  single  crysteds  Indl- 

(7)  S.  Weissmann,  J.  Appl,  Phys.,  22»  389  (1956). 

(8)  S.  Weissmann,  Trans.  Am.  Soc.  for  Metals,  599  (i960). 

(9)  W.  Berg,  Naturwissenschaften  286  (193477 

(10)  C.  S.  Barrett,  Trans.  Am.  Inst.  Min.  and  Mstall.  Engrs.  I6l.  15  (1945). 
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▼Idual  subgrain  boundaries  can  even  be  analyzed  If  an  exposure  superposition  tech¬ 
nique  is  usetl  (ll). 


3.1  Applications 

A.  Substructure  and  Dislocation  Networks  In  Tungsten  (ll) 

The  existence  of  three  orders  of  magnitude  of  subgrains  was  disclosed  in  a 
single  crystal  of  tungsten  produced  by  the  arc  fusion  method.  Two  orders  of  sub- 
grains,  namely,  the  maoroso'  Ic  and  microscopic  subgrains--also  tenned  first  and 
second  order  subgrains — are  shown  in  the  reflection  micrograph  of  Fig.  10.  This 
micrograph  was  taken  with  unfiltered  copper  radiation  using  a  microfocussing  tube 
with  an  effective  focal  spot  size  of  40y6<,  Both  the  specimen  as  well  as  the  fine¬ 
grained  photographic  plate,  placed  1  mm  fran  the  specimen,  were  oscillated  over  a 
range  of  =vl°  of  arc.  Applying  the  exposure  superposition  technique  shown  in 
Fig.  11,  which  consists  of  the  successive  application  of  unfiltered  and  crystal- 
monochromatized  radiation,  the  individual  sub-boundaries  such  as  those  separating 
the  macroscopic  subgrairjs  A  and  B  were  directly  analyzed.  The  reflection  curve 
taken  with  crystal-monoChromatized  radiation, shown  in  Fig.  12,  consists  of  two 
major  peaks,  one  pertaiidng  to  subgrain  A  and  the  other  to  subgrain  B.  Since  the 
sub-boundary  was  so  oriented  that  it  coincided  with  the  specimen  rotation  axis,  the 
peak-to-peak  separation  of  16.5'  yielded  directly  the  disorientation  angle  between 
the  subgralns.  From  this  angle  the  dislocation  density  in  the  sub-boundary  was 
computed  to  be  8.8  x  10^  per  cm'-.  By  employing  the  supplementary  film  technique  at 
the  rotation  positions  indicated  by  numbers  in  Fig.  12,  the  microscopic  subgrains, 
marked  by  the  small  letters  a->f  in  the  corresponding  metallograph  of  Fig,  11a, 
were  analyzed.  The  disorientation  angle  of  the  microscopic  subgrains  ranged  from 
l’-4'  of .arc  and  the  dislocation  density  in  the  sub-boundaries  from  7.7  x  105  to 
2.2  X  10°  per  cm^.  The  smallest  subgrains  (third  order),  about  10/<  in  size,  were 
directly  disclosed  by  transmission  electron  microscopy  after  the  specimen  was  ap¬ 
propriately  thinned  by  electropolishing..  The  average  dislocation  density  in  the 
sub-boundaries  turned  out  to  be  1,8  x  10°  per  cm^  (ll). 

B.  Mechanical  and  Thermal  Stability  of  Low-Angle  Boundeuries  (12) 

The  mechanical  and  thermal  stability  of  low-angle  boundaries  in  zinc  single 
crystals  were  studied  by  methods  combining  light  microscopy  with  the  x-ray  combin¬ 
ation  method  described  above.  The  modifications  of  the  x-ray  reflection  cmrves 
during  isothermal  annealing  were  studied  by  means  of  a  special  timing  device  at¬ 
tached  to  the  reversible  motor  which  controls  the  rotation  of  the  precision  goniom¬ 
eter  head  holding  the  test  specimen.  The  time  Intervals  for  reversible  specimen  ro¬ 
tation  were  controlled  by  un  Interchangeable  ccun  system.  Consequently,  the  entire 
reflection  curve  or  portions  of  the  reflection  curve  could  be  repeated  as  desired 
during  isothermal  annealing  and  the  modifications  in  the  x-ray  profile  could  be 
studied  as  a  function  of  annealing  time.  Thus,  if  no  detectable  change  in  substruc¬ 
ture  occurred,  the  consecutive  curves  obtained  as  a  function  of  cuinealing  time  ap¬ 
peared  as  perfect  mirror  Images  of  each  other,  since  by  means  of  the  reversible 
motor  the  direction  of  the  specimen  rotation  was  reversed.  Conversely,  if  changes 
in  the  substructure  occurred  the  consecutive  rocking  curves  exhibited  corresponding 
modifications  in  shape.  For  the  annealing  of  the  specimens,  which  was  carried  out 

(11)  T.  Nakayama,  S.  Weissmann  and  T.  Imura,  Pirect  Observations  of  Imperfections 

in  Crystals,  p.  573,  Interscienee  Publ,,  div.  of  John  Wiley  &  Sons,  New  York, 1962. 

(12)  S.  Weissmann,  M.  Hitabayashi  and  H,  Ft^ita,  J.  Appl.  Phys.  1156  (196I). 


on  the  x-ray  unit  vdthout  removal  of  the  specimen,  an  elliptical  reflector  lamp  was 

used. 


It  was  found  that  low-angle  boundaries  perpendloular  to  tbe  basal  plane  did 
not  offer  any  appreciable  resistance  to  a  shearing  force  parallel  to  the  basal  plane 
if  they  were  pure  tilt  boundaries,  but  constituted  substantial  barriers  if  they 
were  asyguastrioal,  that  is,  made  up  of  screw  and  edge  dislocations.  If  the  external 
force  exceeded  a  critical  val\ie  these  asynmstrleal,  low-angle  boundaries  becans 
sites  vriiere  fracture  occurred.  The  strengthening  effect  of  the  asymmetrical  low- 
angle  boundaries  was  attributed  to  the  effective  stress  field  of  the  screw  disloca¬ 
tions,  which  were  mechanically  stabilized  by  the  edge  dislocations.  Hie  stress 
field  of  the  screw  dislocations  was  also  responsible  for  the  thermal  instability 
of  the  asymmetrical  low-angle  boundaries,  vdilch  on  annealing  were  gradually  con¬ 
verted  into  pure  tilt  boundaries.  A  coarse  substructure  established  after  anneal¬ 
ing  was  thermally  very  stable.  On  solidification  after  partial  melting  of  the 
crystal,  the  coarse  substructure  was  re-established,  whereas  the  fine  substructure 
was  entirely  modified  (12). 

C.  Structural  Changes  Associated  with  ReervatalUzation 

(13) 

Growth  processes  of  99.9983^  aluminum  were  studied  b7  the  c(»ibination  method 
discussed  in  section  3.  Ibe  re  crystallized  grains  were  shown  to  be  the  product  of 
preferential  subgrain  growth  whereby  subgrains  subtending  large  disorientation 
angles  with  respect  to  their  neighbors  exhibited  the  hipest  velocity  of  growth. 

The  recrystallized  grains  emerging  from  the  deformed  matrix  showed  at  first  a  high 
degree  of  lattice  perfection.  However,  as  growth  proceeded  lattice  imperfections 
were  incorporated  into  the  growing  grain  and  the  lattice  misorientation  of  the  grain 
increased.  These  lattice  imperfections  arose  either  from  grain  Impingement  amd 
adaptation  to  orientation  differences  which  might  have  existed  between  the  growing 
grsdn  and  the  grain  being  consumed,  or  they  might  have  been  generated  by  overcom¬ 
ing  barriers  such  as  impurity-locked  dislocations.  The  recrystallized  grains  ex¬ 
hibited  occasionally  a  fine  net  of  sub-boundaries  which  usually  emanated  from  the 
advancing  interface.  In  any  case,  the  lattice  defects  were  not  sxirvlvals  of  de¬ 
fects  introduced  during  the  deformation  process  but  were  by-products  of  the  growth 
process.  However,  owing  to  the  large  volume  increase  of  the  growing  grain  the 
number  of  dislocations  per  unit  volume,  that  is  to  say,  the  dislocation  density, 
steadily  declined. 


4.  DIRECT  OBSERVATION  OF  UTHCE  DEFECTS  IN  CRYSTALS 
OF  LOW  DISLOCATION  DENSITY  BY  X-RAY  DIFFRACTION  MICROSCOPY 

In  crystals  of  low  dislocation  density  the  direct  observation  of  lattice  de¬ 
fects  by  x-ray  diffraction  microscopy  can  be  achieved  in  two  different  ways.  One 
method  is  based  on  the  effect  of  primary  extinction  contrast,  while  the  other  is 
based  on  the  anomalous  transmission  effect  of  the  x-ray  beam. 

4.1  X-Ray  Diffraction  Microscopy  Based  on  Extinction  Contrast 

In  highly  perfect  crystals  contrast  is  governed  by  the  effect  of  primary  ex¬ 
tinction.  If  a  perfect  crysted  is  set  in  reflecting  position  the  energy  of  the 

(13)  S.  Weissmann,  Trans.  ASM  265  (l96l). 
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Incident,  primary  beam  gets  rapidly  extinguished  as  the  beam  passes  through  the 
crystal,  because  the  energy  diverted  into  the  secondary  or  reflected  beam  Interacts 
intimately  with  the  prtmary  beam.  One  can  see  in  a  general  way  how  this  diminution 
may  come  about.  The  wave  reflected  by  each  crystal  plane  suffers  a  fiiase  change  of 
7r/2  relative  to  that  of  the  primary  beam,  so  that  the  twice-reflected  waves  which 
again  travel  in  the  direction  of  the  primary  waves  will  have  a  phase  difference  of 
7y relative  to  the  primary  waves.  This  phase  difference  results  in  a  reduction  of 
the  amplitude  of  the  primary  beam.  In  a  perfect  crystal  the  definite  phase  rela¬ 
tionship  set  up  between  the  incident,  the  reflected  and  multiple-reflected  waves 
leads  to  a  constant  interchange  of  energy  between  the  primary  and  diffracted  beams. 
The  process  resxilts  in  a  dynamic  equilibrium  which  extinguishes  the  primary  beam 
after  penetrating  to  a  depth  of  0.1/fto  1^  for  strong  reflections  and  a  larger 
distance  for  weaker  reflections. 

If  a  crystal  contains  a  few  dislocations  the  rupture  of  coherence  in  the  per¬ 
fect  periodicity  of  the  reflecting  planes  as  well  as  the  lattice  strains  associated 
with  the  dislocation  lines  decrease  the  primary  extinction  effect.  The  diffracted 
image  of  a  lattice  domain  will,  therefore,  be  enhanced  in  the  vicinity  of  a  dis¬ 
location  line  and  this  is  the  underlying  reason  why  in  nearly  perfect  crystals  the 
dislocations  can  be  made  visible  by  x-ray  diffraction  microscopy. 

The  contrast,  thet  is,  the  Intensity  above  background  Ip  will  depend  on  the 
direction  of  the  lattice  strain  (Burgers  vector  b  in  the  case  of  a  dislocation)  rel¬ 
ative  to  the  orientation  of  the  reflecting  (hkl)  planes.  The  relation  is  given  by 

Ip  =  k(/  •  b)  (1) 

where  ^  =  reciprocal  lattice  vector 

“S^=  displacement  or  strain  vector  (Burgers  vector  in  case  of  a  dislocation) 
k  =  constant. 

It  will  be  seen  that  maximum  contrast  is  achieved  if  the  lattice  strain  is 
normal  to  the  reflecting  (hkl)  planes  and  will  be  zero  if  it  is  parallel  to  them. 

By  applying  the  Berg-Barrett  reflection  method  In  crystals  of  lAF  Newkirk  (14) 
has  successfully  shown  on  the  basis  of  extinction  contrast  Individual  dislocation 
lines  and  fine  details  of  dislocation  networks. 

A  refined  variation  of  the  Berg-Barrett  method,  the  projection  topography 
method  of  Lang,  has  foxind  interesting  application  for  the  study  of  the  dislocation 
structure  in  semiconducting  crystals  (15,  16,  17).  The  basic  principle  of  this 
method  is  shown  in  Fig.  13.  A  collimated  x-ray  bejun  a  impinges  on  a  crystal  t, 
which  is  so  oriented  and  of  such  thickness  as  to  permit  the  Bragg-reflected  beam 
to  pass  in  transmission.  The  diffracted  beam  is  recorded  on  a  fine-grained  film  c, 

(14)  J.  B.  Newkirk,  Trans,  Am.  Inst.  Min.  &  Me tall.  Engrs.,  215.  483  (1959). 

(15)  A.  R.  Lang,  J.  Appl.  Phys.  22,  527  (1958);  22,  1748  (1959). 

(16)  A.  E.  Jenklson  and  A.  R.  Lang,  Direct  Observation  of  Imperfections  in  Crystals. 

p.  471,  Interscienee  Publ.,  div.  John  Wiley  &  Sons,  New  York  (1962). 

(17)  G.  H.  Schwuttke,  Direct  Observation  of  Imperfections  in  Crystals,  p.  497,  In¬ 
terscience  Publ.,  div.  John  Wiley  &  Sons,  New  York  (1962), 
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placed  close  to  the  crystal.  Since  the  image  of  the  speclaen  is  larger  than  the 
width  of  the  Interposed  slit,  the  speclaen  is  ooTed  Bynchronously  with  the  flla.  A 
stationaxy  screen  4  protlded  which  prevents  the  direct  beam  Arom  striking  the 
film. 


Figure  14  shows  a  Lang  camera  commercially  produced  by  the  Rlgaku-Oenki  Co. 
which  is  so  designed  that  its  greatest  effectiveness  is  achieved  when  attached  to 
a  microfocus sing  x-ray  source,  preferably  10/<  in  size.  Figure  15  illustrates  an 
x-ray  diffraction  topograph  of  a  silicon  crystal  produced  by  a  Lang  camera,  dis¬ 
closing  clearly  the  pattern  of  the  dislocation  structure  of  the  crystal.  ^ 

X-ray  topography  is  not  only  applicable  to  disclosure  of  the  dislocation  struc¬ 
ture  of  ciystals  but  is  also  capable  of  revealing  segregation  effects  such  as  oxy¬ 
gen  banding  in  silicon  crystals  (17).  If  the  crystals^to  te  analyzed  contain,  how¬ 
ever,  a  large  dislocation  density,  viz.  larger  than  10°/air f  or  a  large  density  of 
impurities,  the  x-ray  topographs  become  so  complicated  that  no  unequivocal  inter¬ 
pretation  can  be  rendered  and  their  usefulness  becomes  greatly  reduced. 

4.2  I-Ray  Diffraction  Microscopy  Based  on  Anomalous  Transmission  Effects 

An  extensive  review  article  on  the  anomeilous  transmission  of  x-rays  has  been 
published  by  Borrmann  (18).  The  essential  principles  of  this  effect  will  be  briefly 
outlined  here.  Anomalous  transmission  occurs  only  in  nearly  perfect  crystals  and 
consists  of  enhanced  transmission  of  the  direct  beam  if  the  crystal  is  held  in  dif¬ 
fracting  position.  When  the  crystal  is  rotated  to  any  non-diffracting  position 
the  intensity  of  the  transmitted  direct  beam  is  considerably  reduced.  This  effect 
was  discovered  by  Borrmann  (19)  and  subsequently  explained  by  Von  Laue  (20). 

If  a  plane  monochromatic  x-ray  wave  enters  a  perfect  crysted  set  for  diffrac¬ 
tion  position,  two  standing  waves  are  generated.  The  flow  of  energy  takes  place 
prlncipeilly  along  the  lattice  planes  and  the  direction  of  the  standing  waves  is 
perpendicular  to  the  flow  direction.  Taking  the  case  of  a  simple  lattice,  one  of 
these  standing  waves  (A)  may  have  its  nodal  planes  coincide  with  the  position  of  a 
family  of  (hkl)  planes,  while  the  other  standing  wave  (N)  has  its  nodes  halfway 
between.  If  the  crystal  is  assumed  to  consist  of  point  absorbers  taking  the  place 
of  real  atoms,  the  N  wave  will  rapidly  be  absorbed  due  to  its  interactions  with  the 
point  absorbers,  while  the  A  wave  is  transmitted  with  undiminished  intensity  through 
the  crystsd.  Upon  leaving  the  crystal  the  A  wave  splits  into  two  equal  components, 
namely,  the  transmitted  beam  Rq  and  the  diffracted  beam  R  (Figs.  16  and  17). 

In  the  case  of  a  real  crystal  consisting  of  scattering  atoms  whose  scattering 
factor  is  known,  the  A  wave  has  a  finite  absorption  coefficient.  The  intensity  of 
the  x-ray  beam  emerging  from  the  crystal  will  depend  greatly  on  crystal  perfection. 
Lattice  defects  destroying  the  periodicity  of  the  crysted  will  reduce  the  intensitv 
of  the  A  wave,  since  the  critical  conditions  necessary  for  the  Borrnwuin  'anoijaloas} 
transmission  are  being  destroyed  and  normal  absorption  will  then  occur.  Figure  16 
shows  schematically  a  simple  experimental  arrangement  used  by  Schwuttke  (2l)  to  ob- 


(18)  G.  Borrmann,  Beitraeee  zUT  Phvslk  und  Chem(le  des  20  Jahrhunderts.  edit,  by 
Frisch,  Paneth,  Laves  and  Rosbaud,  p.  2^2,  Vleueg.  Braunschweig,  (1959). 

(19)  G.  Borrmann,  Z.  Physik  42,  157  (l94lh  127,  297  (1950). 

(20)  M.  Von  Laue,  Acta  Cryst.  2,  IO6  (1949). 

(21)  G.  H.  Schwuttke,  J.  Appl.'Phys.  21*  2760  (1962). 
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tain  anomalous  transmission  topographs  of  tho  dislocation  structure  of  semiconduct¬ 
ing  crystals  such  as  those  shown  in  Fl^.  17.  In  this  picture  the  R  and  Rq  images 
are  completely  identical,  as  expected  from  the  theory  of  anomalous  transmission. 

The  dislocation  lines  are  clearly  visible  as  shadows  because  the  anonalous  trans¬ 
mitted  wave  field  is  not  propagated  in  the  strain  field  associated  with  the  dis¬ 
locations. 


Segregation  and  precipitation  of  copper  in  silicon  and  arsenic  in  highly  doped 
germanium  crystals  could  also  he  disclosed  by  this  method  (21). 

4.3  Comparison  of  Extinction  and  Anomalous  Transmission  Methods 

Tho  results  obtained  by  the  two  methods  are  virtually  identical.  While  both 
methods  are  restricted  to  the  study  of  lattice  defects  of  nearly  perfect  crystals, 
the  conditions  of  obtaining  maximum  contrast  of  the  image  differ  greatly.  For  best 
contrast  the  anomalous  transmission  method  requires  that  the  product  of  /<  x  t  -  20, 
while  for  the  extinction  method  x  t  =  1,  where is  the  linear  mass  absorption 
coefficient  and  t  (cm)  is  the  thickness  of  the  specimen.  As  a  direct  consequence 
of  this  condition  soft  radiation,  vi*.  copper  or  cobalt,  is  used  for  the  anomalous 
trcgismlssion  method  and  penetrating  radiation,  viz.  silver  or  molybdenum,  for  the 
extinction  method  if  applied  in  transmission  (Lang  method). 

The  contrast  images  of  lattice  defects  differ  also  in  both  methods.  In  the 
anomalous  transmission  method  defects  show  up  by  absorption  contrast,  whereas  in 
the  extinction  method  the  contrast  is  produced  by  enhancement  of  the  transmitted 
intensity.  If  equal  areas  are  recorded,  the  scanning  extinction  method  requires 
approximately  one  half  the  exposure  time  necessary  for  the  stationary  anomcilous 
transmission  method  (21). 


5.  DETERMINATION  OF  SUBSTRUCTURE  CHARACTERISTICS  BY  IMAGE  TRACING 

A  method  has  been  recently  developed  by  Welssmann,  Gorman  and  Zwell  (22)  by 
which  the  substructure  characteristics  and  dislocation  densities  of  crystalline 
materials  can  be  rapidly  determined.  The  method  is  based  on  spatial  tracing  of  re¬ 
flection  images  and  their  extrapolation  onto  the  specimen  surface,  using  the  method 
of  least  squares. 


If  a  Bragg  reflection  is  photographically  recorded  at  increasing  specimen- to- 
film  distance,  the  parametric  equations  of  the  reflected  ray  are  given  by 


X  =  Xo  +  ^xh 

7  -lo  +^y  l» 


(1) 


where  (xq,  yo),  (x,  y)  are  the  coordinates  of  the  reflection  images  on  the  crysted 
surface  and  on  the  film,  respectively,  h  is  the  specimsn-to-filffl  distance  and  (^Xf  ■ 
>5y)  are  the  slope  pcurameters.  From  measurements  of  the  coordinates  cor¬ 

responding  to  the  distances  hj,,  the  x^,  Jq  coordinates  on  the  specimen  surface  are 
determined  by  the  method  of  least  squares,  using  the  equations  (22) 


(22)  S.  Vels8iiiann,~L.  A.  Gorman  and  L.  Zwell,  J.  Appl.  Phys.  22*  3131  (1962). 
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(2) 


=  -  IhLhv 

~  -  (£h)^ 

SMlATly,  the  slope  parameters  are  determined  by  the  method  of  least  sqiiares 
from  the  expressions 


=  nltaji 

n^h*^  - 

(3) 

_  n-ghy  - 
nih^  -  (5.h) 

Referring  to  Fig.  18,  the  size  of  the  images  is  measured  in  terms  of  Ay  and 
Ax  for  various  values  of  h,  and  the  dimensions  on  the  specimen,  Axq  and  Ajq,  are 
determined  by  the  application  of  Eq.  (2). 

If  a  parallel,  crystal-monochromatized  radiation  is  used  the  change  of  the  size 
parameters  Ay  and  Ax  for  various  h  values  gives  information  about  the  vertical 
lattice  misalignment,  A/Sy,  and  the  horizontal  lattice  misalignment  These 

can  be  computed  with  the  aid  of  Eq.  (3). 

The  disorientation  angle  between  subgrains  can  be  computed  from  the  measure¬ 
ments  of  the  vertical  separation.  At,  and  the  horizontal  separation,  As,  of  the 
Images  as  a  function  of  h  and  substituting  these  values  in  Eq.  (3). 

For  this  method  the  requirements  of  instrumentation  are  reduced  to  a  minimum. 
Its  application  should  be  within  the  reach  of  any  laboratory  having  standard  dif¬ 
fraction  equipment. 


(^h)' 
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Fig.  5— Back-roflection  x-ray  divergent  beam  photographs  of  Mo  crystal,  a)  Unde- 
formed.  b)  Deformed  5.8^  at  room  temperature.  Note:  Irradiation  of  ad¬ 
jacent  lattice  domains  by  multiple  exposure  technique.  Distorted  lattice 
domains  indicated  by  arrows. 
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Fig.  6— Reflection  curve  of  magnesium  single  crystal  as  obtained  by  the  double- 
crystal  diffractometer  method.  CuK^^^  radiation,  (l,  _l)  position. 
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Fig,  7 Reflection  images  of  magnesium  crystal  taken  in  front  of  radiation  counter. 

The  numbers  refer  to  the  corresponding  discrete  rotation  positions  of  the 
specimen  shown  in  Fig.  6 


Fig.  8~Detalled  view  of  (422)  reflection  of  multiple-exposure  diagram  exhibiting 
multi-modal  intensity  distribution  curves  typical  of  subgrain  structure. 
A1  99.95$  pure,  96$  reduced  and  annealed  1  hour  at  300°  C.  Specimen  ro¬ 
tation  interval  4'. 
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Fig.  10 — X-ray  oscillation  reflection  micrograph  of  tungsten  single  crystal  grown 
by  arc  fusion.  Effective  focal  spot  size  Disclosure  of  macro¬ 

scopic  and  microscopic  substructure.  Magnifl. cation  40  x. 
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Fig.  14~Conimerpial  Lang  camera  for  x-ray  diffraction  topography  (courtesy  of 
Rigaku-Denki  Co.). 
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Fig.  15 — ^X-ray  diffraction  topograph  of  silicon  (220  reflection).  Grovfth  axis 

(coxirtesv  of  G.  H.  Schwuttke).  The  dislocation  density  at  A  is  approxi  - 
mateiy  10^  lines^n^.  Alignment  of  edge  dislocations  at  D,  Long  disloca¬ 
tion  lines  wj.th  maxiraum  contrast  at  C.  The  short  lines  at  D  have  60° 
Burgers  vector  lying  in  the  plane  perpendicular  to  (llO), 
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Fig.  16— Sketch  of  experimental  arrangement  for  the  anomaloxis 
(after  Schwuttke^^) . 
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Fig.  17 — ^P.  and  image  of  germanium  wafer  showing  dislocations  and  segregation  of 
arsenic.  (220)  reflection.  12  x.  (A.fter  Schwuttke^^) . 


Ftg.  18 — Schematic  representation  of  spatial  image  tracing  showing  dependence  of 
image  size  and  separation  on  substructure  characteristics. 
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Discussion  of  Paper  by  S.  Weissmeinn 

The  Observation  and  Measurement  of  Substructures 
In  Crystals  by  X-Ray  Techniques 

by 

W,  P.  Evans 
Research  Department 

Caterpillar  Tractor  Company,  Peoria,  Illinois 

and 

J.  B.  Cohen 

Deparcment  of  Materials  Science 
The  Technological  Institute 
Northwestern  University 
Evanston,  Illinois 


We  would  like  to  point  out  that  another  x-ray  technique,  the  Fourier 

analysis  of  shapes  of  diffraction  peaks,  is  useful  in  characterizing  substructures. 

This  method  was  originally  proposed  by  Warren  and  Averbach^  and  was  recently 

2 

reviewed  by  Warren  .  [One  obtains  from  the  coefficients  of  a  Fourier  series 

representing  a  peak  the  mosaic  size  (D  )  ,  ,  ,  determined  by  substructure 

efi 

and  fault  density,  and  the  rms  strains  <6  !  >  ^  averaged  over  various 

^  xA  <  hkZ > 

distances  (XA)  normal  to  the  diffracting  planes,  i.  e. ,  in  specific  crystallographic 

directions.  Additional  information  concerning  faulting  and  long-range  strains 

2  3 

can  also  be  obtained  from  peak  positions  and  peak  asymmetry  ’  .  The  informa¬ 

tion  obtained  is  averaged  over  the  area  under  the  x-ray  beam  and  thus  good 
statistical  data  is  obtained  to  relate  to  properties  which  do  not  depend  on  a  local 
state  of  imperfection  (such  as  in  a  failure  or  in  recrystallization).  In  addition 
to  being  non- destructive  and  not  very  restrictive  as  to  sample  geometry,  it  is 
also  especially  helpful  after  moderate  deformation,  in  which  case  present  resolu¬ 
tion  with  the  electron  microscope  is  not  adequate.  In  fact,  we  have  even  found  it 
useful  after  only  a  few  percent  elongation  in  tension  of  fine  grained  materials. 
Apparently  the  method  has  not  been  used  extensively  because  of  the  work  involved 

in  obtaining  the  Fourier  coefficients.  However,  this  can  be  done  quickly  and 

4 

cheaply  with  computers  ;  in  fact  it  is  possible  to  feed  the  x-ray  data  directly  to 
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punched  cards  or  tape,  or  to  use  a  chart  reading  device  with  the  computer  and 
hence  to  eliminate  almost  all  the  time  for  analysis. 

Two  recent  theoretical  investigations  have  shown  the  nature  of  some  of  the 

5,  6 

errors  in  the  analysis  and  how  to  simply  correct  for  these  ’  . 

In  order  to  demonstrate  the  usefulness  of  the  method,  we  wish  to  briefly 
present  two  examples: 

1)  Relationships  between  the  substructure  and  properties  of  electro¬ 
deposits  are  not  at  all  clear,  for  example,  it  is  known  that  macro- 

7 

residual  stresses  and  hardness  do  not  correlate  well  .  In  Table  I 
data  is  presented  concerning  the  effect  of  potassium  ethyl  xanthate 
(KEX)  additions  on  the  substructure  of  Ag  electrodeposits,  as  deter¬ 
mined  by  the  Fourier  technique,  and  some  of  the  properties  of  the 

g 

deposit  .  These  results  clearly  illustrate  that  in  this  case  the  mosaic 
size  and  twin  fault  probability  (p)  control  the  hardness  but  are  not 
important  in  determining  the  residual  stresses,  especially  after  large 
additions  of  KEX. 

2)  The  fatigue  life  of  steels  seems  to  increase  and  pass  through  a 

9 

maximum  with  increasing  hardness  .  It  is  also  known  that  in¬ 
troducing  surface  compressive  stresses,  for  example  by  peening, 
will  improve  fatigue  life  In  Table  II,  some  x-ray  data  on  a  1045 
steel  is  presented  for  two  heat  treatments  and  for  the  effects  of 
peening^  \  At  low  hardness  levels,  peening  affects  both  the  long- 
range  residual  stresses  and  the  substructure  (mosaic  size  and 
microstrains)  whereas  at  a  high  hardness  level,  only  the  long-range 
stresses  are  strongly  affected.  This  data  suggests  that  in  low 
hardness  steels,  the  substructure  is  important  in  retarding  ductile 
fracture.  However,  this  substructure  also  lowers  cleavage  strength 
or  raises  the  flow  stress  above  the  cleavage  strength;  hence  as 
hardness  increases  cleavage  fracture  becomes  more  important, 
resulting  in  the  maximum  in  fatigue  life.  The  role  of  long-range 


compressive  residual  stresses  at  high  hardness  is  then  to 
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retard  clevage  fracture. 

It  is  also  worth  pointing  out  that  with  polycrystalline  b.  c.  c.  metals  and 
alloys  (such  as  low  carboni  steel)  the  diffraction  pattern  contains  a  third  order  of 
one  peak,  the  440,  which  does  not  overlap  with  any  other  peak.  (This  does  not 
occur  with  polycrystalline  f.  c.  c.  materials.)  As  a  result  of  this,  enough  data  is 
available  in  the  diffraction  pattern  to  obtain  the  actual  strain  distribution  without 
assumptions^  and  thus  to  see  how  the  distribution  is  affected  by  treatment.  The 
results  can  be  compared  with  distributions  arrived  at  from  theoretical  considera¬ 
tions.  For  example,  if  the  strain  distribution  is  thought  to  be  Gaussian,  the 
standard  deviation  (<r  )  is  simply  related  to  the  microstrain  and  the  long-range 
residual  strains: 

2  2  2 
^  <hkiL>  at  X  A  xA  ^  <  hkt  >  <hki> 

where  <£>  ^  is  obtained  from  peak  shifts. 

<  hk  t  > 

Thus  it  is  possible  to  calculate  the  Gaussian  distribution  from  some  of  the 
Fourier  data  and  to  compare  it  to  the  actual  distribution  determined  from  the 
Fourier  analysis,  and  perhaps  with  electron  microscopy  as  well,  to  understand 
why  and  how  the  distribution  is  affected. 

Finally,  we  would  like  to  point  out  that  electron  microscopy  could  be 

especially  useful  in  establishing  the  exact  meaning  of  the  mosaic  size  determined 

12 

by  x-ray  diffraction.  Some  work  along  these  lines  has  been  done  but  much  more 
is  needed. 
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TABLE  I 


STRUCTURE  AND  PROPERTIES  OF 
SILVER  ELECTRODEPOSIT# 


Cone.  KEX 
mg/1 

0.00 

0.  34 

0.  84 

1.9 

• 

— 

3.  5 

.>1/2 

50A‘^<111> 

1.4xl0'^ 

1.7 

1.  4 

1.7 

1.8 

2  .  1/2 
*  50A  <  200  > 

1.9x10"^ 

1.6 

1.  7 

1. 75 

- 

Surface  Stress  (in  psi) 
error:  +  2560  psi 

+  3750 

1250 

10, 750 

11, 900 

9,  000 

VHN 

error  ■*"  7  pet. 

92 

103 

95 

111 

116 

(» 

0.001 

0.011 

0.005 

0.  015 

- 

^eff  <  111> 

5  60 A 

250 

340 

150 

170 

°eff  <  200  > 

260A 

140 

180 

85 

- 

°f  <220  >  ■*’ 

4000A 

370 

820 

280 

- 

Plating 

Efficiency 

75% 

85% 

76% 

85% 

_ 

89% 

♦  Plating  Conditions:  1. 4N  KCN  +  0.  4N  KCN,  10  ma/ cm^, 

room  temperature. 

+  Calculated  contribution  of  ^  to 
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TABLE  U 


EFFECTS  OF  PEENING  ON  THE  SUBSTRUCTURE 
AND  PROPERTIES  OF  SAE  1045  STEEL 


Not  Peened 

Peened* 

RC  -  21 

RC  -  50 

RC  -  21 

RC  -  50 

<£  2  .  > 

4A  <U0> 

4. 5x10 

10. 7xl0'^ 

8xl0"^ 

11x10“^ 

A 

o 

V 

A 

V 

Q 

V 

1900A 

315A 

420A 

260A 

1 

av.^  220 
peak  shift 

0.  2x10 

-0. 5xl0'^ 

0.9x10'^ 

1.3xl0"^ 

<£  >  sine 

av  coeff.  220 

0. 2x10"^ 

0.  4xl0'^ 

1.  Ixio'^ 

1.6x10“^ 

Surface  residual 

macro-  stresses 

- 15,  OOOpsi 

- 1200psi 

-67,  OOOpsi 

-95,  OOOpsi 

♦Peened  to  0.010  A-2  intensity 

no 


Experiments  on  Su'bstructure  in  Iron 


G.  V.  Smith,  P.  M  Kranzlein  and  M  S  Burton 
Come]].  University 


ABSTRACT 


The  development  of  euhstructure  by  recovery  arinealing  in  severe]  high 
purity  irons  and  in  an  iron  3-5^'  chromi\im  alloy  was  studied  by  optical  metal¬ 
lography.  The  subgrain  size  was  found  to  be  essentially  Independent  of 
tensile  prestrain  within  the  range  of  5  to  3a'  strain,  and  no  appreciable 
growth  occurred  until  annealing  teD5)erature6  causing  partial  recrystallization 
were  reached-  The  subgrain  size  for  the  several  irons  was  approximately 
1  to  2  microns  and  that  of  the  iron -chromium  alloy  slightly  less  In  partially 
recrystallized  material  ,  subgrain  growth  was  'Observed  in  the  unrecrystal  1 i zed 
matrix. 

Initial  flow  strength  was  evaluated  in  a  zone-refined  iron  and  in  the 
same  iron  after  treatment  in  pure  wet  hydrogen,  as  dependent  on  prestrain,  and 
recovery  annealing  temperature  For  the  zone-refined  iron,  the  yield  strength 
after  anneal.ing  at  intermediate  ten^jerature  was  significantly  higher  than  the 
prestrain  stress,  whereas  the  hydrogen-purified  iron  showed  a  lower  yield 
stress  for  similar  treatment  Hence,  it  is  concluded  that  the  strengthening 
cf  the  zone-refined  iron  is  to  be  attributed  to  interstitial -substructure 
int'“raction  rather  than  to  substructure  as  has  been  suggested  by  some  earlier 
work  reported  in  the  literature. 

The  effect  of  grain  size  on  flow  strength  was  also  studied,  with  results 
showing  that  interstitial -grain  boundary  interaction  contributes  in5)ortantly 
to  the  strength  of  iron. 


Introduction 


Considerable  interest  has  developed  in  recent  years  in  the  possible 
influence  of  substructure  on  flow  and  fracture  of  metals  Parker  and 
Washburn^  found  that  by  straining  mild  steel  from  4  to  and  annealing  at 
teii5)eratures  of  42^1  to  690'’C,  the  ultimate  strength  was  increased  to  above 
that  of  the  cold  worked  material  .  In  some  cases  the  recovered  lower  yield 
strength  was  greater  than  the  prestrain  stress,  and  in  others  it  was  less 
The  recovered  yield  strength  was  always  greater  than  the  initisCL  yield  point 
These  effects  were  attributed  to  a  strengthening  influence  of  substructure 
boundaries  introduced  during  annealing  and  this  conclusion  has  been  widely 
accepted  (see  for  example  Ref.  2)  However,  when  the  evidence  supporting 
this  view  is  carefully  examined,  it  is  not  clear  that  the  data  are  free  of 
question.  Thus,  it  may  be  asked  whether  the  results  of  Parker  and  Washburn 
have  been  influenced  by  quench-aging  or  strain-aging  phenomena. 


Ill 


Since  Parker  and  Washburn's  early  work,  others  have  examined  the 
possible  role  of  substructures,  with  somewhat  controversial  conclusions. 
Washburn®  introduced  dislocation  arrays  into  zinc  crystals,  and  observed 
that  the  strengthening  effect  depended  upon  the  temperature  of  annealing 
of  the  specimen  containing  such  boundaries.  A  pair  of  1°  boundaries  intro- 
duced  by  bending  at  the  temperature  of  liquid  nitrogen  caused  no  strengthening 
if  the  crystal  was  heated  only  to  room  temperatiire,  only  a  small  strengthening 
on  heating  to  300°C,  but  considerable  Increase  of  yield  stress  (up  to  'pOjo)  on 
heating  to  UOO'C.  Li^  concluded  from  theoretical  considerations  that 
polygonized  edge  dislocation  walls  shotild  not  significantly  increase  flow 
strength.  Meakin  and  Wilsdorf®  e:q)erimentally  observed  that  although  sub- 
boxmdaries  in  single  crystals  of  alpha  brass  occasionedly  offered  definite 
Impedance  to  the  motion  of  gliding  dislocations,  this  was  not  generally  true. 
Michalak®,  in  studies  of  hydrogen  purified,  zone-refined  iron  observed  a 
continuous  decrease  in  strength  on  annealing  plastically  strained  samples  in 
the  recovery  range.  However,  no  substructure  was  detected. 

In  view  of  the  confused  evidence,  further  experimental  study  seemed 
desirable,  and  consequently  the  present  study  was  made.  In  order  to  assess 
the  results  of  past  or  narrent  studies,  it  is  desirable  to  attempt  to  establish 
what  might  properly  be  accepted  as  e^’ldence  of  a  strengthening  role  for  sub¬ 
structure.  Certainly,  the  Introduction  of  additional  dislocations  and 
vacancies  during  deformation  at  temperatures  below  the  recovery  range  leads  to 
strengthening  (strain-hardening),  and  until  the  density  of  these  defects  is 
lowered  to  the  original  level,  by  an  annealing  process  designed  to  develop 
substructures,  it  is  reasonable  to  expect  residual  strengthening,  even  when 
the  defects  are  rearranged  into  small  angle  boundaries.  Thus  the  exact  role 
of  substructure  is  difficult  to  assess.  However,  if  the  rearrangement  into 
smedl  angle  boundaries  leads  to  an  increase  of  flow  strength  beyond  that  of 
the  as-strained  material,  as  some  investigators  have  claimed  (for  example, 
Parker  and  Washburn^),  then  a  strengthening  effect  of  substructure  cannot  be 
questioned,  unless  an  alternative  source  of  strengthening  can  be  suggested. 

In  the  case  of  iron,  interstitial  impurity  atom-dislocation  Interaction®  is 
an  alternative  strengthening  mechanism. 

EXPERIMEHTAL  PROCEEWRE 


A  conventional  method  of  introducing  substructure  into  metals  involves 
plastic  straining  followed  by  annealing  below  the  recrystallization  tempera¬ 
ture  range.  The  development  of  substructure  in  iron  has  recently  been 
reviewed  by  Keh^,  who  also  reported  additional  ejperlmental  results  using 
electron  transmission  microscopy.  A  cell -like  structure,  comprised  of  tangled 
dislocations,  forms  in  iron  plastically  strained  at  room  temperature.  Anneal¬ 
ing  at  temperatures  above  4CX)°C  resulted  in  the  formation  of  regular  dislocation 
networks  and  a  decrease  in  dislocation  density.  There  was  no  significant 
subgrain  growth  during  recovery  at  temperatures  below  that  necessary  to  initiate 
re  crysteilli  zat  ion . 

For  most  of  the  present  investigation,  the  base  material  was  a  zone-refined 
iron  which  was  obtained  from  Battelle  Memorial  Institute,  where  it  had  been 
prepared  under  the  auspices  of  the  American  Iron  and  Steel  Institute.  This 
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material  received  six  passes  in  an  alumina  boat.  The  chemical  analysis  of 
this  material  is  reported  in  Table  I.  However,  preliminary  experiments  to 
characterize  the  dependence  of  substructure  on  prestrain,  time  and  tempera¬ 
ture  were  made  with  a  vacuum-melted  and  cast  electrolytic  iron'-  and  a 
similarly  processed  iron-5. 6^!-  chromium  alloy.  Since  our  early  studies 
suggested  important  interstitial  effects  in  the  zone -refined  iron®,  the 
zone-refined  iron  was  purified  by  annealing  in  wet  hydrogen  to  obtain  a 
lower  interstitial  content.  Pure  hydrogen  was  obtained  by  diffusion  through 
a  palladlvun-silver  coil  and  saturated  with  distilled  water  at  room  tempera¬ 
ture.  Treatment  was  prolonged  to  a  time  beyond  which  further  lowering  of  the 
yield  strength  was  not  observed.  Carbon  was  analyzed  by  the  Fundamental 
Research  Laboratory  of  United  States  Steel  Corporation  in  the  specimens  after 
purification  and  reported  as  15  ppm  for  the  hydrogen -purified  iron,  as  com¬ 
pared  with  19  ppm  for  the  non-purified  material  (Battelle  analysis,  10  ppm. 
Table  l). 

Wire  tensile  specimens  were  prepared  from  the  zone-refined  iron  bar  by 
cold  rolling  and  drawing.  During  preparation  of  the  wire,  great  ceire  was 
taken  to  avoid  contamination;  no  lubricant  was  used  and  the  wire  was 
degreased  with  acetone  between  all  stages  of  preparation  and  prior  to  anneal¬ 
ing.  After  rolling  to  100  mil.  diameter  rod  (86^  reduction  of  area),  part 
of  the  zone-refined  iron  was  wet-hydrogen-purified  for  50  hours  at  750”C  to 
reduce  the  interstitial  ir^jurities,  and  part  was  annealed  (for  recrystalli¬ 
zation)  at  750°C  in  vacuum.  The  rods  were  cold  drawn  to  50  mil.  diameter 
wire  ('(%  reduction  of  area)  and  specimens  5  inches  long  were  cut  from  the 
wire  stock.  To  obtain  uniform  small  grain  size,  the  wire  specimens  were 
recrystallized  at  o25°C  for  5  hours,  in  vacuum  for  as-received  zone-refined 
iron  and  in  wet  hydrogen  for  hydrogen-pxirified  iron.  The  resulting  grain 
size  of  both  materials  was  about  80-100  microns  (ASTM  4-5)*  After  prestrain¬ 
ing,  the  heat  treating  of  both  materials  was  performed  in  thoroughly  outgassed 
vycor  capsules  in  a  vacuum  of  about  10~^  mm  Hg;  the  capsules  were  withdrawn 
from  the  furnace  and  cooled  in  still  air. 

Tensile  tests  were  conducted  at  room  ten^jerature  using  an  Instron  test¬ 
ing  machine.  Specimens  with  a  gage  length  of  I.60  inches  between  grips  were 
loaded  at  a  crosshead  spe^d  of  0.^2  inches  per  minute,  which  gave  an  initial 
strain  rate  of  1.25  x  lO”'^  min.  "  .  The  yield  strength  was  defined  as  the 
lower  yield  stress  in  zone-refined  iron,  for  which  a  well-defined  yield 
point  was  always  observed.  In  some  cases,  small  yield  points  were  observed 
in  the  hydrogen -purified  iron,  but  the  maximum  length  of  the  yield  was  0.1^- 
strain  in  hydrogen-purified  iron  as  conqjared  to  2.7fj  strain  for  zone-refined 
iron.  For  hydrogen-purified  iron,  the  yield  strength  was  defined  as  the 
stress  at  O.l''  offset. 


*C,  N  and  0  contents  of  this  iron  were  respectively  O.OO5,  0.001  and  0.05I 
per  cent  by  weight. 
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EXPERIMENTAL  RESULTS 


Delineation  of  Substructure 


A  special  metal]  ographlc  technique  was  developed  to  reveal  substructure 
in  iron  regardless  of  purity,  ^ecimens  were  mechanically  polished  and 
then  electropolished  in  a  stirred  solution  containing  65  parts  of  ortho- 
phosphoric  acid,  35  parts  of  ethyl  alcohol  and  35  parts  water  for  k  minY^es 
at  1  volt  D.  C-  It  was  discovered  that  an  etchant  developed  by  Gorsuch'*' 
for  studying  dislocations  in  iron  whiskers  revealed  substructure  by  etching 
the  subboundaries  and  decorating  them  by  preferentially  depositing  a  thin 
layer  of  copper  at  the  dislocation  wall.  To  avoid  copper  deposition  over 
the  entire  specimen,  the  etching  time  was  limited  to  one  second,  and  the 
specimen  was  rinsed  Immediately  under  fl. owing  water  The  composition  of  the 
etchant  was 


2.5  gms  picric  acid 
4  0  gms  anh.  cupric  chloride 
100  ml  ethyl  alcohol 
10  ml  hydrochloric  acid 
3  ml  nitric  acid 

This  etchant  exhibits  an  orientation  sensitivity,  so  that  not  al]  grains  in 
a  po] ycrystalline  specimen  can  be  etched  to  show  subsuructure 

In  vacuum-melted  electrolytic  iron  with  a  carbon  concentration  'f  about 
50  ppm,  a  picral  etchant  satisfactorily  reveals  substructure  and  is  not 
rientation  dependent,  allowing  the  number  rf  grains  containing  substructure 
'o  be  determined. 

Characterization  of  Substructure 


To  explore  the  effect  of  the  strain  and  recovery  tenperature  on  the 
development  of  substructure  in  iron,  a  series  of  tensile  specimens  of  vacuum- 
melted  and  cast  electrolytic  iron  and  an  iron-3  .o^-  chromium  alloy  (referred 
to  earlier)  were  prepared  and  recrystallized  at  Si+O^C  for  two  hours  For 
electrolytic  iron  the  resulting  grain  size  was  about  5OO  microns,  and  for 
the  iron -5  6^'  chromium  alloy  the  grain  size  was  about  250  microns  Specimens 
were  strained  in  tension  different  amounts  in  the  range  6  to  10^-.  Samples 
were  cut  from  the  gage  section  and  annealed  one  hour  at  various  temperatures 
in  the  range  600  to  835 °C 

No  significant  variation  in  subgrain  size  in  vacuum-melted  electrolytic 
iron  was  observed  with  strains  from  6  to  105!-  for  constant  annealing  tempera¬ 
ture.  The  Eubgraln  size  was  approximately  1  to  2  mi.crons  for  annealing  at 
600’C  Above  650°C  partial  recrystallization  was  observed  and  as  the  tenpera- 
iure  was  increased  to  8OO  C  subgrain  growth  occurred  in  the  unrecrystalllzed 
grains.  Figure  1  shows  typical  substructures  observed  in  electrolytic  iron. 
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For  the  lron-^.6^i  chromiiun  alloy,  the  substructure  developed  after  anneal¬ 
ing  at  600"C  was  slightly  finer,  0-5  to  I.5  microns,  than  that  obsei^ed  in 
iron  and  not  quite  as  well  defined.  Again,  no  dependency  of  subgrain  size  on 
strain  was  observed  within  the 'range  of  6  to  I0;i.  As  the  annealing  ten^pera- 
ture  was  Increased  from  TOO  to  855"C,  partial  recrystallization  occurred  and 
subgrain  growth  was  observed  in  the  unrecrystallized  matrix.  Typical  sub¬ 
structures  observed  in  the  iron-J.o-^j  chromium  alloy  are  shown  in  Figure  2. 

Since  no  significant  difference  in  subgrain  size  was  observed  in  the  range 
of  6  to  icy^  strain  in  vacuum-melted  electrolytic  iron  and  iron-  3-6',.  chromiiun,  a 
wider  range  of  5  to  3O;-'  strain  was  studied  in  as-received  and  in  hydrogen- 
purified,  zone-refined  iron  wire.  In  initial  experiments  with  zone-refined 
iron  wire,  the  development  of  substructure  was  evaluated  for  strains  of  10 
and  jClii  and  annealing  ten^jeratures  of  55O,  450  and  500°C  for  16  hours. 

Figure  3  shows  the  progress  of  the  development  of  substructure  in  the 
specimen  with  increasing  annealing  temperature.  Substructure  appeared  to 
form  directly  in  the  slip  traces.  During  annealing  the  slip  traces  appeeired  to 
become  more  sharply  defined  and  discrete  cells  became  recognizable.  In  the 
specimen,  the  cell  size  remained  essentially  uncoarsened  even  after  annealing 
16  hours  at  500‘'C.  Thus,  the  picture  obtained  of  the  nature  of  substructure 
in  ^rgn  is  a  ''perfecting"  of  the  deformation  structure  (see  also  Ball^^  and 
Keh  In  general,  the  degree  of  definition  of  substructure  was  hetero¬ 

geneous  throughout  the  polycrystalline  specimens;  in  the  same  specimen  sharply 
defined  cells  were  observed  in  some  grains  while  other  grains  showed  only  slip 
traces. 

In  this  fine-grained  iron,  re crystallization  occurred  simultaneously  with 
the  development  of  well-defined  subgrains,  and  the  specimens  were  largely 
recrystallized  before  significant  subgrain  gro'Wth  occurred.  The  subgrain  size 
■was  essentially  independent  of  prestrain  between  10!G  and  strain. 

With  ^Oji  strain,  recrystallization  nucleation  ■was  observed  after  anneal¬ 
ing  16  hours  at  450°C.  Substructure  was  best  defined  in  the  specimen 
annealed  at  5OO  C,  where  considerable  recrystallization  had  already  occurred 
elsewhere  in  the  specimen.  For  the  specimen  strained  1(^,  higher  annealing 
temperatures  were  required  to  obtain  a  degree  of  definition  comparable  to  the 
5C^'j  specimen,  'but  the  subgrain  size  was  approximately  the  same  for  the  same 
annealing  tenperatiure  • 

For  subsequent  study  of  the  effect  of  substructure  on  flow  strength  of 
the  zone -refined  iron  and  of  hydrogen-purified,  zone -refined  iron,  pre strains 
of  5,  10,  15  and  25','  were  employed.  To  obtain  maximum  recovery  and  subgrain 
definition  for  this  range  of  strain,  without  recrystallization,  the  specimens 
were  annealed  at  450“C  for  4  hours.  With  this  heat  treatment,  well-defined 
substructures  were  observed  in  the  strained  specimens  15  and  25^.  However, 
in  the  specimens  strained  5  and  10, j,  the  substructure  remained  ill -defined 
after  this  annealing  treatment.  Well-defined  substructure  was  observed  in 
the  %  strain  specimen  only  after  annealing  at  600°C,  which  brought  about 
concurrent  recrystallization  nucleation. 

The  substiuctures  observed  in  the  hydrogen -treated  and  the  nontreated 
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zone-refined  irons  were  essentially  identical  for  the  same  conditions  of 
strain  and  annealing  below  the  recrystallization  temperature. 

Mechemlceil  Properties 

To  evaltiate  the  relative  effects  of  interstitial  inpirities  and  dislo¬ 
cation  substructures  on  flow  strength,  the  tensile  behavior  of  as-received 
and  hydrogen-purified  zone-refined  iron  was  studied  after  a  series  of  strain 
and  recovery -anneal  treatments.  Annealing  temperature  was  veu'led  from  200 
to  600°C,  and  for  most  of  the  study  the  holding  time  was  four  hours.  The 
pre  strain  was  varied  from  5  to  25^o.  Eesvilts  are  tabulated  in  Table  II  for 
hydrogen-purified  iron  and  in  Table  III  for  zone -refined  iron. 

Hydrogen-purification  of  zone-refined  iron  has  a  major  effect  on  the 
stress-strain  curve  as  shown  in  Figure  4,  reducing  the  yield  strength  from 
16000  to  6500  psi .  As  mentioned  earlier,  chemical  analysis  of  these 
materials  showed  that  treatment  in  hydrogen  had  reduced  the  carbon  by  6  ppm. 
Over  50;j  uf  the  yield  strength  of  annealed  zone -refined  iron  is  therefore 
presumably  attributable  to  the  interaction  of  interstitials  with  dislocations. 
Hydrogen-purification  also  decreased  the  ultimate  strength,  from  about  51,600 
to  28,000  psi,  increased  the  elongation,  and  increased  the  reduction  of  area 
at  fracture  (not  reported  in  Tables  II  and  III)  from  53  to  69^;.  It  is  of 
interest  that  the  zone-refined  iron  exhibited  a  sharp  yield  point,  which 
extended  to  2.?';';  strain  whereas  after  hydrogen  purification  yield  points 
less  than  0.1^'  strain  were  observed. 

Since  yield  strength  data  for  single  crystals  of  hydrogen -purified  iron 
were  available  for  the  same  test  conditions  from  the  work  of  H.  H.  Kranzlein^®’ 
it  is  possible  to  differentiate  the  factors  contributing  to  the  measured 
strength  of  polycrystalline  zone-refined  iron.  Figure  5  illustrates  schemati¬ 
cally  the  relative  proportions  of  strengthening  due  to  the  i.ntrinsic  strength 
of  zone-refined  iron  (yield  stress  of  a  single  crystal),  due  to  grain  bcouidary 
strengthening,  and  due  to  Interaction  of  interstitials  with  grain  boundaries. 

In  Figure  5>  line  A  represents  the  yield  strength  of  polycrystalline  zone- 
refined  iron,  line  B  is  the  yield  strength  of  polycrystalline,  hydrogen- 
purified,  zone-refined  iron  of  the  same  grain  size,  and  line  C  is  the  yield 
strength  of  a  hydrogen-purified,  zone-refined  iron  single  crystal.^  As  can 
be  noted  from  the  figure,  the  effect  of  grain  boimdaries  on  strength  at  low 
interstitial  concentrations  is  relatively  small.  In  addition,  no  effect  on 
strength  was  observed  when  \instrained  specimens  were  annealed  at  temperatvires 
up  to  550  C  as  is  indicated  by  the  figure. 


The  yield  strength  of  the  single  crystals  did  not  vary  appreciably  with 
orientation  within  the  range  examined^^,  owing  presumably  to  the  multiplicity 
cf  possible  slip  systems  in  iron. 
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After  straining  followed  by  annealing  within  the  recovery  range, 
hydrogen-purified  iron  exhibited  a  continuous  decrease  in  yield  strength 
with  Increasing  ten^^erature,  as  shown  in  Figure  6.  Values  for  percentage 
recovery  are  given  in  Table  IV.  Even  at  200°C  where  large  increases  in 
strength  due  to  strain  aging  are  observed  for  many  irons  and  steels,  more 
than  %  recovery  was  observed  for  the  purified  material  that  had  been 
strained  At  i)-50'C,  the  maximum  recovery  temperature  possible  while 
avoiding  recrystallization  nucleation  following  2%  strain,  the  recovered 
yield  strength  was  a  function  of  prestrain,  as  shown  in  Figure  7,  and  was 
about  JQTj  less  than  the  prestrain  stress-  It  is  Interesting  that  the  ultimate 
tensile  strength  of  the  hydrogen-purified  material  remained  essentially  fixed 
throughout  these  annealing  treatments  (Table  II  and  Fig.  12). 

In  contrast  to  the  hydrogen -purified  iron,  a  strong  interstitial  dislo¬ 
cation  interaction  (strain-aging)  was  observed  in  zone-refined  iron  after  the 
strain-anneal  treatments,  as  shown  in  Figure  8.  After  prestraining  %  and 
annealing  at  200°C,  the  yield  strength  was  greater  than  the  flow  stress 
for  5'/'  strain.  For  prestrains  of  10,  15  eind  25';)  the  percentages  of  strain  - 
aging  (at  200°c)  were  29,  2k,  and  1^1  respectively.  The  observed  strain¬ 
aging  was  also  reflected  in  an  Increase  in  ultimate  tensile  strength  (Table  II 
and  Fig •  12 ) . 

If  the  data  for  hydrogen-purified  iron  are  taken  as  a  base,  it  is  possible 
to  separate,  for  a  given  prestrain  and  annealing  temperature,  the  portion  of 
strengthening  due  to  interstitial -dislocation  interaction  from  that  intrinsic 
in  iron.  Table  V  presents  values  for  the  "inherent  strength"  and  for  the 
interaction  strength  obtained  in  this  manner  for  zone-refined  iron.  Further 
lowering  of  carbon  could  be  expected  only  to  lower  the  inherent  strength; 
hence  the  interaction  strengths  of  Table  V  are  minimal. 

Figures  9  and  10  illustrate  graphically  the  intrinsic  strength,  and 
dislocation-interstitial  interaction  strengthening  of  zone-refined  iron  after 
straining  5  and  10;'i  and  annealing.  Although  the  contribution  to  the  strength 
of  zone-refined  iron  by  interaction  is  reduced  by  annealing  at  the  higher 
teii5)eratures,  this  factor  is  still  a  major  fraction  of  the  strength  observed 
at  the  highest  temperature  studied.  As  shown  in  Figure  11,  the  yield 
strengths  of  the  5  and  1(^  specimens  after  annealing  at  450'’C  were  still 
sli^tly  greater  than  the  prestrain  stresses-  For  this  same  annealing  tenpjera- 
ture,  the  yield  strengths  of  the  15  and  25^^  specimens  were  slightly  less  than 
their  prestrain  stresses.  The  levelling  may  be  explained  in  terms  of  the 
saturation  of  interaction  strengthening  due  to  insufficient  interstitial 
inpurltles,  the  relatively  small  effect  of  unpinned  dislocations  on  strength, 
and  to  faster  recovery  at  higher  strains- 

The  variation  with  prestrain  of  ultimate  tensile  strength  of  the  zone- 
refined  and  hydrogen -purified  irons  is  shown  in  Fig.  12  for  several  annealing 
tenqperatures.  Iftiforttinately  data  are  not  available  for  large  prestrains  and 
annealing  teii5)erat\ires  of  200  and  550‘’C  for  the  hydrogen-purified  iron.  Also 
the  dat\m  for  this  iron  for  the  prestrain  of  10^  and  annealing  at  200“C 
represents  1  hour,  rather  than  4  hovirs,  as  do  the  other  data.  However,  it  is 
reasonable  to  assume  no  difference  in  yield  strength  for  1  to  4  hours. 
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(See  e.g.  data  in  Tatle  III  for  1  and  4  hours  at  200°C  for  zone-refined  iron) 


Discussion  of  Results 


Investigators  have  generally  tended  to  overlook  the  possibility  of  "strain 
aging"  in  iron  after  higher  tenperature  anneals  (above  perhaps  300°C).  In  some 
cases,  the  high  yield  strength  observed  after  annealing  Just  below  the 
recrystalllzation  tenperature  in  iron  has  been  attributed  to  the  formation  of 
substructure^.  However,  the  present  results  suggest  that  important  inter- 
stitied -dislocation  interaction  strengthening  may  persist  in  iron  to  relatively 
high  tenperatxires  (see  e.g  Fig.  9)  Moreover,  the  present  results  as  well  as 
other  results  reported  in  the  literature  have  shewn  that  the  sharpening  of  sub¬ 
structure  in  iron  by  recovery  annealing  results  in  a  decrease  in  strength. 

This  has  been  shown  in  the  present  investigation  by  two  irons  which  with 
similar  substructures  but  different  interstitial  inpurity  contents  show  com¬ 
pletely  opposite  behaviors.  For  l^drogen -purified  iron,  recovery  of  yield 
strength  was  obseirved  after  prestrain  anneal  treatments;  moreover,  no 
increase  in  the  ultimate  strength  was  observed.  However,  for  as-received 
zone-refined  iron,  identical  pre -treatments  resulted  in  substantial  increases 
In  both  the  yield  strength  and  the  ultimate  strength.  Thus,  the  ultimate 
tensile  strength  of  the  zone-refined  iron  was  Increased  from  31>600  to  38,200 
psi  by  prestiwining,  10-2%,  followed  by  heating  at  2CX)’C. 

The  mechanical,  behavior  of  iron  containing  interstitial  inpurities  after 
prestrain  and  annealing  treatments  must  be  considered  as  the  net  result  of  two 
processes.  When  a  strained  spec  '‘n  is  annealed  below  the  recrystallization 
temperature,  recovery  occurs  by  the  straightening,  annihilation  and  rearrange¬ 
ment  of  dislocations  and  vacancies.  With  increasing  prestrain,  the  cells 
became  more  sharply  defined  even  for  room  temperature  deformation.^® 

Increasing  the  annealing  tenperature  causes  sharpening  and  perfecting  of  the 
cell  structure  developed  during  deformstion.  However,  in  polycrystalline 
iron,  recrystallization  begins  before  significemt  subgrain  growth  can  be 
obtained  throughout  the  entire  specimen.  The  formation  of  well-defined  sub¬ 
structures  by  annealing  is  associated  with  a  decrease  in  strength.  Con¬ 
current  with  recovery,  interstitial  impurity  atoms  associate  with  the  new 
dislocations  introduced  by  the  straining,  with  a  resulteuit  strengthening*. 

The  net  effect  of  the  softening  and  strengthening  processes  may  be 
expected  to  depend  upon  the  disl  ocation  density,  the  concentration  of  inter¬ 
stitial  inpurities,  and  the  annealing  ten.i,erature  The  present  resvilts  show 
that  interaction  strengthening  is  greatest  at  about  200°C,  but  that  inter¬ 
action  makes  an  important  contribution  to  flow  strength,  even  for  fairly  high 
annealing  tenperatures.  Furthermore,  it  is  unjustified  to  lock  upon  the  for¬ 
mation  of  substructure,  in  the  absence  of  Inpurity  interactions,  as  causing 
strengthening.  To  the  contrary,  as  the  substructure  becomes  "perfected",  flow 
strength  progressively  decreases. 


*The  nature  of  the  association  is  presumably  that  of  the  Cottrell  "cloud"  at 
low  annealing  temperatures^*,  but  might  be  one  of  precipitate  particles  at 
high  annealing  tenperatures. 
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It  is  of  interest  that  the  analysis  of  the  zone -refined  iron  "before  and 
after  treatment  in  pure  wet  hydrogen  showed  that  the  carbon  content  had  been 
reduced  from  19  to  15  ppm-  It  is  difficult  to  understeuid  how  such  a 
reduction  could  cause  such  large  change  in  the  flow  curve  of  the  annealed 
iron,  as  well  as  change  in  the  response  to  recovery  anneeling 

That  polygonization  boxmdaries  do  not  provide  an  important  strengthen¬ 
ing  influence  in  the  absence  of  interstitial  impurities  is  also  suggested  by 
the  results  of  a  related  research  progrsim  concerned  with  the  influence  of 
grain  size  on  the  flow  strength  of  the  same  material s,  some  results  of  which 
are  summarized  in  the  Fetch  type  of  plot.  Figure  I5  The  slope  of  the  plot 
''f  yield  strength  at  room  temperature  versus  the  reciprocal  of  the  square 
root  of  the  gr^ln  size  for  the  hydrogen-purified  iron  of  the  present  study 
(0.581  Kg  is  the  lowest  of  which  we  are  aware  in  published  litera¬ 

ture,  whereas,  con^jle:'  interaction  is  indicated  in  the  non-hydrogen-treated 
iron.  If  large  angle  boundaries  have  so  little  effect  on  strength  of  iron 
(see  also  Fig.  5)  It  seems  unreasonable  to  expect  a  small  angl.e  polygoni¬ 
zation  boundary  to  be  an  In^jortant  barrier. 

It  also  seems  noteworthy  that  the  yield  strength  of  single  crystal  iron 
does  not  appear  to  be  substantially  different  for  the  hydrogen-purified 
material  or  the  vinpurified  material,  suggesting  that  the  interaction  of 
interstitials  with  randomly  dispersed  dislocations  at  least  in  the  densities 
prevalent  in  the  materials  of  this  study  is  not  an  inportant  strengthening 
influence,  in  contrast  to  the  situation  as  regards  either  small  or  large 
angle  dislocation  boundaries. 
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1 .  Subgrain  size  produced  In  hl^-purlty  Iron  by  recovery  annealing  Is 
essentially  Independent  of  tensile  prestrain  vlthln  tbe  zange  5  bo  ^0 
per  cent  strain. 

2.  Substructure  appeared  to  develop  along  markings  that  formed  during 
deformation,  and  shatpened  vith  Increase  of  annealing  temperature . 

3.  The  substructures  observed  in  the  hydrogen  treated  and  the  non-hydrogen 
treated  irons  were  essentially  Identical  for  the  aaae  strain  and  anneal¬ 
ing  conditions- 

4.  No  appreciable  growth  of  subgrains  was  observed  until  annealing  temper¬ 
atures  causing  partial  recrystalllzatlon  were  reached,  whereupon 
coarsening  occurred. 

5.  The  subgrain  size  for  annealing  tenperatiires  not  causing  coarsening  was 
about  1  to  2  microns - 

6.  A  large  fraction  of  the  flow  strength  of  the  recrystcLlllzed,  zone -refined 
iron  of  this  investigation  is  attributable  to  Interactiou  between  inter¬ 
stitial  Inpurlty  atoms  and  grain  boundaries. 

7"  Considerable  strengthening  attributable  to  Interstitial  substructure 

interaction  was  observed  in  zone-refined  iron  containing  19  ppm  of  carbon, 
by  analysis,  when  plastically  strained  and  annealed  in  the  recovery  range. 

8.  Zone-refined  iron  in  which  carbon  had  been  reduced  from  19  to  I5  ppm  by 
treatment  in  wet  hydrogen,  showed  progressive  softening  on  annealing  after 
plastic  straining,  even  though  the  substructure  appeared  to  be  identical 
with  that  of  iron  not  treated  in  hydrogen. 

9.  The  rearrangement  of  dislocations  into  increasingly  perfect  subgrains  by 
annealing  in  the  recovery  range  results  in  a  progressive  decrease  of  yield 
strength  from  the  level  reached  during  prestraining,  when  the  interstitial 
content  is  reduced  to  low  level,  leading  to  the  conclusion  that  substruc¬ 
ture  does  not  make  an  inportant  contribution  to  the  strength  of  iron  in 
the  absence  of  interstitial -dislocation  interactions.  This  conclusion  is 
supported  by  the  observation  that  the  yield  strength  of  the  hydrogen 
treated  iron  is  not  greatly  different  in  the  mono-  and  polycrystalline 
conditions,  indicating  that  large  angle  boundaries  are  not  inportant 
barriers . 

10.  The  similarity  in  strength  of  single  crystals  of  zone-refined  iron, 
whether  hydrogen-purified  or  not,  suggests  that  interaction  of  inter¬ 
stitial  impurity  atoms  with  dispersed  dislocations  is  not  an  importeuit 
strengthening  influence  for  the  dislocation  densities  and  interstitial 
contents  here  studied. 
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11.  The  present  results  suggest  that  studies  of  recovery  of  Iron,  after 

plastic  deformation  are  likely  to  he  confused  hy  interstitial -dislocation 
interactions . 
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TAH£  I 


ANALYSIS  OF  ZONE-REFINED  IRON 

(As  reported  Isy  Battelle  Memorial  Institute) 
Amounts  are  given  as  parts  per  million 
(l  ppm  equals  0.0001  per  cent) 


Aluminum 

15 

Magnesium 

5 

Antimony 

5  ND  (a) 

Manganese 

0.5 

Arsenic 

10  MD 

Molybdenum 

5  ND 

Beryllium 

0.2 

Nickel 

12 

Boron 

5 

Nitrogen 

2 

CalclTun 

10  HD 

Oxygen 

17 

Cadffllvim 

5  ND 

Phosphorus 

5 

Carbon 

10 

Silicon 

10 

ChroDilum 

5 

Sulfur 

9 

Cobalt 

1 

Tin 

3  HD 

Copper 

2 

Titanium 

0.5  ND 

Njrdrogen 

2 

Tungsten 

10  NB 

Lead 

1  ND 

Vanadium 

1  ND 

Zinc 

10  ND 

Zirconium 

0.5  ND 

(a)  ND  means  not  detected.  Detection  limits  are  given. 
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XAELB  II 


EFFECT  OF  FRESTRAUf-AIIHEAL  TREASMENTS 
ON  TEE  MBCEANICAL  FROFERTIBS  OF 
HmKXSSf-FURIFIED  IRON 


Pre strain 

Initial 

Pre  strain 

Annealing 

Recovered 

ULtlnate 

Total 

Yield 

Stress 

Ten^. 

Time 

Yield 

Strength 

Elongation 

Strength 

*C 

hr 

Strength 

psi 

psi 

psi 

psi 

0 

6400 

28,500 

51.6 

0 

6500 

27,600 

48.0 

4.9 

7500 

18,900 

200 

4 

17,900 

25,500 

19.5 

5.0 

7000 

18,700 

200 

4 

18,100 

26,400 

25.4 

5.0 

6700 

18,600 

450 

4 

14,800 

27,800 

55.7 

5.0 

6800 

19,100 

450 

4 

15,600 

28,100 

55.6 

4.9 

7500 

19,400 

550 

4 

14,700 

27,600 

58.0 

5.1 

7000 

18,900 

550 

4 

14,000 

27,500 

56.4 

10.0 

6500 

22,900 

200 

1 

22,100 

27,500 

47.2 

9.8 

7100 

22,700 

450 

4 

17,600 

26,500 

47.1 

9.9 

6600 

25,200 

450 

4 

17,700 

27,500 

53.9 

14.9 

6700 

25,300 

450 

4 

19,200 

26,700 

49.6 

15.0 

6600 

25,200 

450 

k 

19,100 

27,000 

51.9 

24.8 

6400 

27,000 

450 

4 

19,900 

26,400 

53.4 

25.0 

6600 

26,800 

450 

4 

20,500 

27,900 

57.1 
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TABLE  ni 

EFTECT  OF  PRESTRAIN-AMNEAL  TREAOMEMTS 
ON  THE  MECHANICAL  EROEERTIES  OF 
ZONE-REFINED  IRON 


Pre strain 

Initial 

Pre strain 

Annealing 

Recovered 

Ultimate 

Total 

Yield 

Stress 

Tenp. 

Time 

Yield 

Strength 

Elongation 

Strength 

“C 

hr. 

Stress 

psi 

psi 

psi 

psi 

io 

0 

15,700 

31,500 

40.5 

0 

15,900 

31,900 

35.8 

4.8 

14,000 

20,600 

200 

4 

28,900 

33,800 

36.5 

4-9 

13,700 

20,300 

200 

4 

28,000 

31,900 

35-9 

5-0 

14,000 

20,300 

450 

4 

23,300 

32,500 

36.4 

5.0 

14,000 

19,800 

450 

4 

22,500 

31,700 

37.7 

4.9 

14,000 

20,100 

550 

4 

21,100 

50,900 

29.7 

5.0 

14,000 

20,000 

550 

4 

20,600 

30,700 

37.5 

4.9 

14,400 

20,100 

600 

4 

19,600 

* 

* 

5.0 

13,700 

20,500 

600 

4 

19,100 

* 

* 

9.6 

15,300 

27,200 

200 

1 

34,100 

38,100. 

28.5 

9-7 

17,300 

27,100 

200 

4 

54,700 

38,400 

28.8 

99 

13,800 

25,200 

450 

4 

26,500 

33,500 

31.6 

9-7 

15,800 

26,000 

450 

4 

27,300 

55,500 

56.2 

14.8 

15,000 

29,200 

200 

4 

56,200 

58,800 

29.4 

14.8 

14,000 

28,100 

450 

4 

27,000 

52,900 

34.9 

14.7 

14,500 

28,100 

450 

4 

28,600 

53,100 

28.8 

24.6 

16,100 

52,000 

200 

4 

57,800 

38,500 

32.9 

24.6 

14,000 

29,100 

450 

4 

27,800 

31,600 

40.4 

24.8 

13,800 

29,200 

450 

4 

28,300 

51,600 

35.1 

♦Failed  at  the  grip. 
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TABLE  IV 


FL0W-8TRESS  RECOVEBX  OF  HXDRCXMI-RJRIFIED  IR(»f 


Prestrain  Annealing  Recovery  of 


Tenp. 

"C 

Time 

hr. 

Flov  Stress 

i 

4.9 

200 

4 

8.8 

5.0 

200 

4 

5-5 

5.0 

450 

4 

31*9 

5.0 

450 

4 

28.4 

4.9 

550 

4 

39.5 

5-1 

550 

4 

41.2 

10.0 

200 

1 

4.9 

9.8 

450 

4 

32.7 

9-9 

450 

4 

33-1 

14.9 

450 

4 

52.8 

15.0 

450 

4 

32.8 

24.8 

450 

4 

34.7 

23.0 

450 

4 

31.2 
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TABLE  V 


Anaj.ysls  of  Strength  of 
Zone -Refined  Iron 


Pre strain 

200‘’C  Anneal 

450“C 

Anneal 

Inherent 

Interaction 

Inherent 

Interaction 

Strength* 

Strength 

Strength* 

Strength 

C;', 

psl 

psi 

psl 

psi 

5 

18,000 

10,400 

15,200 

7,700 

10 

22,100 

12,600 

17,600 

9,500 

15 

19,200 

8,500 

25 

20,200 

7,800 

■*‘The  "Inherent"  strength  is  here  taken  as  the  sum  of  the  single  crystal 
strength,  and  the  grain  boundary  and  residual  strain  hardening  contribu¬ 
tions,  all  measured  for  the  hydrogen-ptirifled  material. 
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6%  strain  8%  strain 

600®C-lhr  775*^0- 1  hr 


Substructure  in  vacuum-melted 
iron-3.6  %  chromium  alloy ; 
Gorsuch  etchant ;  x  1000 

Rg.2 
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450®C  16  hrs  500®C  I6hrs 


Substructure  development  in  zone  refined 
iron;  30  7o  strain;  Gorsuch  etchant; 

xIOOO 

Fig.  3 
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Engineering  Stress,  1000  psi 


0  10  20  30  40  50  60 

Engineering  Strain,  per  cent 


Figure  4.  Stress-strain  behavior  of  high-purity  iron. 
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Yield  Strength,  1000  psi 


25 

20 

15 

10 

5 

0 

Figure  5  Analysis  of  the  yield  strength  of 
zone  refined  iron. 


0%  Prestrain 


_ _ A 

Interstitial-grain  boundary 
Interaction  strength 

_ B 

Grain  boundary  strength  C 

Intrinsic  strength 

I  I _ I  1  I 

100  200  300  400  500 

Annealing  Temperature, ®C 
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Yield  Stress,  iOOO  psi 


Figure  6  Effect  of  straining  and  annealing  on  yield 
strength. 
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Yield  Strength,  1000  psi 


0  5  10  15  20  25 


Prestrain,  percent 

Figure?  Effect  of  Prestrain  on  Yield 
Strength  after  Annealing 
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5%  Strain 


Zone  Refined  Iron 


0%  Strain 


J _ [ _ I _ I _ I 

0  100  200  300  400  500  600 

Annealing  Temperature  ®C 

Figures.  Effect  of  straining  and  annealing  on  yield 
strength. 
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Yield  Strength,  1000  Psi 


35 


5%  Prestrain 
A  Zone  refined  iron 
o  Hydrogen  purified  iron 


^/N^rain/, wvwiivjwi  7  W/Hdium 

I UiitttiiUutuiu  Uuiin\(tiiitttitinutix 


m 


m 


Intrinsic  Strength 


100  200  300  400  500 

Annealing  Temperature  ®C 
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Figures.  Analysis  of  yield  strength  of  zone  refined 
iron  after  strain-anneal  treatments 
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10%  Prestrain 
A  Zone  refined 
iron 

o  Hydrogen  purified 
iron 


•Tt 


Figure  10.  Analysis  of  yield  strength  of  zone 
refined  iron  after  strain-anneal 
treatments. 


Yield  Strength  ,  1000  psi 


Figure  II  Effect  of  Prestrain  on  Yield 
Strength  after  Annealing 
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Ultimate  Tensile  Strength, 1000  psi 


Prestrain  ,  percent 


Figure  12  Variation  of  Ultimate  Tensile 
Strength  with  Prestrain  and  Annealing 
Temperature 
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Yield  Strength  ,  1000  psi 


Figure  13  Variation  of  Yield  Strength 
with  Grain  Size 
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Some  Observations  on  the  Development  of 


J.  T.  Michalak  and  L.  J.  Cuddy 
Edgar  C.  Bain  Laboratory  for  Fundamental  Research 
United  States  Steel  Corporation  Research  Center 
Monroeville,  Pennsylvania 


Abstract 

The  development  of  the  deformation  sub¬ 
structure  of  zone-refined  iron  is  similar  to  that 
observed  for  less  pure  vacuum-melted  iron.  Quali¬ 
tative  differences  with  increased  purity  are  noted 
and  are  associated  with  a  decrease  in  the  dislocation 
sources  and  the  necessity  for  cross-slip.  Evidence 
is  presented  to  show  that,  in  the  purest  iron 
investigated,  dislocation  movement  in  the  foil  pre¬ 
pared  for  transmission  electron  microscopy  is  quite 
unrestricted  and  that  the  observed  structures  may 
not  be  typical  of  the  dislocation  density  and 
distribution  in  the  bulk. 
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Introduction 


The  Importance  of  the  substructure  developed  during  plastic 
deformation  of  a  body>centered*cubic  metal  cannot  oe  denied.  Keh  (1) 
and  Keh  and  Welssmann  (2)  have  established  experimentally  a  direct  correla¬ 
tion  of  the  dislocation  density  and  distribution  with  the  flow  behavior  of 
Iron  at  25  and  -78^C.  The  relation  between  deformation  substructure  and 
mechanical  properties  of  tantalum  (3)  and  niobium  (4)  will  be  presented 
later  in  this  Symposium.  The  role  of  substructure  in  recovery  and 
recrystallization  of  iron  and  silicon-iron  has  been  discussed  by  Leslie 
et  al  {5)»  Hu  (6)«  and  Walter  (7).  Substructure  effects  on  strain  aging 
in  body-centered-cublc  metals  have  been  reviesred  by  Keh  and  Leslie  (8)i 
and  by  Rosenfleld  and  Owen  (9).  The  relations  between  substructure  and 
precipitation  phenomena  are  reviewed  in  other  prestntations  of  this 
Symposium  (4,10). 

The  subject  of  this  paper  is  the  development  of  substructure 
during  plastic  deformation.  Keh  and  Welssmann  (2)  have  summarized  the 
studies  on  the  deformation  substructure  in  body-centered-cublc  metals  and 
concluded  that  the  dislocation  structures  of  all  of  those  investigatedt 
which  included  iron,  molybdenum,  tungsten,  tantalum  and  niobium,  were 
similar.  Dislocations  were  kinked  and  nonuni formly  distributed  in  the 
early  stage  of  deformation.  As  the  amount  of  deformation  was  increased 
the  distribution  became  more  nonuniform  and  a  cell  structure  was  developed. 
This  sequence  of  events  is  shown  in  Fig.  1.  The  walls  of  the  cells  are 
tangles  of  dislocations.  For  iron,  the  dislocation  density  was  found  to 
increase  linearly  with  strain,  and  at  a  constant  strain,  to  be  independent 
of  the  deformation  temperature  below  the  temperature  of  recovery.  The 
dislocation  distribution  in  iron,  however,  was  found  to  be  temperature 
dependent}  the  distribution  was  more  uniform  and  the  tendency  to  form 
cells  was  decreased  as  the  temperature  of  deformation  was  lowered.  Keh 
and  Welssmann  (2)  also  showed  that  the  relation  between  the  dislocation 
density  and  the  flow  stress  of  iron  wasi 

Of  =  Cq  +  0.17  Gb^  (1) 

where  Cf  is  the  flow  stress,  Oq  is  the  frictional  stress,  G  is  the  shear 
modulus  (=7.8xl03kg/mm2) ,  b  is  the  Burgers  vector  of  the  slip  dislocation 
in  iron  (=2.5  X),  and  Nf  is  the  dislocation  density  in  the  tangled  regions. 
The  change  of  the  dislocation  distribution  with  ten^erature,  that  is, 
the  change  in  density  within  the  tangles,  accounts  for  the  difference  in 
flow  behavior  at  different  temperatures.  Finally,  it  was  observed  that  the 
dislocation  density  was  dependent  on  grain  size}  a  fine-grained  iron 
exhibits  a  higher  density  of  dislocations  than  does  a  coarse-grained  iron 
strained  to  the  same  extent. 
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Materials  and  Experimental  Prosedure 


The  zone-ref in 3d  iron  and  Fe-Mn  alloy  that  have  been  studied  by  the 
present  authors  are  listed  in  Table  I,  together  with  the  method  of  purifica¬ 
tion  and  the  final  grain  size  obtained  after  cold  work  and  recrystallization. 

In  Table  II  the  nominal  content  of  carbon,  nitrogen,  hydrogen  and  oxygen 
is  given  in  parts  per  million.  All  the  materials  were  deformed  in  tension 
in  bulk  form  and  then  thinned  by  electrolytic  polishing  to  a  final  thickness 
suitable  for  examination  by  transmission  electron  microscopy. 

A.  Stress-Strain  Behavior 

The  stress-strain  curves  for  the  polycrystalline,  high-purity 
irons  at  several  temperatures  are  given  in  Figs.  2-4.  The  results  of  tests 
at  25°C  shown  in  Fig.  2  indicate  that  for  the  same  grain  size,  there  is  not 
much  difference  in  the  tensile  deformation  of  two  irons  of  different  over¬ 
all  purity.  Reference  to  Table  I  indicates  that  iron  B-3  had  ten  zone¬ 
refining  passes  compared  to  iron  B-13  which  received  only  one  pass.  It 
would  be  expected  that  the  B-3  iron  is  the  purer  material,  and  although 
mechanical  tests  at  25®C  do  not  support  this,  other  differences  in  the 
behavior  of  these  two  irons  do  suggest  that  iron  B-3  has  less  overall 
impurity.  In  processing  these  irons  to  a  fine-grained  aggregate  from  the 
zone-reHned  condition  it  was  found  that,  after  the  same  conditions  of  cold¬ 
rolling,  iron  B-13  required  a  recrystallization  anneal  at  650^  to  produce 
a  completely  recrystallized  uniform  grain  size  of  43p  whereas  iron  B-3 
could  be  recrystallized  in  the  same  time  to  the  same  uniform  grain  size 
’'t  600OC.  The  effects  of  small  amounts  of  impurities  on  the  recrystallization 
of  iron  have  been  investigated  (11-13),  and  it  has  been  observed  that  the 
purer  the  iron  the  lower  the  recrystallization  temperature.  It  would  appear, 
then,  that  room  temperature  tensile  tests  are  not  a  reliable  basis  for 
evaluating  the  purity  of  iron.  The  lower  stress  levels  of  iron  S-1,  which 
is  the  least  pure  material  on  the  basis  of  method  of  purification,  can  be 
accounted  for  by  the  larger  grains  in  this  iron,  compared  to  the  other  two. 

It  will  be  noted  from  Fig.  3  that  at  -78°C  a  rather  pronounced 
yield  point  drop  becomes  evident  and  that  the  rate  of  strain-hardening  has 
decreased  compared  to  room  temperature  tests.  The  pronounced  yield  point  of 
the  irons  is  a  manifestation  of  an  increased  binding  between  interstitial  atoms 
and  potential  dislocation  sources  as  a  result  of  a  decrease  in  temperature. 

The  increased  yield  point  drop  is  not  associated  with  a  tearing  away  of 
dislocations  from  impurity  atmospheres  of  increased  binding,  but  rather  with 
the  decrease  in  the  number  of  active  sources  of  dislocations  resulting 
from  the  increased  binding.  Keh  and  Weissmann  (2)  have  suggested  that  the 
change  in  strain-hardening  behavior  with  a  change  in  temperature  is  associated 
with  differences  in  the  dislocation  distribution  during  deformation  at  dif¬ 
ferent  ten¥>eratures.  Although  the  average  dislocation  density  is  independent 
of  test  temperature,  the  dislocation  distribution  becomes  more  uniform  as 
the  temperature  is  decreased.  Since  the  rate  of  work-hardening  depends  on 
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the  density  of  dislocations  within  the  tangled  regions  of  the  cell  walls 
the  more  uniform  distribution  of  dislocations  results  in  a  decreased  rate  of 
«w>rl(  hardening.  The  lower  stress  level  and  lack  of  a  Lfiders  extension  for 
iron  S-1  is  most  probably  a  result  of  the  larger  grain  size  of  this 
material. 


The  results  of  a  temperature  change  during  tests  for  iron  B-3  are 
also  shown  in  Fig.  3.  They  are  consistent  with  the  interpretation  of  Keh  (l). 
He  proposed  that  if  a  nonuniform  distribution  of  dislocations  is  established 
by  deformation  at  some  temperature,  then  on  subsequent  testing  at  a  lower 
temperature,  characterized  by  a  more  uniform  distribution,  the  flow  stress 
at  the  lower  temperature  is  greater  than  it  would  be  if  the  specimen  were 
strained  to  the  same  extent  at  the  lower,  temperature  only.  The  curvature  of 
the  stress-strain  curve  at  the  beginning  of  deformation  at  -78®C,  after  a 
prestrain  at  25°C,  makes  it  difficult  to  establish  a  well-defined  initial 
flow  stress  at  -780C,  but  as  can  be  seen,  the  flow  stress  at  increasing 
strain  rises  above  that  for  deformation  only  at  -78°C,  and  the  difference 
increases  slightly  with  increased  amount  of  prestrain  at  25^.  As  will  be 
noted  later,  a  strain  of  3.75$  at  25°C  does  not  develop  a  gross  nonuniform 
distribution  of  dislocations  so  that  only  a  small  difference  in  flow  stress 
might  be  expected  on  subsequent  straining  at  -78^0.  Straining  7.5$  at  25®C 
does  develop  some  cell  structure  and  a  more  nonuniform  distribution  so  that 
continued  deformation  at  -78^0  results  in  the  observed  increase  in  flow 
stress. 


Iron  B-3  was  the  only  high-purity  iron  which  exhibited  any  plastic 
deformation  at  -1960C,  and  the  results  of  testing  at  this  temperature  are 
shown  in  Fig.  4.  Irons  B-13  and  S-1  failed  predominantly  by  intergranular 
fracture  at  -196oC  at  stress  levels  of  about  45-55  kg/mm^. 

Curve  A  in  Fig.  4  represents  the  stress-strain  behavior  of  iron 
B-3  deformed  only  at  -1960C.  Considerable  twinning,  as  well  as  slip,  was 
evident  only  during  the  Ldders  extension.  The  LUders  extension  in  Fig.  4 
is  shown  as  a  smooth  line  only  for  convenience.  Fig.  5  is  a  light  micro¬ 
graph  from  a  specimen,  strained  at  -196°C,  in  which  the  LQders  front  was 
allowed  to  pass  through  only  about  one-half  of  the  gauge  section.  It  is 
apparent  from  Fig.  3  and  Fig.  4  that  the  rate  of  strain  hardening,  after 
the  LQders  strain,  is  greater  at  -196®C  than  at  -78®C,  indicating  a 
minimum  in  the  temperature  dependence  of  the  rate  of  strain-hardening  and 
a  possible  change  in  the  mechanism  of  deformation  at  very  low  temperatures. 

A  similar  behavior  has  been  observed  by  Keh  and  Weissmann  (2). 

Curves  B,  C  and  D  of  Fig.  4  are  stress-strain  curves  at  -196®C 
after  a  prestrain  at  25°C  of  0.75f  1.9  and  7.5$  respectively.  The  prestrain 
at  25®C  has  eliminated  con^letely  the  formation  of  twins  at  -196®C  and, 
contrary  to  tests  between  25  and  -780C,  the  flow  stress  at  -196®C,  after 
prestrain  at  25®C,  has  not  been  increased  above  that  for  deformation  only 
at  -196®C.  This  observation  also  suggests  a  change  in  the  mechanism  of 
deformation  as  the  temperature  of  deformation  is  decreased.  This  change  in 
mechanism  may  be  closely  related  to  several  observed  factorsi  (a)  the  active 
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slip  plane  in  iron  becomes  more  restricted  to  the  {llo|  planes  (14)  as 
the  temperature  is  decreased}  (b)  the  temperature  dependence  of  the  stress- 
velocity  relationship  for  edge  dislocations  is  greater  for  [112}  planes 
than  for  {lio}  planes  (15);  (c)  cross-slip  of  the  screw  dislocations 
becomes  more  difficult  as  the  temperature  is  decreased  (l»2). 

B.  Dislocation  Sources 

Before  considering  development  of  the  deformation  substructure 
it  is  necessary  to  establish  what  major  source  or  sources  of  dislocations 
exist  in  the  material  prior  to  deformation.  The  sources  of  dislocations  in 
any  metal  aret  (a)  random  matrix  dislocations,  (b)  the  interfaces  between 
the  matrix  and  second-phase  particles,  (c)  subboundaries  within  the  grains, 
and  (d)  the  grain  boundaries.  The  random  matrix  dislocations  which  are 
not  of  the  Frank-Read  source  type  and  which  are  not  immobilized  by  impurity 
atmospheres  will  generate  dislocations  by  the  double  cross  slip  mechanism  (16), 
as  has  been  shown  by  Low  and  Guard  (17).  The  generation  of  dislocations  at  an 
inclusion-matrix  interface  under  an  applied  stress  has  been  reported  (5,18). 
The  formation  of  well-defined  cell  walls,  after  only  light  deformation,  as  a 
result  of  interaction  of  dislocations  generated  from  closely  spaced  particles 
is  illustrated  in  Fig.  6  from  the  work  of  Leslie,  et  al  (5).  Li  (19)  has 
considered  the  theoretical  aspects  of  subboundary  and  grain  boundary  sources; 
Hornbogen  (20)  and  Keh  (l)  have  reported  experimental  evidence  for  sub- 
boundary  and  grain  boundary  sources.  An  example  of  dislocations  originating 
from  a  grain  boundary  in  an  Fe-1.78  wt.$  P  alloy  is  shown  in  Fig.  7. 

In  fully  recrystallized  high-purity  iron  it  has  been  observed 
that  the  number  of  second  phase  particles  and  subboundaries  is  so  small 
as  to  be  inconsequential  as  effective  sources  of  dislocations.  Likewise, 
the  density  of  random  dislocations,  as  measured  by  transmission  electron 
microscopy  and  an  X-ray  technique  discussed  by  Weissmann  (21),  is  low  and 
of  the  order  of  loVcm^.  Fig.  8  is  a  typical  electron  transmission  micro¬ 
graph  of  lecrystal lized  high-purity  iron  illustrating  this  low  dislocation 
density.  Observations  of  dislocation  loops  emanating  from  grain  bound¬ 
aries  (20),  the  "hairy"  appearance  of  grain  boundaries  and  the  formation  of 
irregular  dislocation  networks  adjacent  to  the  boundaries  (1)  after  small 
deformations  suggest  that  the  grain  boundaries  and  not  the  random  matrix 
dislocations  are  the  primary  source  of  dislocations  in  high-purity  iron. 

Li  (19)  has  postulated  that  grain  boundary  ledges  (or  jogs)  are  the  source 
of  dislocations  in  the  grain  boundary.  An  example  of  the  generation  of  a 
dislocation  from  a  grain  boundary  ledge  is  shown  in  Fig.  9.  The  strain 
field  of  the  ledge  is  shown  only  in  one  grain,  although  it  could  exist  in 
both  grains.  It  should  be  noted  that  this  type  of  source  is  not  a  disloca¬ 
tion  mill  of  the  Frank-Read  type  which  is  capable  of  continuous  generation. 

The  grain  boundary  ledge  is  only  a  "donor"  of  dislocations  and  subsequent 
generation  of  dislocations  within  the  grain  can  take  place  by  the  double 
cross-slip  mechanism.  According  to  Li's  correlation  between  the  density  of 
grain  boundary  ledges  and  the  Hall-Petch  (22)  slope,  the  decarburized  Swedish 
iron  studied  by  Codd  and  Petch  (23)  would  have  a  ledge  density  of  about 
8x105  cm  of  ledge  per  cm2  of  grain  boundary  area,  for  a  grain  size  of  lOOp 
this  would  mean  approximately  240  cm  of  ledge  per  grain,  whereas  the 
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nominal  dislocation  density  within  the  grain  of  10^  cm/cm^  provides  about 
0.5  cm  of  dislocation  line  within  the  grain.  It  is  not  unreasonable,  then, 
that  the  primary  source  of  dislocations  is  the  ledges  in  the  grain 
boundaries.  Fig.  10  Illustrates  that  ledges  do  in  fact  exist  in  the  grain 
boundaries  of  a  well  annealed  high-purity  iron.  The  density  of  ledges  in 
this  micrograph  is  about  SxloVcm,  a  factor  of  ten  less  than  that  calculated 
for  the  Codd  and  Fetch  iron.  A  lower  density  of  grain  boundary  ledges  in  a 
purer  material  is  consistent  with  Li’s  analysis  of  the  effect  of  impurities 
on  the  density  of  grain  boundary  ledges. 

The  micrographs  of  Fig.  11  illustrate  the  dislocation  arrangements 
near  grain  boundaries  in  a  sample  strained  0.375$  at  25°C.  Fig.  11a  is  the 
arrangement  near  a  boundary  away  from  grain  boundary  junctions.  It  is 
characterized  by  few  dislocation  intersections.  Fig.  lOb  shows  that  near 
a  grain  boundary  junction  there  are  more  dislocations  and  more  interactions 
due  to  the  stress  concentration  at  the  junction.  Occasionally  a  severe 
tangle  can  be  found  emanating  from  a  grain  boundary  junction  or  from  a 
region  of  change  in  orientation  of  the  boundary,  such  as  in  Fig.  12. 

C.  Formation  of  Dislocation  Tangles  and  Cell  Structure 

1.  General  Features 

The  change  in  dislocation  density  and  distribution  with  increasing 
strain  for  iron  S-1  is  qualitatively  similar  to  the  changes  in  the  less  pure 
vacuum-melted  iron  previously  reported  (2).  In  the  early  stage  of  deforma¬ 
tion  the  dislocations  are  generally  kinked  and  nonuniformly  distributed; 
as  the  amount  of  strain  is  increased,  the  distribution  becomes  more  nonuni¬ 
form,  dislocation  tangles  are  formed  and  finally  a  cell  structure  is  developed. 
This  sequence  of  events  for  iron  S-1  is  illustrated  in  Figs.  13  and  14.  The 
deformation  substructure  in  the  higher  purity  iron  is  characterized  by  the  more 
frequent  observation  of  unkinked  dislocations  in  areas  removed  from  tangles, 
fewer  tangles  and  less  severe  tangling  at  small  amounts  of  strain  as  shown  in 
Fig.  13a.  The  increased  purity  of  the  iron  has  reduced  the  tendency  for 
the  formation  of  jogs  by  reducing  the  interaction  of  dislocations  with  point 
defects  (24),  or  by  reducing  the  necessity  for  cross-slip  of  dislocations  (25). 
The  somewhat  parallel  arrangements  of  these  unjogged  dislocations  would 
suggest  that  cross-slip,  the  more  likely  mechanism  of  jog  formation,  is 
reduced.  This  is  probable,  since  the  barriers  which  necessitate  the  cross¬ 
slip  of  dislocations  are  reduced  with  increased  purity.  Keh  and  Weissmann  (2) 
have  concluded  that  tangle  formation  is  the  result  of  interaction  of  disloca¬ 
tions  of  a  secondary  slip  system  with  the  jogs  formed  on  primary  slip  dis¬ 
locations  by  the  cross-slip  mechanism.  The  observation  of  fewer  and  less 
severe  tangles  is  consistent  with  a  reduction  in  density  of  interaction 
sites,  the  jogs,  and  a  reduction  in  the  density  of  grain  boundary  sources. 
Tangles  may  form  by  direct  interaction  of  slip  dislocations  of  two  systems 
without  the  requirement  of  jog  formation.  In  this  case,  the  initial  tangle 
is  expected  to  consist  of  a  rather  regular  network  of  dislocations.  The 
arrangement  could  be  a  crossed  grid  (26)  or  an  hexagonal  network  as  observed 
in  molybdenum  (27).  The  hexagonal  network  arises  from  the  dislocation 
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reaction 


I  [111]  +  I  [lli]  =  a  [100] 

Regular  netvvorks  In  individual  tangles  and  cell  walls  have  not  been  observed 
frequently  in  an  as-strained  vacuum  melted  iron,  but  they  seem  to  be  a 
common  feature  in  the  higher  purity  material,  as  can  be  seen  in  Fig.  13a 
and  Fig.  15.  The  frequency  of  observation  of  these  fairly  regular  networks 
in  the  tangles  and  in  the  cell  walls  developed  from  tangles  indicates  that 
interaction  of  dislocations  on  at  least  two  slip  systems  is  necessary  for 
tangle  formation  and  the  development  of  the  cell  structure. 

The  zone  axis  of  the  possible  crystallographic  planes  of  a  cell 
wall  may  be  determined  by  means  of  selected-area  diffraction  and  single¬ 
surface  trace  analysis.  The  zone  axis  is  that  crystallographic  direction, 
in  the  plane  of  the  foil,  which  is  parallel  to  the  trace  of  the  cell  wall 
in  -tte  plane  of  the  foil.  With  very  few  exceptions,  at  least  one  of  the 
planes  of  the  zone  has  been  of  the  [lio],  [ll2]  or  [l23]  type.  No  other 
low-index  planes  have  shown  such  a  trend  or  occurred  with  the  same  fre¬ 
quency.  This  result  strongly  suggests  that  the  plane  of  the  cell  wall 
in  iron  is  then  [lio],  [ll2]  or  [l23].  The  development  of  cell  walls  on 
these  planes  could  be  the  result  of  the  interaction  of  the  dislocations  of 
two  slip  systems  to  form  the  initial  tangles  on  these  planes  or  the  result 
of  cooperative  motion  of  the  tangles  leading  to  alignment  in  the  slip 
planes  (2,28). 

The  development  of  deformation  substructure  in  iron  B-13  is 
similar  to  that  in  iron  S-1.  Lesser  amounts  of  strain  to  produce  a  com¬ 
parable  structure  were  required  since  the  grain  size  of  B-13  was  smaller. 

The  ten-pass  zone-refined  iron  B-3  has  presented  two  serious 
experimental  difficulties  which  hinder  study  of  this  material  by  electron 
transmission  microscopy.  The  production  of  usable  thin  foils  has  been 
sporadic  and  their  preparation  has  required  precise  control  of  composition 
of  polishing  solution  and  polishing  conditions.  The  more  serious  dif¬ 
ficulty  has  been  a  decrease  in  the  density  of  dislocations  and  an  almost 
certain  rearrangement  as  a  result  of  the  thinning  operation.  An  excessive 
amount  of  dislocation  motion,  not  typical  of  less  pure  iron,  has  been  noted 
during  examination  of  foils  in  the  microscope.  Fig.  16  is  an  illustration 
of  the  degree  of  movement  of  dislocations  in  foils  of  iron  B-3.  The 
variation  of  dislocation  density  and  distribution  in  this  iron  is  consider¬ 
ably  more  than  normally  encountered  in  this  type  of  study.  Irons  S-1  and 
B-13  did  not  show  such  a  large  variation  and  the  structures  observed  in 
these  irons  can  be  considered  "typical".  The  inconsistency  of  the 
deformation  substructure  in  a  foil  of  B-3,  as  shown  in  Fig.  17,  makes  it 
difficult  to  define  any  single  structure  as  typical  of  this  material.  For 
the  purpose  of  discussion,  the  typical  unaltered  structure  of  this  iron 
after  deformation  will  be  considered  as  that  structure  with  the  greatest 
dislocation  density,  the  most  severe  tangles  and  the  best  developed  cell 
structure.  The  change  in  deformation  substructure  with  increasing  strain 
for  iron  B-3  is  shown  in  Figs.  18  and  19.  A  signi^’cant  degree  of  tangling 
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and  cell  formation  is  accomplished  only  after  about  5%.  strain  at  room tenperature. 
An  appreciable  change  in  the  flow  stress  at  -78®C*  after  prestrain  at  room 
temperature,  would  not  be  expected  for  prestrains  less  than  about  55l»  in 
agreement  with  the  tensile  test  results  given  in  Fig.  3.  Comparison 
with  the  structures  of  iron  S-1,  in  Figs.  13  and  14,  Indicates  that  the 
distribution  of  dislocations  is  more  uniform  and  the  cell  structure  not  as 
well  developed  in  iron  B-3.  The  limiting  cell  size  for  the  vacuum-melted 
iron  was  1.5p  whereas  in  this  investigation  the  limiting  cell  size  increases 
somewhat  with  increasing  purity  from  2p  for  S-1  and  B-13  to  A>out  2.5p  for 
B-3.  As  the  purity  increases,  the  density  of  grain  boundary  ledge  sources 
decreases  and  the  necessity  for  cross-slip  decreases.  A  decrease  in  these 
two  factors  leads  necessarily  to  a  decreased  dislocation  density,  fewer 
and  less  severe  tangles,  and  consequently  a  larger  cell  structure  with  a 
more  regular  distribution  of  dislocations  within  the  cell  walls.  Dynamic 
recovery  at  room  temperature  in  the  purer  irons  could  also  result  in  a 
larger  cell  size  with  cell  walls  of  somewhat  regular  networks  of  disloca¬ 
tions. 

2.  Effect  of  Deformation  Temperature  on  the  Dislocation  Distribution 

As  previously  reported  (2),  the  tendency  for  cell  formation  becomes 
less  and  the  dislocation  distribution  becomes  more  uniform  for  a  given 
strain  as  the  tenperature  of  deformation  is  decreased.  The  dislocation 
structures  of  iron  S-1  deformed  at  25  and  -78®C  to  about  the  same  strain 
are  shown  in  Fig.  20.  The  dislocation  distribution  at  -78®C  is  considerably 
more  uniform  and  the  dislocations  are  more  uniformly  kinked  than  at  25^C. 

This  structure  has  been  explained  on  the  basis  of  more  frequent  cross  slip, 
but  over  smaller  distances  than  at  room  temperature  (2).  Figs.  21  and  22 
illustrate  that  the  same  temperature  effect  on  the  distribution  of  disloca¬ 
tions  is  present  in  iron  B-3.  In  this  iron,  however,  the  dislocations 
formed  by  low  temperature  deformation  do  not  appear  to  be  severely  kinked  as 
in  iron  S-1,  nor  as  uniformly  distributed,  and  occurrence  of  loose  tangles 
is  also  more  frequent.  These  observations  are  consistent  with  dislocation 
movement,  resulting  from  the  thinning  operation.  Such  movement  could  cause  a 
decrease  in  the  density  of  jogs  on  the  dislocations  and  rearrangement  of 
a  uniform  distribution  to  a  less  uniform  distribution. 

The  dislocation  structures  developed  in  iron  B-3  by  deformation  at 
-196®C  are  shown  in  Fig.  23.  The  distribution  is  much  more  uniform  consisting 
of  at  least  two  sets  of  parallel  dislocations;  tangles  are  not  formed  up  to 
the  point  of  fracture  of  this  iron  at  about  IA%  strain.  The  curvatures  at 
dislocation  intersections,  such  as  shown  in  Fig.  24,  suggest  that  possibly 
three  slip  systems  were  active  in  this  particular  grain.  Two  of  the  sets 
of  dislocations  have  the  same  Burgers  vector  and  at  the  point  of  intersection 
there  is  mutual  annihilation  and  a  rounding  off  of  the  intersection  point, 
as  indicated  in  area  A  in  Fig.  24.  The  third  set  of  parallel  dislocations 
has  a  different  Burgers  vector,  such  that  there  is  interaction  to  form  an 
a[l00]  segment  at  the  point  of  intersection.  In  this  case,  the  sharp  points 
of  the  dislocation  interaction  remain,  and  examination  of  Fig.  24  reveals 
that  the  a  [lOOj  segments  have  two  directions  as  is  expected.  This  inter¬ 
action  is  noted  at  points  B  and  C  in  Fig.  24. 
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3.  Effect  of  Strain  Rate  on  the  Dislocation  Distribution 


The  effect  of  increasing  the  strain  rate  of  deformation  is  analogous 
to  decreasing  the  temperature  of  deformation,  that  is,  the  tendency  for  cell 
formation  becomes  less  pronounced  and  the  dislocation  distribution  becomes 
more  uniform  for  a  given  strain  as  the  strain  rate  is  increased.  The  degree 
of  change  in  dislocation  distribution  with  a  change  in  strain  rate  is  not 
as  marked  as  for  a  change  in  temperature.  Differences  are  most  apparent  at 
small  amounts  of  deformation  and  for  changes  in  strain  rate  of  several 
orders  of  magnitude.  Fig.  25  illustrates  the  difference  in  dislocation 
distribution  in  iron  S-1  strained  2.5%  at  strain  rates  of  2.5xl0'5  sec"l  and 
1.25x10“2  sec'l.  These  structures  may  also  be  compared  with  that  shown  in 
Fig.  13a.  ih  '  dynamic  theory  of  yielding  proposed  by  Johnston  and  Gilman  (29) 
requires  either  an  increase  in  the  number  of  mobile  dislocations  or  an  increase 
in  the  average  velocity  of  dislocations  to  accommodate  an  increase  in  strain 
rate.  The  more  uniform  distribution  of  dislocations  could  be  accomplished 
by  an  increase  in  the  amount  of  cross-slip  to  increase  the  number  of  mobile 
dislocations  or  an  increase  in  the  v^city  of  the  edge  components  of  disloca¬ 
tions  relative  to  the  velocity  of  the  screw  components.  The  latter  would 
result  in  mainly  screw  dislocations  being  left  in  the  structure.  Since  the 
densities  of  dislocations  are  not  very  different,  as  is  also  the  case  for 
low  temperature  deformation  (2),  it  may  be  assumed  that  the  uniform  distri¬ 
bution  is  more  likely  the  result  of  an  increase  in  the  velocity  of  edge 
dislocations. 

As  the  amount  of  strain  is  increased  the  differences  due  to 
strain  rate  become  less  apparent  and  a  well  developed  cell  structure  is 
formed. 

4.  Effects  of  Alloying  on  Dislocation  Distribution 

The  influence  of  alloy  additions  on  the  dislocation  arrangements  in 
iron  has  not  received  much  study  except  for  iron-silicon  (30),  iron- 
phosphorus  (20),  and  iron-manganese  (5)  alloys,  in  the  first  two  cases  the 
effect  of  alloy  addition  was  to  decrease  the  tendency  for  cell  formation  and 
to  produce  a  more  uniform  distribution  of  dislocations.  The  effect  is 
analogous  to  lowering  the  temperature  or  increasing  the  strain  rate  of 
deformation.  It  is  well  known  that  silicon  and  phosphorus  are  very  pro¬ 
nounced  solid-solution  strengtheners  and  substantially  increase  the  tendency 
for  mechanical  twinning.  Manganese  is  not  nearly  as  potent  a  solid-solution 
strengthener  and  has  been  reported  (5)  to  result  in  a  less  uniform  distribu¬ 
tion  of  dislocations  and  to  increase  the  tendency  for  cell  formation  at 
room  temperature,  as  shown  in  Fig.  26.  An  increase  in  alloy  content  would 
result  in  an  increase  in  grain  boundary  sources  thus  leading  to  increased 
dislocation  density  and  enhanced  cell  formation.  The  differences  in  dislo¬ 
cation  distribution  for  different  alloy  additions  cannot  be  explained  solely 
on  changes  on  the  density  of  grain  boundary  sources.  In  the  case  of  silicon 
or  phosphorus  additions  the  random  distribution  has  been  attributed  to  a 
decreased  mobility  of  the  dislocations  and,  in  particular,  a  greater  decrease 
in  the  mobility  of  screw  components.  The  decrease  could  be  the  result  of 
an  increased  frictional  stress  or  an  increase  in  the  density  of  vacancies  which 
might  interact  with  the  screw  dislocations  to  form  jogs.  The  addition  of 
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0.6  wt,%  manganese  apparently  does  not  markedly  influence  the  relative 
mobilities  of  the  edge  and  screw  dislocations  and  therefore  the  distribution 
of  dislocations  does  not  tend  to  be  random.  The  effect  of  manganese, 
therefore,  is  primarily  to  increase  the  average  density  for  a  given  strain 
by  increasing  the  density  of  grain  boundary  sources.  The  binding  effect 
of  manganese  on  these  sources  is  small  since  the  difference  in  yield 
stress  of  pure  iron  and  iron-0.6  wt.jl  manganese  is  not  large  (5). 

The  increased  tendency  for  retention  of  a  nonuniform  distribution 
and  the  formation  of  tangles  and  cell  walls  in  the  manganese  alloy  is  also 
observed  at  lower  temperatures  or  increased  strain  rates.  This  may  be 
seen  by  comparison  of  Fig.  27a  with  Fig.  20b  and  Fig.  27b  with  Fig.  25b. 

4.  Summary 


1.  The  development  of  deformation  substructure  in  zone-refined 
iron  is  similar  to  that  reported  for  vacuum-melted  iron  and  other  body- 
centered  cubic  metals. 

2.  The  primary  effect  of  increased  purity  is  to  decrease  the 
density  of  grain  boundary  sources  and  to  decrease  the  necessity  for  cross¬ 
slip.  This  results  in  fewer  and  less  severe  tangles  of  dislocations  and  a 
small  increase  in  the  size  of  cells. 

3.  The  cell  walls  in  the  purer  iron  consist  of  somewhat  regular 
networks  of  dislocations,  as  do  the  initial  tangles. 

4.  In  a  very  high-purity  iron  the  dislocation  density  may 
decrease  and  the  dislocations  may  change  their  distribution  as  a  result  of 
the  thinning  process. 

5.  A  decrease  in  the  temperature  of  deformation  or  an  increase 
in  the  strain  rate  decreases  the  tendency  for  cell  formation  and  produces 
a  more  uniform  distribution  of  dislocations. 

6.  The  addition  of  an  alloying  element  which  is  not  a  strong 
solid-solution  strengthener  increases  the  dislocation  density  and  tendency 
for  cell  formation  primarily  by  increasing  the  density  of  grain  boundary 
sources. 
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Table  I 


Hlah-Puritv  Materials  Investigated 


Material 

Desianatlon 

Method  of  Purification 

Grain 

Size 

# 

Fe 

S-1 

Zone-melted  in  horizontal 
boat.  Two  passes. 

9(V 

Fe 

B-13 

Zone-refined  by  floating- 
zone  technique.  One  pass. 

43ti 

Fe 

B-3 

Zone-refined  by  floating- 
zone  technique.  Ten  passes. 

4^ 

Fe-0.60  Mn 

S-8 

Zone-melted  in  horizontal 
boat.  One  pass. 

6(V 

* 

Supplied  by  Battelle  Memorial  Institute. 

Supplied  by  B.  F.  Oliver,  United  States  Steel  Corporation. 


Table  II 


Nonmetal lie  Imouritv  Contents.  PPM 


Material 

C 

JL 

H 

JL 

S-1 

15 

6 

0.2 

25 

B-13 

10 

<0.05 

0.9 

1.: 

B-3 

15 

5 

<1 

<5 

S-8 

15 

6 

0.4 

25 
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FIG.  2  -  STRESS-STRAIN  CURVES  FOR  POLYCRYSTALLINE  HIGH- 
PURITY  IRON  DEFORMED  AT  250C. 


FIG.  3  -  STRESS-STRAIN  CURVES  FOR  POLYCRYSTALLIfC  HIGH- 
PURITY  IRON  DEFORMED  AT  -78PC. 
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FIG.  4  -  STRESS-STRAIN  CURVES  FOR  POLYCRYSTALLINE  HIGH- 
PURITY  IRON  DEFORMED  AT  -I960C. 


FIG.  5  -  LUDERS  FRONT  IN  IRON  B-3  STRAINED  AT  -I960C. 
K)0X.  UNETCHED  SIMFACE. 
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FIG.  6  -  WELL-DEVELOPED  Cl 
PARTICLES.  Fe-0.0 
SECTION.  (See  ref. 


FIG.  8-  STRUCTURE  OF  RECRYSTALLIZED  GRAINS  IN  IRON. 


FIG.  9  -  GRAIN  BOUNDARY  LEDGE  ACTING  AS  DONOR  OF  DISLXATION. 
(See  ref.  19). 


158 


FIG.  10  -  GRAIN  BOUNDARY  LEDGES  IN 
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FIG.  12 -DISLOCATION  TANGLE  INITIATED  FROM  A 
GRAIN  BOUNDARY  KINK. 
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FIG.  16  -  TRAILS  OF  MOVING  DISLOCATIONS  IN  IRON  6-3. 
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Fia  20 --  DISLOCATION  STRUCTURE  IN  IRON  S-l  STRAINED  7.(»  AT  ia)  25°C  AND 
lb)  -780C. 
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FIG.  24  -  DISLOCATION  INTERACTIONS  IN  IRON  B-3  STRAINED 
14.0*  AT  -I960C. 
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FI&  25  --  DISLOCATION  STRUaURE  IN  IRON  S-l  STRAINED  i5»  AT  25®C  AT  STRAIN 
RATES  OF  (a)  ^5xl0-5  see''  AND  (b)  1.25x10*2  sec*'. 
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MANGANESE  S-S,  STRAINED  6%  AT  ZS^C. 
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Fia  27  --  DISLOCATION  STRUCTURE  IN  IRON-a60wt»  MANGANESE,  (a)  9.5»  STRAIN 
AT  lb)  ^5*  STRAIN  AT  25®C  AND  STRAIN  RATE  OF  L25xl0-2  sec"'. 


suBSTtscniui  A»  tiamALLumoii  or  detomb 

ClYStALS  or  HXei-PIftXTY  SlUOOII-IltON 
L.  fiiltar 

G«ier«l  llActric  Coapuiy 
tasMireh  Laboratory 


I.  INTRODUCTION 

Recent  advances  in  the  techniques  of  transisission  electron 
■icroscopy  have  OMide  it  possible  to  directly  observe  the  dislo¬ 
cation  substructures  of  metals. 

Hsny  studies  have  been  undertaken  to  relate  the  mechanical 
behavior  of  metals  to  the  substructure  during  plastic  daformation. 
Some  investigators  have  followed  the  changes  in  the  substructure 
and  mechanical  properties  during  annealing  treatments.  As  a 
result  of  these  studies,  various  mechanisms  for  recrystallisation 
have  been  proposed  based  on  observations  of  the  modification  of 
the  substructure  when  the  deformed  metals  are  heated. 

It  is  not  the  purpose  of  the  present  paper  to  examine  the 
several  proposed  mechanisms  for  recrystallization  but,  rather,  to 
describe  in  some  detail  the  derivation  and  modification  of  sub¬ 
structure  in  a  deformed  and  annealed  single  crystal  of  silicon 
iron.  It  will  be  shown  that  the  substructure,  as  evolved  during 
deformation,  directly  prescribes  the  state  and  orientation  of 
nuclei  for  primary  recrystallization.  This  is  not  to  say  that  the 
presently  described  mechanism  for  recrystallization  holds  for  all 
metals  and  all  crystal  orientations,  however.  Additional  effort 
will  be  required  to  determine  whether  there  is  a  single  mechanism 
for  recrystalllzatlon  or  whether  the  mechanism  is  dependent  upon 
the  initial  orientation  of  the  crystal  being  deformed  and  the  type 
and  extent  of  deformation.  This  aspect  of  the  situation  will  be 
briefly  explored  in  context  with  the  proposed  mechanisms  for 
recry  8  ta  1 1  iza  t  ion . 

II.  EXPERIMENTAL  PROCEDURE 

The  single  crystals  used  in  this  study  all  had  a  (100)  [001] 
orimtation  with  respect  to  the  rolling  plane  and  rolling  direction. 
The  crystals  contained  3X  silicon  and  were  prepared  as  follows. 
High-purity  iron  and  silicon  were  melted  and  cast,  in  vacuo,  into 
slab  ingots.  The  ingots  were  hot-and  cold-rolled  to  sheet, 

0.012”  thick.  Portions  of  the  sheet  were  annealed  in  vacuum, 
hydrogen,  or  argon  at  1200* C  to  effect  growth  of  grains  with  (100) 
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planes  parallel  to  the  sheet  surface  by  means  of  the  surface  mergy 
driving  force  (1-4) .  Crystals  with  (100)  planes  within  1  d^^ae 
of  the  plane  of  the  sheet  were  removed  from  the  sheet  and  rolled, 
at  room  tmeperature,  parallel  to  the  [001]  direction  to  reductions 
of  10%  to  90%  of  thickness. 

Samples  of  the  rolled  crystals  to  be  used  for  transmlsslcm 
electron  microscopy  were  thinned  by  electropollshli^  auccessively 
smaller  areas  of  the  sample  until  a  small  hole  fonsed  (5) .  The 
thinnest  parts  of  the  sample,  adjacent  to  the  hole,  were  removed 
and  placed  In  the  microscope.  Other  portions  of  the  rolled  crystals 
were  annealed  In  a  salt  bath  at  temperatures  from  53S*C  to  700*C. 
These  were  thinned  after  annexing.  The  majority  of  the  trans¬ 
mission  microscopy  w as  performed  on  a  Phillips  electron  microscope 
type  EM-IOOB  at  100  KV. 

III.  EXPERIMENTAL  RESULTS 

a.  Substructure  of  Rolled  Crystals 

Figure  1  shows  the  dislocation  substructure  and  the  beginning 
of  cell  formation  In  a  crystal  rolled  to  10%  rediictlon.  The 
planar  orientation,  as  determined  by  selected  area  diffraction,  la 
(100)  and  a  <011>  direction  of  the  crystal  Is  parallel  to  the  <01l> 
trace  superimposed  on  the  figure.  It  appears  that  the  dense 
tangles  and  Incipient  cell  walls  consist  of  short  segments  of  edge 
dislocations  parallel  or  nearly  parallel  to  the  <112>  directions 
(short  traces  In  Fig.  1).  There  are  also  some  longer  segments  of 
screw  dislocations  (areas  sMrked  a)  parallel  to  the  <011>  trace. 

The  bent  dislocations  In  areas  b  and  c  are  probably  screws  that 
are  cross-slipping  on  to  other  (110)  planes.  The  configuration  of 
cross -slipping  screw  dislocations  has  been  described  by  Swann  and 
Nutting  (6) . 

Rolling  to  20%  reduction  leads  to  the  formation  of  distinct 
cells,  0.2-0. 3  microns  In  diameter  as  shown  In  Fig.  2.  These  cells 
are  a  factor  of  5  smaller  than  the  cells  found  In  Iron  deformed  a 
comparable  amount  (7)*. 


*  It  Is  possible  that  the  addition  of  silicon  to  lr<m  results  In  a 
decrease  In  cell  slse  as  Is  the  case  for  the  addition  of 
aluminum  to  copper  (8) . 
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Wm  c«11  milt  eooeain  «  hli^r  dmaity  of  dltloeotloas  tluoi 
wot  tho  COM  for  t$m  eryttol  rollod  to  lOt.  TIm  ditoriontotlon 
oei^tt  tho  coll  wall!  is  lots  than  1  dagrae.  Survayt  of  tlM  crystal 
with  tha  diffraeticm  ban  choirad  no  diffarancas  of  oriantatlcm 
graatar  than  1  dagraa  within  tha  crystal  In  agraaisant  with  X-ray 
diffraetiim  data. 

MHian  rollad  to  50X  raducticm,  tha  calls  are  found  to  ba 
elongatad  and  tha  call  walls  are  alignad  parallal  to  tha  rolling 
direction.  The  elongated  cells  can  be  seen  in  Fig.  3.  The  cell 
elongation  is  roughly  a  factor  of  2  and  appears  to  occur  net  so 
much  by  the  enlargaMnt  of  the  cells  in  the  rolling  direction  as 
by  the  breaking  of  cross  tangles  or  walls  to  combine  two  cells  into 
one.  Several  examples  of  cross-wall  breaking  may  be  seen  in  the 
figure.  The  width  of  the  cells  remains  constant  at  0.2-0. 3  microns. 

While  the  same  elongated  cell  structure  exists  everywhere 
within  the  sample.  In  certain  regions  of  the  crystal  substantial 
reorientations  are  found.  The  diffraction  pattern  in  Fig.  3 
Illustrates  the  nature  of  the  reorientation  which  may  amount  to  as 
much  as  25  degrees.  The  diffraction  pattern,  which  shows  a 
rotation  of  10*,  encompassed  approximately  15  cells.  Since  the 
(100)  plane  is  parallel  to  the  plane  of  the  sample,  the  reorien¬ 
tation  may  be  characterized  as  a  rotation  about  an  axis  normal  to 
the  (100)  or  rolling  plane.  The  average  angle  of  disorientation 
per  cell  wall  is  0.6-0. 7t 

The  regions  containing  the  reorientations  we  have  called 
"transition  bands".  The  transition  bands  alternate  with  regions 
wherein  there  is  no  orientation  shift  and  we  have  classified  these 
latter  regions  as  "deformation  bands" .  As  far  as  can  be  determined, 
the  substructure  in  the  transition  bands  is  identical  to  the  sub¬ 
structure  in  the  deformation  bands.  This  situation  changes, 
however,  with  Increasing  deformation. 

Figure  4  shows  the  structure  of  a  transition  band  in  a 
crystal  rolled  to  60X  reduction.  The  further  elongation  of  the 
cells  Into  sub-bands  is  apparent  as  is  the  narrowing  and  sharpening 
of  the  walls  between  the  sub-bands.  However,  as  seen  In  Fig.  5, 
the  cell  structw  a  within  the  deformation  bands  has  altered 
considerably  in  that  the  average  cell  diameter  has  been  reduced  to 
0.1-0. 2  microns  and  In  many  areas  the  cells  have  been  filled  with 
dislocations.  The  diffraction  pattern,  obtained  from  this 
deformation  band,  shows  no  significant  orientation  shifts. 

Elimination  of  cells  In  the  deformation  bands  Is  virtually 
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complete  «t  70%  reduction  end  the  width  of  the  transition  bands  is 
considerably  reduced  as  shown  in  Fig.  6a.  This  figure  shows  a 
transition  band  and  the  orientations  of  the  deformation  bands  on 
either  side  of  it  (Figs.  6b  and  6c)  in  a  crystal  rolled  to  70%. 

The  transition  band  now  consists  of  clearly  defined  sub*bands, 
still  only  0.2-0. 3  microns  wide,  running  parallel  to  the  rolling 
direction.  Diffraction  patterns  show  the  deformation  bands  to 
have  (100)  planes  parallel  to  the  plane  of  the  sample  and  a  change 
in  orientation  of  the  [001]  direction  of  about  40  degrees  across 
the  transition  band.  This  rotation  occurs  as  a  series  of  small, 
discrete  orientation  changes  associated  with  the  individiial  low- 
angle  boundaries  of  the  transition  band.  Since  there  are  18-20 
sub-bands  within  the  transition  band,  the  average  angle  of  dis¬ 
orientation  of  the  low-angle  boundaries  is  approximately  2  degrees. 
The  [OOlj  direction  of  the  center  sub-band  is  parallel  to  the 
direction  of  the  transition  band  and  hence,  parallel  to  the  rolling 
direction.  The  structure  of  the  low-angle  boundaries  is  shown  in 
Fig.  7  at  high  magnification.  !nie  structure  of  these  boundaries 
varies  considerably  from  place  to  place  as  does  the  density  of 
dislocations  within  the  sub-bands.  Further  examples  of  the 
structures  of  the  low-angle  boundaries  will  be  given  later. 

idThen  rolled  to  90%  reduction,  the  transition  bands  become  even 
narrower  although  the  width  of  the  sub-bands  remains  constant.  The 
average  angle  of  disorientation  of  the  low-angle  boundaries  has 
increased  to  3-4  degrees.  Figure  8a  shows  a  typical  example  of  a 
transition  band  in  a  crystal  rolled  t>j  90%  reduction.  The  defor¬ 
mation  bands  have  (100)  planes  parallel  to  the  sample  (diffraction 
patterns.  Figs.  8b  and  c)and  there  is  a  change  in  orientation  of 
the  [001]  direction  across  the  transition  band  of  15  degrees.  This 
relatively  small  change  in  orientation  across  the  transition  band 
is  frequently  observed  for  crystals  rolled  to  90%  reduction.  In 
many  cases,  in  the  more  heavily  rolled  crystals,  the  transition 
bands  are  split  and  the  [001]  direction  of  the  center  sub-band 
does  not  always  coincide  with  the  rolling  direction.  In  some  cases, 
where  the  transition  bands  are  closely  spaced,  the  deformation 
band  between  them  contains  an  elongated  cell  structure  similar  to 
that  observed  in  crystals  rolled  to  50%  reduction.  This  effect  is 
not  understood. 

Repeated  diffraction  surveys  of  all  the  deformed  crystals 
show  that  the  majority  of  the  crystal  is  comprised  of  regions  with 
the  (100)  planar  orientation  but  other  orientati<ms  are  occasi<mally 
found  that  have  their  origin  in  the  formation  of  mechanical  twins 
during  rolling.  Figure  9a  shows  a  transition  band  and  deformation 
bands  in  a  crystal  rolled  to  70%  reduction.  The  diffraction 
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p«tc«rns  (Plgf.  9b  and  c)  ahow  Chat  tha  defomatlon  bands  ha>M  (111) 
planas  parallel  Co  Che  rolling  plane.  The  change  In  orlencaclon 
across  Che  crane iclon  band  is  21  degrees  abouC  an  axis  nomsl  Co 
Che  (111)  plane. 

Many  Ctfins  ha>w  been  observed  afCer  reduc Cions  of  10-20X  and 
Chese  should  reorlenC  during  subsequenC  cold-rolling  Co  place  (111) 
planes  nearly  parallel  Co  Che  rolling  plane.  OlffracClon  paCCems 
of  deformed  Cwlns  observed  in  Che  eleccron  microscope  show  chese 
Co  have  (111)  planes  in  Che  rolling  plane  and  a  <011>  dlrecClon 
parallel  Co  a  <011>  direction  of  Che  matrix  (9). 

b.  Textures  of  the  Rolled  Crystals 

Up  Co  about  501  reduction,  the  reorientation  during  rolling  may 
be  characterized  as  a  spread  of  the  Initial  single  crystal  In  two 
directions  about  an  axis  normal  to  the  rolling  plane.  At  50Z 
reduction,  this  spread  Is  approximately  15  degrees  In  both  directions. 
Beyond  about  50Z  reduction,  the  crystal  begins  to  form  two  texture 
components.  The  components  are  shown  In  the  pole  figure  of  Pig.  10 
which  shows  Che  (200)  poles  of  a  crystal  after  rolling  to  70Z  re¬ 
duction.  The  Initial  orientation  of  the  single  crystal  Is  given  by 
the  open  squares.  The  central  portion  of  the  pole  figure  was  not 
obtained  since  Che  symmetry  of  the  orientation  made  this  unnecessary. 

The  two  components,  A  and  B,  are  related  to  the  Initial  orien¬ 
tation  by  rotations  of  25  degrees,  both  clockwise  and  counter¬ 
clockwise,  mainly  about  an  axis  normal  to  the  rolling  plane.  The 
dashed  lines  arbitrarily  delineate  Che  orientations  of  the  major 
components  from  Che  transition  region  (TR) ,  the  region  of  continuous 
spread  from  the  Initial  single  crystal  to  the  orientations  of  the 
components. 

Rolling  to  90%  reduction  Increases  the  rotation  of  the  major 
components  away  from  the  rolling  direction  to  about  35^  while 
slightly  increasing  the  spread  away  from  the  periphery  of  the  pole 
figure.  There  Is  a  decrease  In  the  volume  fraction  of  material  In 
the  transition  region  and  an  Increase  In  the  volume  fraction 
contali^d  within  the  major  components. 

The  presence  of  the  major  components  In  the  rolled  crystal 
can  be  seen  directly  by  proper  etching  of  the  rolled  crystal. 

Figure  11  shows  Che  macroetched  surface  of  a  (100)  [001]  crystal 
rolled  to  70%  reduction.  The  etchant  reveals  the  cube  faces;  thus, 
ctM  edges  of  the  pics  are  parallel  to  <001>  directions.  A  [001] 
direction  in  C}m  region  marked  A  lies  at  an  angle  of  about  20 
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degrees  councerclockvrlse  to  the  rolling  direction,  tfhereas,  In  the 
region  marked  B,  the  1001]  direction  lies  at  an  angle  of  about  12 
degrees  clockwise  to  the  RO.  The  regions  A  and  B,  of  single  but 
different  orientation,  are  the  deformation  bands.  The  narrow  band 
between  A  and  B  Is  the  transition  region  of  Fig.  10  across  which 
the  change  In  orientation  between  adjacent  deformation  bands  Is 
accomplished.  As  has  already  been  shown  In  the  examination  of  the 
transition  bands,  the  change  in  orientation  between  the  deformation 
bands  Is  gradual  and  spread  over  a  distance  of  about  5  microns  in 
crystals  rolled  to  50%  to  as  little  as  1  micron  In  crystals  rolled 
90%. 


c.  Substructure  of  Annealed  Crystals 

The  changes  that  occur  In  the  substructure  upon  annealing 
crystals  that  have  been  rolled  to  reductions  of  50%  or  greater  may 
be  generalized  as  follows:  a)  a  decrease  In  the  width  of  the 
transition  bands  (particularly  In  the  case  of  crystals  rolled  to 
50%),  b)  a  sharpening  of  the  low-angle  boundaries,  c)  nucleatlon 
of  recrystalllzatlon  grains  within  the  transition  bands,  and  e) 
polygonlzatlon  to  sub-grains  within  the  deformation  bands. 

Figure  12a  shows  a  transition  band  In  a  crystal  rolled  to  50% 
reduction  and  annealed  for  15  min.  at  600*C.  The  elongated  cell 
structure  that  comprised  the  entire  substructure  of  the  rolled 
crystal  is  no  longer  present;  Instead,  the  transition  bands  consist 
of  nvnnbers  of  clearly  defined  sub-bands,  0.2-0. 3  microns  wide, 
separated  by  sharply  defined  low-angle  boundaries.  The  deformation 
bands  are  structureless,  the  cells  having  been  replaced  by  a 
general  distribution  of  dislocations. 

While  the  total  width  of  the  transition  bands  has  decreased 
for  comparable  changes  In  orientation  of  the  [001]  directions 
(compared  to  the  width  of  the  transition  bands  In  the  rolled 
crystal),  and  the  width  of  the  sub-bands  remains  constant,  the 
average  angle  of  disorientation  of  the  low-angle  boundaries  has 
increased  to  1.3  to  1.5  degrees. 

The  diffraction  patterns  in  Figs.  12b  and  c  show  that  the 
deformation  bands.  Band  C  and  B,  on  either  side  of  the  transition 
band,  have  (100)  planes  parallel  to  the  plane  of  the  sample.  The 
change  In  orientation  of  the  [001]  direction  across  the  transition 
band  Is  28  degrees. 

The  nature  of  the  rotation  across  the  transition  band  Is 
shown  more  clearly  by  referring  to  Fig.  13  which  shows  a  transition 
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band  In  a  crystal  rolled  to  70%  reduction  and  annealed  for  5  nin. 
at  700*C.  Diffraction  patterns  were  obtained  at  points  1>5  and 
show  that  within  the  deformatioi  bands  (points  1  and  5)  and  the 
transition  bands  (points  2,  3»  4)  (100)  planes  are  parallel  to  the 
rolling  plane.  The  change  in  orientation  of  the  [001]  directicn 
occurs  as  step-wise  rotations  about  the  nomal  to  the  rolling  plane, 
for  a  total  rotation  of  47  degrees.  The  [001]  direction  in  the 
center  of  the  transition  band  coincides  both  with  the  rolling 
direction  and  the  direction  of  the  transition  band.  The  number  of 
sub-bands  in  this  transition  band  is  22;  dividing  by  the  total 
orientation  change  of  47  degrees  gives  an  average  angle  of  dis¬ 
orientation  per  low-angle  boundary  of  2  degrees.  The  nature  of  the 
rotations  across  the  transition  band  suggests  that  the  low-angle 
boundaries  are  tilt  boundaries  and  should,  therefore,  consist  of 
edge  dislocations.  The  structure  of  the  low-angle  boundaries  is 
shown  more  clearly  in  Fig.  14.  nils  shows  another  area  of  the  same 
transition  band  shown  in  Fig.  13,  but  at  much  higher  magnification. 
The  transition  band  is  traversed  by  a  very  narrow  twin  (400 
Angstroms  wide)  which  was  formed  at  the  time  the  sample  was  being 
thinned  or  cut  in  preparation  lor  electron  microscopy.  The  twin 
changes  direction  where  it  crosses  a  low-angle  boundary;  the 
change  in  direction  is  a  bend  with  the  bend  axis  normal  to  the 
sample  surface.  There  is  no  apparent  twist  at  the  low-angle 
boundary.  Measurements  of  the  twin's  angular  diange  at  the  low- 
angle  boundaries  range  from  1  to  3  degrees  with  an  average  bend  of 
2  degrees. 

If  one  counts  the  number  of  dislocations  per  cm  length  of 
boundary,  then,  from  Db  ■  0  (10)  for  a  simple  tilt  boundary, 
values  of  1  to  2  degrees  are  obtained.  0  is  the  number  of 
dislocations  per  cm  of  boundary  and  b  is  the  Burger's  vector  (2.5 
angstroms).  Thus,  electron  diffraction,  the  change  in  direction 
of  the  twin,  and  dislocation  counts  confirm  the  tilt  nature  of  the 
low-angle  boundaries. 

As  was  pointed  out  earlier,  the  transition  bands  in  crystals 
rolled  to  90%  reduction  contain  low-angle  boundaries  with  angles 
of  disorientation  of  3-4  degrees.  l/hen  annealed,  the  angle  of 
disorientation  remains  constant  as  does  the  width  of  the  sub-bands. 

Figure  15a  shows  a  typical  transition  band  in  a  crystal  rolled 
to  907.  reduction  and  annealed  for  30  sec.  at  657" C.  'Die  deformation 
bands,  B  and  D,  have  (100)  planes  in  the  plane  of  the  sample 
(diffraction  patterns  15b  and  d) .  The  change  in  orientation  of 
the  [001]  direction  across  the  transition  band  is  approximately 
35  degrees. 
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d*  KftcrytUlllzatlon 


Th«  most  ftriking  characteristic  of  recrystalllzatlcHi  in  the 
rolled  crystals  is  that  of  nueleation;  nuclei  are  observed  to 
arise  only  within  the  transition  bands.  This  is  illustrated  in 
Fig.  16  which  shows  the  polished  and  etched  surface  of  a  crystal 
rolled  to  90%  reduction  and  annealed  for  1  min.  at  650*’C. 

The  broad  bands  are  defortnation  bands  and  the  narrow  bands 
are  the  transition  bands.  The  recrystallization  grains  are  either 
contained  within  or  are  contiguous  to  the  transition  bands.  Re- 
crystalllzatlon  did  not  occur  within  the  deformation  bands;  however, 
growth  of  new  grains  Into  the  deformation  bands  occurred  readily. 

Recrystalllzatlon  grains  were  easily  Identified  In  the 
electron  microscope  by  1)  the  general  configuration  of  the  grain 
within  the  transition  band,  2)  a  very  low  density  of  dislocations, 

3)  a  tendency  to  polish  through  at  the  boundary  between  the  new 
grain  and  the  transition  band,  and  4)  the  presence  of  Kikuchl  lines 
In  the  diffraction  pattern.  Kikuchl  lines  Indicate  greater 
perfection  of  the  new  grain  as  coiq>ared  to  the  sub-bands  of  the 
transition  band  (11). 

One  such  new  grain,  approximately  1.5  microns  wide,  in  a 
sanq)le  rolled  to  70%  and  annealed  for  5  min.  at  700*C,  is  shown  in 
Pig.  17a.  Diffraction  patterns,  obtained  at  point  1  (within  the 
transition  band),  at  point  2,  within  the  grain,  and  at  point  3, 
within  the  deformation  band  to  the  right  of  the  transition  band, 
are  given  In  Figs.  17b,  c,  and  d,  respectively.  All  three  areas 
of  the  crystal  have  (100)  planes  parallel  to  the  plane  of  the 
sample.  Across  the  boundary  between  points  1  and  2  there  Is  a 
change  In  orientation  of  the  [001]  direction  of  only  2  degrees. 
Across  the  boundary  between  the  new  grain  (point  2)  and  the 
deformation  band,  however,  there  is  a  change  of  10  degrees  in  the 
[001]  direction.  Since  the  planar  orientation  Is  the  same,  it  Is 
evident  that  the  new  grain  originated  as  a  part  of  the  transition 
band.  Furthermore,  the  disparity  of  the  angles  of  disorientation 
across  the  boundaries  between  1  and  2  and  between  2  and  3  Indicate 
that  the  point  of  origin  of  the  new  grain  was  adjacent  to  point  1. 
The  grain  Increased  In  width  and  the  boundary  2-3  Increased  its 
angle  of  disorientation  as  it  migrated  toward  point  3. 

The  new  grain,  marked  C,  in  Fig.  15a  also  has  a  (100)  plane 
in  the  plane  of  the  sample  as  do  the  deformation  bands  on  either 
side  of  the  transition  band.  It  is  obvious  that  grain  C  originated 
near  the  right  hand  side  of  the  transition  b«id  since  the  difference 
in  orientation  of  the  [001]  direction  between  C  and  0  is  only  3-4 
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degrees 


The  recrystal llzatlon  grain  always  has  the  seaw  planar  orien¬ 
tation  as  tlM  transition  band  from  which  It  originates.  For 
instance,  Fig.  18a  shows  a  recrystallization  grain  In  a  crystal 
rolled  to  90%  reduction  and  annealed  for  1  min.  at  650*C.  The  new 
grain,  C,  has  a  (111)  plane  parallel  to  the  plane  of  the  sample 
(diffraction  pattern.  Fig.  18c),  as  do  the  deformation  bands,  B  and 
D,  on  either  side  of  the  transition  band  (Figs.  18b  and  d) . 

Regions  and  grains  of  this  orientation  are  the  result  of  the 
formation  of  mechanical  twins  during  the  early  stages  of  rolling. 

The  deformed  twins  recrystallize  completely  before  recrystallization 
even  begins  in  the  matrix.  At  the  points  of  intersection  of  the 
twins,  grains  of  many  different  orientations  are  found. 

It  has  been  observed  that  nucleation  occurs  more  often  near 
the  edges  of  the  transition  bands  than  in  the  center.  That  this 
is  to  be  expected  will  be  discussed  later. 

IV.  DISCUSSION 

a.  Origin  of  Primary  Recrvstallization  Nuclei 

It  Is  characteristic  of  the  nucleus  for  primary  recrystalll- 
zatlon,  in  this  particular  system,  to  have  the  same  orientation  as 
the  orientation  of  the  particular  sub-band  which  served  as  the 
point  of  origin  of  the  nucleus. 

This  characteristic  suggests  that  the  nucleation  event  Is  the 
result  of  the  enlargement  of  a  portion  of  a  sub-band  by  migration 
of  the  low-angle  boundary  separating  the  growing  sub-band  from 
adjacent  sub-bands  in  the  transition  band.  Figure  19  gives  an 
example  of  low-angle  boundary  migration  leading  to  formation  of  a 
recrystalllzatlon  nucleus  in  a  crystal  rolled  to  70%  and  annealed 
for  5  min.  at  700” C.  The  low-angle  boundary,  which  originally 
separated  the  sub-band  marked  X  from  the  adjacent  left-hand  sub¬ 
band,  has  migrated  to  the  point  marked  by  the  arrow  1.  It  has 
combined  with  the  existing  boundary  to  form  another  boundary  of 
higher  angle  of  disorientation.  With  this  migration,  a  curvature 
has  been  Imparted  to  the  connecting  boundaries  (arrows  2)  such 
that  they  must  move  in  the  direction  of  the  arrows.  Thus,  X- 
block  will  widen  and  lengthen  at  the  expense  of  neighboring  sub¬ 
bands  . 


The  angle  of  disorientation  of  the  migrating  boioidary  pro¬ 
gressively  Increases  as  it  crosses  successive  si^-bands;  It 
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encounters  the  polygonlzed  defometlon  band  as  a  relatl^N^ly  hlgh- 
angle  grain  boundary  (see,  for  Instance,  Fig.  17).  The  arrows 
marked  3,  near  the  bottom  of  Fig.  19,  show  a  region  where  parts  of 
a  low-angle  boundary  have  migrated  across  an  adjacent  sub-band  In 
an  Irregular  fashion. 

The  driving  force  for  migration  of  the  low-angle  boundary 
derives  from  the  difference  In  energy-density  across  the  boundary 
(12) .  The  sub-band  boundaries  within  the  transition  band  add  to 
the  driving  force  for  growth  of  the  nucleus.  Thus,  the  recrystalll- 
zatlon  grains  are  generally  long  and  narrow  with  points  at  one  or 
both  ends  (see  Fig.  16) . 

The  sub-grain  boundaries  within  the  polygonlzed  deformation 
bands  also  add  to  the  driving  force  for  growth  once  the  nucleus 
boundary  reaches  the  deformation  band;  there  are  cusps  where  the 
grain  boundary  Intersects  the  sub-grain  boundaries.  These  cusps 
cause  a  curvature  to  be  Imposed  upon  short  segments  of  the  grain 
boundary  with  the  centers  of  curvature  In  the  direction  of 
migration  of  the  boundary. 

This  description  of  the  nucleatlon  event  Is  based  on  the 
supposition  that  the  low-angle  boundaries  are  mobile.  As  the  photo¬ 
micrographs  and  the  diffraction  patterns  show,  the  low-angle 
boundaries  are  tilt  boundaries  and,  as  such,  they  should  be  mobile, 
according  to  Cottrell  (13).  Thus,  It  remains  to  determine  the 
mechanism  by  which  such  low-angle  tilt  bo'indarles  and  the  transition 
bands  are  formed  during  deformation  and  how  these  boundaries  might 
be  changed  during  the  anneal.  The  following  section  considers  a 
mechanism  for  formation  of  the  transition  bands. 

b.  Formation  of  Transition  Bands 


nie  formation  of  the  transition  bands  appears  to  occur  as  a 
result  of  Interactions  of  edge  dislocations  of  different  Burger's 
vectors  approaching  each  other  along  the  two  operative  <111>  glide 
directions  In  each  (llO)  glide  plane. 

In  the  early  stages  of  deformation,  the  <111>  glide  directions 
are  symmetrically  disposed  with  respect  to  the  rolling  direction 
and  (110)  glide  planes  have  the  highest  resolved  shear  stress. 

Thus,  dislocations  with  till]  and  [111]  Burger's  vectors,  gliding 
In  the  (101)  plane,  for  Instance,  approach  each  other,  tlw  leading 
edge  components  meeting  to  form  a  wall.  This  wall  Is  shown 
schematically  as  the  center  wall  In  Fla.  20.  The  following  screw 
comp<ments  undergo  cross  glide  on  to  (lol)  and  other  (llO)  glide 
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plaiMt  «nd  Meting  enotlMir  screw  dislocetlon  of  opposite  sign,  ere 
ennihileted.  Left  behind,  then,  in  the  originel  glide  plane  are 
equal  nued>ers  of  edge  dialocations  with  different  Barger's  vectors. 
This  basically  is  the  Mchanism  of  fonnation  of  cells  as  described 
by  Seeger  (14)  and  exanined  by  Swann  and  Nutting  (15). 

Thus,  after  a  lOX  reduction  (see  Pig.  1),  the  incipient  cell 
walls  and  tangles  appear  to  consist  of  edge  dislocations  parallel 
to  several  <112>  directions.  Also,  the  small  number  of  screw 
dislocations  (parallel  to  the  <011>  trace)  and  the  evidence  for 
abundant  cross -glide  appear  to  substantiate  the  annihilation  of 
screw  dislocations.  The  cell  walls  represent  the  early  stages  of 
formation  of  the  transition  bands. 

As  the  amount  of  deformation  is  increased,  the  <111>  glide 
directions  begin  to  rotate  away  from  the  symmetrical  glide  position 
to  a  position  where  glide  occurs  more  readily  along  one  of  the 
<111>  directions  than  along  the  other.  This  rotation  occurs  in 
different  directions  in  different  regions  of  the  crystal.  That  is, 
on  the  right-hand  side  of  the  cell  wall,  the  rotation  will  be 
clockwise  and  on  the  left  hand  side,  counterclockwise.  Referring 
to  Fig.  20,  the  succeeding  dislocation  walls  will  then  contain 
more  edge  dislocations  of  one  Burger's  vector  and  fewer  of  the 
other  Burger's  vector.  As  the  rotation  increases,  each  succeeding 
wall  will  contain  fewer  and  fewer  dislocations  of  one  type. 
Eventually,  the  low-angle  boundaries  near  the  edge  of  the  transition 
band  will  contain  only  one  family  of  edge  dislocations.  If  the 
amount  of  deforMtlon  is  sufficient  to  cause  rotations  of  about  30 
degrees  (reductions  beyond  about  70X)  the  edge  dislocations  in  the 
low-angle  boundaries  along  the  edge  of  the  transition  band  will 
have  Burger's  vectors  parallel  to  the  rolling  direction.  In  Fig. 

20  these  walls  are  adjacent  to  the  deformation  bands. 

The  dislocation  structure  of  these  outer  low-angle  boundaries 
can  be  clearly  seen  In  Fig.  21  #here  the  boundaries  In  the  bottom 
left-hand  comer  of  the  photograph  are  adjacent  to  the  deformation 
band.  This  sample  was  rolled  to  70X  reduction  and  annealed  for 
1  min.  at  700*C. 

Within  the  deformation  bands,  glide  occurs  along  a  single 
<111>  direction  and  the  cells  are  eventually  filled  with  dislo¬ 
cations.  Because  of  this  single  glide,  the  deformation  bands 
retain  a  single  orientation  tdtich  gradually  chaises  with  Increasing 
deformation  beyond  about  SOX  reduction  to  provide  the  major  ex¬ 
ponents  of  the  texture.  Since  there  are  no  significant  variations 
of  orientatimi  within  the  defonsation  bands  there  is  no  nucleation 
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of  recryttalllsatlon  gralni. 

C*  Effact  of  ^pnoaiintt  on  Stnictura  of  ttmitim  Baa4a 


AmiMliim  ttuirt  ftf  recryteallls«tl<m  ratulea  la  aooa  ikmU- 
flcatlona  of  tiha  atnsetmraa  of  eha  tranticlon  baa<to. 

In  tha  caaa  of  tha  eryatala  rollad  to  50%  radi;»tioa,  ^ 
transition  bands  bacoaa  narrowar  and  tha  lowangla  bcHiadariaa 
stralghtan  and  bacooM  aora  sharply  dafinad.  Also,  tha  mgla  of 
dlsorlantation  of  tha  low-angla  boundarlas  Incraasas  from  0.6-0. 7 
degreas  (in  tha  as-rollad  crystal)  to  1.5-1. 7  dagraas  after  the 
anneal.  The  total  change  In  orientation  across  tha  transition  band 
remains  constant,  however.  Thera  must  be  some  combination  of  tha 
low-angle  boundaries  during  tha  anneal  to  produce  tha  higher-angle 
boundaries . 

In  the  case  of  tha  crystals  rolled  to  707.  and  907.  reduction, 
however,  there  is  no  significant  change  in  the  angle  of  dis¬ 
orientation  of  the  low-angle  boimdaries  during  the  anneal.  In  fact, 
the  only  change  in  the  structure  of  the  transition  bands  in  the 
more  heavily  rolled  crystals  is  the  simplification  of  the  structure 
of  the  low>^angle  boundaries.  This  simplification  is  probably  due 
to  the  expulsion  of  whatever  screw  dislocations  might  be  contained 
within  the  low-angle  boundaries  (16,  17)  to  convert  them  to  pure 
tilt  boundaries  during  the  anneal. 

Since  the  boundaries  near  the  edge  of  the  transition  band  are 
more  likely  to  consist  of  a  single  family  of  edge  dislocations,  it 
is  expected  that  nucleation  would  occur  in  the  sub-ba''d8  adjacent 
to  the  deformation  bands  rather  than  within  the  center  of  the 
transition  band.  The  present  observations  indieate  this  to  be  the 
case.  However,  the  limited  nvanber  of  instances  in  which  nucleation 
is  far  enough  along  to  be  recognizable  yet  not  so  far  along  that 
the  new  grain  traverses  the  transition  band  prevents  making  a 
sweeping  generalization. 

d.  Other  Mechanisms 


It  is  possible  that  the  above  proposed  mechanism  for  re- 
crystalllzatlon  holds  only  for  the  (100)  [001]  orientation  in  a 
body  centered  cubic  crystal  or  for  other  crystals  under  similar 
conditions  of  symmetrised  glide.  Ihi  (18),  in  a  study  of  the 
structures  of  rolled  (110)  [001] -oriented  crystals  of  silicon-ircm, 
observed,  upon  annealing,  rapid  formation  of  sub-grains  followed  by 
a  slow  Increase  in  sub-grain  size  prior  to  reerystallisation.  He 
postulated  that  sub-graina  coalesced  as  a  result  of  the  disap- 
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pearanct  of  tona  of  the  sub-grain  boundaries,  the  eoaleseenee  being 
folloeed  by  rotation  of  the  sub-grains.  This  sasie  eoelese«sce  end 
rotation  aechanlsn  was  applied  by  Hu  In  an  Independent  study  of  the 
structures  of  rolled  and  annealed  (100)  [001 ] -oriented  crystals  of 
slllcon-lron  (19) .  In  that  study  he  observed  a  grain  with  the  (113) 
orlentatltm  In  a  transition  bend  with  the  (100)  orientation  and 
suggested  that  the  grain  was  forsMd  as  a  result  of  very  large 
rotations  of  some  of  the  sub-bands  of  the  transition  band. 

In  the  present  study,  the  recrystalllzatlon  grains  were  always 
observed  to  have  the  same  planar  orientation  as  the  transition  band 
from  which  the  grains  originated,  at  least  within  the  accuracy  of 
the  electrcm  diffraction  measurements. 

Welssmann,  et  al  (16),  and  Pujlta  (20),  In  studies  of  the  sub¬ 
structures  of  cold-worked  aluminum,  observed  that  growth  of  sub¬ 
grains  during  an  anneal  appeared  to  proceed  by  a  gradual  disap¬ 
pearance  of  sub-boundaries,  l.e.,  by  coalescence  of  sub-grains. 

The  sub-grains  became  surrounded  by  high-angle  boundaries,  pre- 
siasably  as  a  result  of  migration  of  dislocations  from  the  sub- 
grain  boundaries  to  some  point  outside  the  coalescing  group  of 
sub-grains . 

Votava  (21)  observed  a  cell  structure  in  cold-worked  copper 
which  polygonlzed  to  sub-grains  upon  annealing.  However,  the 
recrystalllzatlon  nuclei  appeared  suddenly  and  simultaneously  with 
polygonlzatlon.  Bally  (22)  suggests  that  recrystalllzatlon  In 
deformed  silver  results  from  the  migration  of  already  present  grain 
boundaries  but  could  not  determine  the  source  of  the  necessary 
high-angle  boundaries  In  heavily  worked  silver. 

It  seems  that  additional  study  will  be  required  to  provide  a 
detailed  description  of  formation  of  hlgh-angle  boundaries  when 
sub-grains  coalesce.  Particular  attention  must  be  paid  to  the 
presence  and  conditions  of  local  curvature  (23)  at  the  points  of 
nucleatlon  In  view  of  the  body  of  evidence  suggesting  that  nuclei 
are  formed  In  regions  where  turbulent  glide  has  occurred  (24),  l.e., 
where  the  lattice  has  become  curved. 

In  he  present  study  and  In  the  study  by  Hu  (19),  the 
observations  confirm  the  presence  of  the  necessary  regions  of  dis¬ 
orientation  required  for  nucleatlon. 

V.  SIMfARY  AND  CONCLUSIONS 

1.  (100)  [001  ] -oriented  crystals  of  hlgh-{mrlty  3%  slllcon- 

lron  were  rolled,  at  room  temperature,  to  reductlcms  of  10-9Cft  of 
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thickness,  'nie  structures  of  rolled  and  annealed  crystals  were 
observed  by  neans  of  transnisalon  electrm  nlcroscopy. 

2.  Cells  are  foraed  at  low  reductlmis  (10-201).  The  cell 
walls  consist  mainly  of  edge  dislocations  parallel  to  <112> 
directions. 

3.  i(/lth  heavier  reductions  (up  to  SOX),  the  cells  elongate  In 
the  rolling  direction.  In  certain  regions  of  the  crystal  there  are 
significant  reorientations.  The  reorientation  Is  characterised  as 
a  rotation  about  an  axis  normal  to  the  (100)  or  rolling  plaiM. 

These  regions  have  been  called  "transition  bands".  The  regions  in 
which  there  are  no  reorientations  are  called  "deformation  bands". 

4.  At  60-70X  reduction,  the  elongated  cells  In  the  transition 
bands  become  sub-bands  separated  by  low-angle  tilt  bmindarles  irtiich 
have  angles  of  disorientation  of  about  2  degrees.  The  elongated 
cell  structure  In  the  deformation  bands  Is  replaced  by  a  general 
distribution  of  dislocations. 

5.  The  low-angle  boiindarles  in  the  transition  bands  In  the 
crystals  rolled  to  90X  reduction  have  angles  of  disorientation  of 
3-4  degrees. 

6.  nAten  annealed,  the  low-angle  boundaries  of  the  transition 
bands  are  converted  to  pure  tilt  boundaries.  The  deformation  bands 
undergo  polygonlxatlon  to  sub-grains. 

7.  Nucleatlon  of  recrystalllzatlon  grains  occurs  only  within 
the  transition  bands  by  a  process  of  migration  of  low-angle 
boundaries  across  adjacent  sub-bands.  The  driving  force  for  migration 
derives  from  differences  In  dislocation  density  from  sub-band  to  sub¬ 
band. 


8.  The  recrystalllzatlon  grains  have  the  same  orlentatimi  as 
the  sub-band  which  served  as  the  point  of  origin  of  the  m^leus. 

9.  The  majority  of  recrystalllzatlon  grains  have  (100)  planes 
parallel  to  the  plane  of  the  soiple.  Occasional  recrystalllzatlon 
grains  are  observed  to  have  orientations  near  (111),  ntese  are 
found  In  ccmjunctlon  with  (111) -oriented  transition  bands  and 
deformation  bands  located  within  deforsMd  twins. 

10.  Tin  proposed  mechanism  for  recrystalllzatlon  In  (1(K>)  [001]- 
orlented  crystals  of  hlgh-purlty  slllcon-lron  may  not  hold  for 
crystals  of  other  orientations  or  for  metals  with  different 
deformation  characteristics. 
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1.  Incipient  cells  and  dislocation  tangles  In  crystal  rolled  to 
10%  reduction.  X  110,000. 


2.  Cells  in  crystal  rolled  to  20%  reduction.  X  100,000. 
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3.  Elongated  cells  in  transition  band  In  crystal  rolled  to  SOX 
red\ictlon.  Diffraction  pattern  shows  nature  of  reorien¬ 
tation.  X  48,000. 


4.  Sub-bands  in  transition  band  in  crj^tal  rolled  to  60X  re¬ 
duction.  X  50,000. 
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5.  Dislocation  structure  and  diffraction  pattern  of  defonsation 
band  in  crystal  rolled  to  601  reduction.  X  84,000. 


6.  Transition  band  and  diffraction  patterns  of  defomation 

bands,  B  and  C,  in  crystal  rolled  to  70%  reduction.  X  19,000. 
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7.  Structure  of  low-angle  boundaries  In  transition  band  In 
crystal  rolled  to  70X  reduction.  X  100,000. 


8.  Transition  band  and  diffraction  patterns  of  deforsMtlon 

bands,  B  mad  C,  In  crystal  rolled  to  90%  rediKstlon.  X  90,000. 
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9.  Transition  band  and  (lll)-orlented  deformation  bands  B  and  C, 
(diffraction  patterns  b  and  e)  In  crystal  rolled  to  70X 
reduction.  X  24,000. 


10.  (200)  pole  figure  of  crystal  rolled  to  70%  reduction.  Open 

squares  give  initial  oriantatlMi,  (100)  [001]. 
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11.  Macroetched  surface  of  crystal  rolled  to  70%  reduction. 

Shows  variety  of  orientations.  A  and  B  are  deformation  bands. 
X  500. 


[001] 


12.  Transition  band  and  diffraction  patterns  of  defonsation 

bands,  B  and  C,  in  crystal  rolled  to  50%  and  annealed  15  min. 
at  601*C.  X  25,000. 
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Transition  band  In  crystal  rolled  to  70X  reduction  and 
annealed  for  5  ailn.  at  700*C.  Diffraction  patterns  taken  at 
points  1-5  to  show  change  of  orientation  of  [001]  direction 
across  transition  band.  X  17,000. 


Structure  of  low-angle  boundaries  In  band  in  crystal 

rolled  to  701  and  annsaled  for  5  nln.  at  700^0.  isrrow 
band  traversing  transition  band  is  twin.  X  108,000. 


15.  Transition  band  and  racrystalllsatlon  nucleus  in  crystal 
rolled  to  90Z  and  annealed  30  sec.  at  657*C.  Diffraction 
patterns  b,  c,  d  show  (100)  orientations  of  deformation 
bands,  B  and  D,  and  nucleus,  C. 
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16.  Pollshad  and  atchad  aurfaca  of  crystal  rollad  to  90X  and 
annaalad  1  nln.  at  6S0*C.  Wida  bands  ara  daforaation 
bands  and  narrow  bands  ara  transition  bands.  Nuclaatlon 
occurs  within  transition  bands.  X  150. 
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17. 


Transition  band,  recrystalllaatlon  nucleus  (2)  and 
polygonlzed  defomatlon  bands  In  crystal  rolled  to  70Z 
and  annealed  5  nln.  at  700* C.  Diffraction  patterns  show 
orientations  at  points  1-3.  X  19,000. 
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18.  (Ill) -oriented  recryetalllsatlon  grein  and  defonwtlon 
bends  in  crystal  rolled  to  90X  and  annealed  1  nln.  at 
650* C.  Diffraction  patterns  b  and  d  show  orientation 
of  defonsation  bands.  X  10,000. 
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19.  Origin  of  recrystalllzatlon  nucleus  within  transition 

band  in  crystal  rolled  to  70%  and  annealed  5  min.  at  700” C. 
X  53,000. 
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20.  Schematic  diagram  of  dislocation  structure  of  low-angle 
boundaries  of  transition  bands. 
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21*  Dislocation  structure  of  low-angle  tilt  boundaries 

adjacent  to  deformation  band  In  crystal  rolled  to  701 
and  annealed  1  min.  at  700*C.  X  100,000. 


207 


The  Variation  cf  Flew  Streea  with  Subatructur*  in 

Tantalum 


Walter  S.  Owen 
Department  of  Metallurgy 
University  of  Liverpool. 


1.  General  Features 

On  annealing  cold  worked  (90  percent  reduction  at  20^C)  tantalum 
(less  than  l60  ppm  total  interstitial  im^i^rity)  at  successively  higher 
terr.peratures  four  effects  were  observed'^  .  In  order  of  increasing 
ann(:c.ling  temperature: 

1.  The  dislocation  ^nsit^  of  the  cold-worked  foils  was  very  high 
(greater  than  J  x  lO"*"^  cm“*^).  It  was  difficult  to  resolve  the 
individual  dislocations  and  no  clegr  cell  structure  was  observed. 

On  annealing  for  30  minutes  at  900°C  there  v/as  some  rearrangement 
and  annihilation  of  dislocations  but  formation  of  sub-boundaries. 

The  density  decreased  to  about  9  *  10'^'^  cm"  • 

2.  Aiuiealing  at  temperatures  betv/eea  9^0®  and  1200®C  produced  sub¬ 
boundary  networks  wiiicn  were  very  regular  at  the  higher  temperatures 
in  the  range  (figure  l).  i'iore  than  60  ercent  of  the  networks  were 
of  the  <111>/<100>  type. 

5*  At  higher  annealing  tem^eiv. tores  coarser  networks  were  produced, 
corresponding  to  a  decrease  on  the  angular  mlsoricntation  across  the 
boundary.  There  was  a  small  decrease  on  the  average  dislocation 
density. 

4.  No  networks  were  found  in  specimens  annealed  at  still  higher 
temperatures  (up  to  1700®C)  and  there  was  a  very  marked  decrease  in 
the  average  dislocation  density. 

The  processes  overlap  somewhat  and  the  annealing  temperature  at  which 
each  effect  was  observed  varied  appreciably  with  the  purity  of  the  tantalum. 
In  the  most  impure  material  (14?  pi«  oxygen,  160  ppm  total  impurity)  effects 
2  and  4  occurred  at  the  lowest  temperatures  and  the  average  dislocation 
density  decreased  most  rapidly  with  incre  sing  annealing  temperature. 
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2.  The  Change  of  Substructure  on  Deforndog  Amxealed  Foile  in  Tension 


The  sequence  of  changes  in  the  substructure  on  deforniing  annealed 
foilSpia  tension  at  constant  temperature  is  similar  to  those  observed  in 
iron^  but  there  are  differences  in  detail. 

After  1.6  percent  strain  at  293**K  many  straight  dislocations  v.ere 
oboerved  and  the  start  of  netv/oric  disintegration  was  detected  in  relatively 
pure  t,  ntalum  (Ta-Jl  containing  less  than  35  ppm  total  intjgstit^al 
impurity)  with  a  high  initial  dislocation  density  (  5  x  lO'*’  cm”  ).  In  the 
annealed  s^  eciraen  most  of  the  dislocations  were  in  well  developed  networks 
although  there  were  an  appreciable  number  of  random  dislocations.  Very 
few  re.  ular  networks  remained  after  2.0  .-.ercent  strain  and  a  number  of 
tangles  of  dislocations  nad  formed.  There  v;as  some  indication  of  cell 
forr.iation  although  it  was  not  ^.ossible  to  estimate  the  coll  size.  After 
4.6  percent  strain  the  cell  structure  was  better  defined,  the  cell  diameter 
being  about  0.3/^,  and  tuere  were  extensive  dislocation  tangles.  The  cells 
were  clearly  defined  after  7*3  percent  strain  and  tne  diameter  was  about 
0.2^(Figure  2).  However,  unlike  iron  deformed  at  the  same  temperature, 
after  furtner  strain  the  cells  started  to  brealc-up.  although  some  evidence 
of  cells  remained  after  10.6  percent  strain  the  dislocation  distribution 
was  much  more  uniform  than  after  9.2  percent.  After  12.2  percent  strain 
the  cell  structure  nad  disappeared  and  the  dislocation  density  was  uniform 
tluroughout  the  sp  ecimen  (Figure  3). 

The  strain  at  which  tangles  and  cells  form  is  greatly  influenced  by  the 
initial  substructure.  A  dilute  t.  .italum-oxygen  alloy  (Ta-fii4  containing  147 
ppm  oxygen)  annealed  t  give  a  low  dislocation  density  (1  x  10°  cm”^) 
arranged  randomly  showed  only  slight  evideiiCe  of  cell  fori.iuuion  auter  10.0 
.ercent  stiu.in  at  293  although  tnere  was  a  marked  jncrease  in  the  dis- 
locataon  ontangle...(.nt  (rigure  4).  This  contrasts  with  the  same  alloy 
annealed  to  a  hi  h  dislocation  de.^sity,  v/ith  wll  the  dislocations  in  well- 
formed  networks,  v.’hich  proved  re...arl;abiy  resistant  to  disintegration  on 
straining,  iivt'n  after  11.0  percent  strain  some  of  the  original  networks 
could  still  be  observed.  In  figure  5  a  network  surviving  after  6.7  percent 
strain  is  shown.  Although  the  network  is  still  intact  the  surrounding 
areas  show  obvious  signs  of  deformation.  Thus,  it  seems  that,  in  general, 
high  dislocation  density  specimens  form  tangles  and  subsequently  cells  more 
readily  than  those  with  low  initial  density,  but  anne:.led-ln  networks  vary 
eignific  ntly  in  their  ability  to  withstand  disintegration.  Comparing  t^  ,  % 
ge.'.eral  deformation  structures  in  tantalum  with  those  described  for  iron^”^^ 
it  seems  that  tantalum  defozmied  at  293*K  corresponds  to  ix^n  deformed  at  a 
temperature  100  K  or  more  higher.  Since  the  melting  point  of  tantalum  is 
appreciably  iiigher  than  that  of  iron  this  difference  is  not  surprising. 

Several  sources  of  dislocation  multiplication  have  been  identified. 
Profuse  g-neration  of  dislocations  has  been  observed  in  the  vicinity  of  the 
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intersection  of  a  slip  band  with  a  dislocation  network  (figure  6).  It  seems 
that  when  a  networlc  is  broken  up  by  a  slip  band  cutting  through  it  many  new 
dislocations  are  produced*  In  addition!  it  was  observed  in  adl  the  specimens 
that  as  the  deformation  was  increased  the  grain  boundaries  became  thicker 
and  more  fuzsy  due  to  the  accumulation  of  dislooationa  along  the  boundary 
(Figure  ?)•  It  is  not  clear  where  these  dislocations  originate  but  it  seems 
unlikely  that  they  are  formed  by  the  blocking  of  a  slip  band  because  when 
this  occurs  the  new  dislocations  can  be  clearly  seen  and  they  are  more 
widely  dispersed  (Figure  8). 


3*  The  Variation  of  Flow  Stress  with  Dislocation  Density 

The  average  dislocation  density  was  measured,  by  the  method  described 
by  Keh  and  Weissman^  as  a  function  of  flow  stress  for  two  8pecimens20f 
Ta-i;4  with  the  same  grain  size,  one  (Ta-E4  LD)  with  a  low  (1  x  lO^^em'^Kand 
the  other  (Ta-£4  HD)  with  a  high  density  of  dislocations  (1.6  x  10'*’^  cm**^). 
In  the  low  density  material  the  dislocations  were  random  and  in  that  with  a 
high  dislocation  density  almost  all  of  the  dislocations  were  in  well- 
developed  networks.  The  mechanical  and  thermal  treatments  are  given  in 
Table  1.  Ta-.:^  LD  was  tested  at  240”K  and  the  other  specimens 

at  293®K  only. 

The  stress-strain  curves  are  shown  in  Figure  9*  As  with  all  poly¬ 
crystalline  dilute  tantalum  alloys  tested  in  this  and  other  investigations 
the  logarithm  of  the  true  stress  ^ varied  linearly  with  the  logarithm  of  the 
true  strain  £  when  the  strain  waus  greater  than  the  Luders  strain.  Thus,  the 
strain-hardening  curve  could  be  accurately  represented  by:- 

-  K£  “  (1) 


where  K  Is  the  strength  constant  and  n  the  strain-hardening  index.  Values 
of  the  flow  stress  at  zero  plastic  strain  were  obtained  by  logarithmie 
extrapolatioacOf>the  strain  hardening  curve  to  the  intersection  with  the 
elastic  line'^*  .  Values  of  the  lower  yield  stress  ^  ^  ,  K  and  n  are 

listed  in  Table  1.  Changing  the  initial  substzoicture  (compare  Ta-B4  LD  and 
Ta-Jti4  HD)  produces  only  a  very  smadl  difference  in  the  yield  stress  at  293'*K 
but  the  difference  in  is  appreciable.  Clearly,  K  and  n  are 

markedly  affected  by  the'inliiel  substructure.  Many  determinations  of 


which  is  equivalent  to 


<  V07 


Fetch  extrapolation  which'depends  on 


have  been  made  on  other  materials  using 


.  i^d 


(2) 


where  2d  is  the  grain  size  and  k  a  locking  parameter.  This  method  cannot 
be  ^sed  to  study  the  effect  of  substructure  on  the  yield  parameters  because 
of  the  j.racticad  difficulty  of  maintaining  a  constant  dislocation  arrangement 
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and  daaaity  in  a  aerlea  of  aptclMna  tdth  an  appraeiabXa  rang#  of  grain  sisa* 
VdMtt  tha  grain  aisa  ranga  ia  aatabUahad  hf  annaaXIng  aalA-aerliad  taataXw 
at  mceaaairaly  higher  tamparaturaa  tha  Patch  mathod  maaauraa  aeaa  avaragad 
valua  of  <S1  higher  than  aaaaorad  by  axtxaqpelation  of  tha  atrain 

hardening  dbra^^^*  In  iron  a^aeinaSt  tMoh  uaually  go  through  a  ^laaa 
change  during  the  annealing  to  aatabliah  tha  grain  aizat  tha  variation  of 
aubatruetura  tdth  Minaaling  tam>aratiira  ia  not  narkad  mad  there  ia  good  agree- 


■ant  bateaan 
hardaniag  curva^''^. 


tha  Patch  eathod  and  by  extrapolati<ni  of  tha  atrain- 


Pollowing  Kah  and  Vlaiaama^  tha  flow  atraaa  for  LD  and  Ta-S4  HD 

waa  plotted  aa  a  function  of  /if,  tdiara  N  is  the  average  dialocation  danaity, 
and  all  the  tantalua  speeiaana  were  found  to  approxiaate  to  the  anpirioal 
relatlonahip 


^  +  etQ  b  ylT 

X  o 


(3) 


tdiera  <r  and  are  conatants,  G  ia  the  she&r  modulua  and  b  the  Burgers 
vector  (figure  10).  A  relationship  of  this  form  is  predicted  by  several 
different  strain  hardening  theories  but  the  models  on  which  the  theories  are 
based  relate  ta  tha  second  stage  of  linear  hardaniitg  of  a  single  crystal  and 
tha  extension  of  these  ideas  to  tha  non-linear  hardening  of  polycrystals  is 
of  doubtful  significance.  Further,  to  interpret  equation  3  in  these  terms  an 
assufl^tion  is  necessary  about  the  fraction  of  dislocations  which  are  mobile 
or  the  I'atio  between  the  dislocation  density  of  the  tangled  regions  and  the 
average  density.  In  polycrystalline  tantalum  specimens  the  dislocation 
geometry  changes  markedly  with  the  preliminary  mechanical  and  thezml  treat¬ 
ment  and  with  strain  diuring  testing  and  thus  a  simple  assumption  of  this 
type  does  not  appear  to  be/^ustified.  The  problem  has  been  discussed  in 
detail  by  Keh  and  Weisaman^^  .  However,  equation  3  is  *  useful  en^irical 
representation  of  the  results  and  it  enables  the  flow  stress  at  zero  strain 
O.  to  be  obtained  by  a  third  method,  dl  is  the  stress  corresponding  to 
thi^initial  dislocation  density  N. •  Valuls  of  obtained  in  this  way  are 
given  in  Table  1*  The  values  faroB  equation  3  are‘a  little  greater  than  those 
from  the  stress-strain  curve  but  the  {agreement  is  fair. 

The  variation  of  average  dislocation  density  with  strain  could  be 
represented  by  a  simple  power  relationship  (Figure  11) 

H  •  C  £  *  (4) 


values  of  C  and  a  are  given  in  TaUe  1.  A  similtf  result  has  been  found  for 
iron  and,  by  etch-pit  coimtlng,  for  mild  steel^”  .  Hahn  replaces  tte  total 
strain  £  by  the  elastic  strain  £  ,  but  as  the  elastic  strain  is  small 
compared  with  £  over  the  range  orthe  experimental  measuMsents  this  sub¬ 
stitution  does  not  make  a  significant  difference.  Hahn  has  advocated  the 
use  of 
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c  B  •* 


(5) 


N  . 


Sm  data  for  tuntalum  are  plotted  in  this  way  in  Figure  12.  £acb  increment 
of  strain  is  proportional  to  the  number  of  moving  dislocations  IT  and  tlis 
slip  distance  1,  t  s  N  b  1.  At  293"K  a  or  a'  is  nearly  unity  for  both  the 
High  and  low  initial  density  specimens  indicating  tliat  the  product  1^  is 
constant  or,  if  the  difference  in  the  slip  distance  is  assumed  to  be^small, 
that  the  ratio  of  moving  to  static  dislocations  is  independent  of  initiad 
substructure.  The  fraction  of  dislocations  moving  can  be  assumed  to  be 
independent  of  the  strain  only  if  the  slip  distance  is  independent  of  the 
average  dislocation  density.  At  240^  the  situation  is  quite  different, 
the  strain  varying  approximately  as  the  square  root  of  the  dislocation 
der.sity.  IQius,  the  product  N  l/H  varies  with  strcJ.n  but  without  exact 
knowledge  of  the  change  in  slip  distance  with  strain  and  temperature  no 
deduction  about  the  effect  of  these  variables  on  the  fraction  of  dislocations 
moving  CcUi  be  riiade. 


If  equations  1  and  4  are  judged  to  be  a  correct  representation  of  the 
data  then,  eliminating  £  , 


f 


a»n 
K  C  “ 


n 

N* 


(6) 


Hot  surprisingly,  since  N  and  €  are  all  taken  from  the  same  collection 
of  interrelated  data,  the  eiQierinental  results  fit  this  relationship  (Figure 
13  and  Table  1).  Of  course,  equation  6  is  not  compatible  with  equation  3 
since  2  /  0.3.  The  values  of  ^  ,  the  stress  corresponding  to  a  dislocation 
density  H. ,  cbtained  from  the  data  plotted  in  Figure  13  (equation  6)  are 
rim  in  &ble  1.  %ese  are  probably  more  reliable  than  those  obtained 
ftom  equation  3* 


Ihe  of 

In  the  equation  used  by  Keh  and  Weissman  (equation  ^  ^  when 

H  a  0  and  Cf  might  be  considered  to  be  the  Peierls  stress,  ‘however,  <f 
defined  in  this  way  varies  over  a  wide  range  when  tne  initial  substructure 
is  changed  (Figure  10  and  Table  l).  This,  together  with  the  objections  to 
the  ai^plication  of  this  formula  to  polycrj^alline  material,  suggests  that 
no  physical  meaning  can  be  given  to  this  o  ,  Equation  6  is  also 
unsatisfactory  because  neither  of  the  equations  from  whica  it  is  derived 
(equations  1  and  s-/  take  account  of  the  Peierls  stress.  However,  the  fact 
taat  these  equations  ap^.ear  to  be  a  good  representation  of  the  exx^erimental 
data  indicates  that  the  Peierls  stress  is  small  c<»ipared  with  ^o- 


In  the  absence  of  a  firmly-based  equation  relating  the  flow  stress  and 
the  average  disloeatioa  density  an  attempt  to  assess  the  Peierls  stress  by  a 
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■or*  elreuitous  rout*  appears  justified.  Previously*  has  been  defined 
as  the  point  satisfying  sitaultaneously  equation  1  and  the^elastie  equation 


d'.  £  a 


where  £  is  Young's  nodulus  (llgur*  l4)  and 


^  .  gl-a 


(7) 


(8) 


However*  if  it  is  assumed  tlu.t  is  the  sun  of  two  stresses*  the  Peierls 
stress  (f  and  the  stress  o'  requred  to  nove  a  dislocation  through  the 
aimealed-Sn  substructure,  thS  relation  between  the  elastic  line  and  the 
strain^hardening  curve  may  be  as  represented  in  FLgur*  1$.  ^  is  the  strain 
introduced  into  the  specimen  by  building  up  the  dLsloeation  density  froa  sero 
to  N. .  Ifypothetically*  if  this  is  done  without  any  dislocation  interaeti<m 
the  stress  required  would  be  O'  .  Then*  now  defined  as  the  stress  at 

which  the  elastic  line  (equation  7)  is  tangential  to  the  strain>hardening 
curve 


<5  -  O'  -  K  (£-  £  )“ 
X  o  o 


(9) 


becomes 


\  ^ 


(10) 


2bcperim.nt«lly*  the  stresses  and  stri;.in8  £■  can  be  ne.aured  only  at  strains 
larger  th^n  the  Luders  strain.  *ln  these  circusst&nces*  if  it  is  assumed 
that  *9^^tion  9  reduces  to  equation  1  and  n  and  K  can 

be  deteredneo  exi^erimentally.  Equation  1  fits  the  strain  hardening  curve  very 
closely  sug.  ceting  tr^at  at  large  strains  this  appro;d.aKition  is  reasonable. 

The  second  tei-m  on  the  right-hand  side  of  eqiwtion  10  differs  from  the  right- 
hand  side  of  equation  8  only  by  the  factor  tautalum  tested  at  SSiylH 

n  ^s  values  between  C.l  ^nd  0.3  depending %^on  the  initial  substructure  and 

varies  between  0.77  and  0.60.  Probably  the  least  ambiguous  method  of 
determining  ex^.erimentally  is  from  the  data  in  Figure  13*  taking 
as  the  stress  eorres^.onding  to  N.,  Since  the  value  from  equation  8  (that 
is  logarithmic  extrapolation  of  the  stress-strain  curve)  agrees  fairly  well 
with  tIU.s  value  the  decrease  due  to  must  be  approxim.  tely  compensated 

& 

by  the  introduction  of  <S  into  equation  10.  That  is*  between  about  60  and 
75  percent  of  at  293®K  is  due  to  dislocation  interaction. 
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Values  of  ^  from  tae  tantalum  data  obtained  by  ta.;ing  from  ttas 
plots  of  In  vSrsus  In  N,  and  n  and  K  from  the  application  or  equation  1 
at  lar,"e  values  of  i-  are  Given  in  Table  1.  The  values  of  tor  the  high 
and  low  deiisity  s.  ocimens  tested  at  the  same  temperature  a'.;ree  within  the 
experimental  error  and  it  a.. pears  that  furti.er  exploration  of  tiiese  ideas 
is  ju-tified. 


The  experimental  results  quoted  in  this  paper  are  taken  from  work  by 
D.-.  D.  Hull  and  Mr.  I.  Hcivor  which  is  still  in  progress.  The  work  is 
supported  by  the  United  States  Air  Force  under  contract  AI33(6l6)  -  6838 
Materials  Laboratoryi  .v.A.D.C.,  Wright^Patterson  Mr  Force  Base,  Ohio; 
Monlabs  Inc.,  Subcontract  No.  lOp. 
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Ikbl*  1 


a!h.£4  LD 

Ta.E4  HD 

Xreataent 

Cold-worked  90 
percent.  Annealed 
1750®C  for  6  min. 

Cold-worked  90 
percent .  Annealed 
1750  C,  6  min. 

Cold  worked  2  percent 
Annealed  1000  C« 

1  hour 


Orain-aise  d"^  mm“^ 

2.8 

2.8 

Initial  dialocation  density 

1.0  X  10^ 

1.6  X  10^® 

«■ 

Initial  dialocation  arrangement 

Random 

Nettforka 

Seat  Ts^wrature 

240®K 

293®K 

293®K 

Streaa-atrain  curve 

<^y  Kg  *‘1 

26.8 

22.2 

22.6 

19.6  - 

14.7 

7  19.9  « 

Kr  c.g.a. 

8.3  X  lO' 

8.5  X 

10'  3.2  X  lO'^ 

0.12 

0.25 

0.13 

Equation  3 

®  an* 

21.6 

15.0 

19.0 

0.07 

0.34 

0.08 

21.7 

15.8 

21.7 

figure  13 

22.3 

16.4 

22.4 

Equation  4 

C 

5.3  *  10^^ 

11  12 

5.3  X  lO-^-^  1.3  X  10-“ 

a 

2.2 

1.2 

0.8 
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Tabl»  1  (eontlaued) 


Equation  5x  C 

5.3  X  10^^ 

5.3  X  10^ 

1.9  X  10^^ 

a' 

2.2 

1.2 

0.9 

a/a  from  equation  6 

0.06 

0.21 

0.16 

n/a  from  figure  13 

0.07 

0.17 

0.15 

Equation  10 

^  Kg  mm”^ 

7.9 

7.1 

7.6 
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Figure  1.  TaElAnealed  1200  C.  Figure  2.  TaEl  Annealed  1200  C, 

X50,000  Deformed  7.  3%  in  tension. 

X40,000 


Figure  3.  TaEl  Annealed  1200°C,  Figure  4.  TaE4  Annealed  ITSO^C 

Deformed  12.  2%  in  tension.  Deformed  10. 0%  in  tension 


Figure  5.  TaF4  Annealed  1000  Ct 

Deformed  6.  7%  in  Tension 
X40,000 


Figure  6.  TaE4  Annealed  1000  C, 

Deformed  6.  7%  in  Tension 
X40,  000 


Figure  7.  TaEl  Annealed  IZOO^'C, 

Deformed  10.6%  in  Tension 
X20,  000 


Figure  8,  TaE4  Annealed  1750®C, 

Deformed  4.  3%  in  Tension 
X60,000 
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imental  Stress 


Figure  10.  Dielocation  Density  as  a  Function  of 
Flow  Stress  According  to  Equation  3. 
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Figure  12.  Dielocetion  Density  as  a  Function  of  Strain 
According  to  Equation  5. 
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tn  N 

Figur*  13.  Flow  8tr«sa  as  a  Function  of  Dialocation 
Doaaity  According  tu  Equation  6. 
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STRAIN 


Figures  14  and  15.  Schematic  Stress  -  Strain  Curve. 
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DISLCC  VTICN  ARRANGE15’3NT  IN  COPPER  SINGLE  CRYSTALS 
DEPCRMEG  AT  LOW  TEMPER ATTtrsS 


Z.  S.  Basinski 

National  Research  Council,  Ottawa,  Canada 


The  phenomenon  of  the  plastic  deformation  of  crystals,  and, 
in  particular,  the  aspect  of  work  hardening,  presents  a  very  complex 
problem.  To  understand  it  we  must  explain  the  macroscopic 
observations,  such  as  the  stress  strain  curve  with  its  dependence  on 
temperature,  strain  rate,  crystal  orientation  and  impurity  content, 
and  also  account  for  the  various  microscopic  features  such  as  the 
development  of  particular  substructure,  surface  observations,  etc. 
This  would  apply  even  if  we  are  trying  to  explain  the  behaviour  only 
of  a  particular  crystal  type,  e.g.,  f.c.c. 

In  recent  years,  direct  observation  of  thin  sections  of 
deformed  crystals  by  transmission  electron  microscopy  has  been  added 
to  the  already  large  arsenal  of  methods  used  in  the  study  of  plastic 
deformation,  and,  for  a  while,  it  appeared  that  the  problem  was 
almost  solved.  However,  it  now  seems  that  the  additional  data  only 
show  that  the  process  is  much  more  complex  than  had  been  envisaged. 
The  existing  explanations  of  the  work  hardening  process  fall  into 
several  groups  based  on  different  structural  models,  and  it  should 
be  possible  to  assess  the  validity  of  these  on  the  basis  of  experi* 
mental  observations.  However,  very  often  the  experimental 
observations  are  inconclusive  and^  critical  experiments, for  many 
reasons,  are  lacking. 

Thin  foil  techniques  suffer  from  the  danger  that  the 
observed  dislocation  distribution  may  not  be  representative  of  the 
bulk  material.  Slip  line  measurements,  on  the  other  hand,  are  made 
on  the  surface  region  which  may  be  atypical.  Macroscopic  deformation 
behaviour  can  be  influenced  by  even  minute  amounts  of  impurity.  It 
therefore  seems  advisable  to  collect  as  much  information  as  possible 
and  assess  it  carefully. 

The  present  work  deals  with  the  deformation  behaviotu*  of 
Cu  single  crystals  as  studied  6y  a  combination  of  slip  line 
observations,  etch  pit  techniques  and  transmission  electron 
microscopy.  Copper  crystals  of  preselected  orientations  were  grown 
from  the  melt  in  (<7aphite  molds.  The  copper  used  was  99*999^,  from 
American  Smelting  and  Refining  Company.  To  reduce  the  number  of 
possible  variables,  the  stress  strain  curve  was  obtained  at  low 
temperatures  (usually  14..2®K),  the  effect  of  diffusion  during 
deformation  could  then  be  neglected.  Since  warming  copper  specimens 
to  room  tenqperature  for  subsequent  study  did  not  affect  either  the 
flow  stress  or  rate  of  strain  hardening  (Blewltt  et  al,  19^7 )» 
subsequent  changes  are  therefore  not  considered  to  be  of  major 
liiq)ortanoe •  After  deformation  the  crystal  was  sliced  to  desired 
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opl*iitati<ma  uaii^  a  SarroMt  apark  outtar  andlfiad  to  giva  a  apark 
anargy  of  about  1  arg  par  apark*  Tba  taaparatura  rlaa  l/lO  mm  tram 
tlia  naa  balag  out  mmm  laaa  tbaa  1$*C,  and  tha  apark  dai^a 
dataradaadi  bj  dlaloeatlmi  atoh  pit  oouata  on  wall  aanaalad  oryatala 
waa  eoafiaad  to  a  daptb  of  laaa  than  l/lO  aa*  Spaelnana  wara 
praparad  fpon  tha  alieaa  by  tha  aathod  of  Viladorf  at  al  (19$8)  and 
azaninad  in  a  Sianana  Slnlaoopa  I  oparating  at  100  K.V.  Spaoinana 
wara  azaninad  in  rarioua  raflaotiona  to  datamina  tha  Burgara 
▼aotora  of  tha  dialooationa  praaant.  Tha  ralatiwa  diatribution  of 
dialoeationa  in  thraa  dlnanaiona  waa  dataminad  by  praparli^  atarao- 
l^hoto^apha,  (Baainaki^  1962),  uaing  a  Valdrd  gonionatar  ataga 


Btoh  Pit  Waasuramanta 

Tha  variation  of  dlalooatlon  dansity  and  distribution  was 
studlad  by  various  authors*  (a.g.  Livingston*  1962;  Young*  1961; 
Hordon*  1962).  Livingston's  data  show  that  tha  flow  strass 
oorralataa  quita  wall  with  dislooation  dansity  azeapt  in  tha  aarly 
stagaa  of  dafornation  of  crystals  oriantad  for  alngla  glide*  whara 
tha  atoh  pit  dansity  is  somewhat  high. 

Tha  oriantatlon  of  tha  orystala  usad  in  tha  prasant  work 
was  almost  Idantioal  with  tha  alngla  glide  crystals  of  Livingston* 
tha  tension  azls  lay  8*  away  from  tha  <110>  direction  on  the  great 
circle  batwaan  tha  corner  of  tha  standard  triangle  and  tha  slip 
direction.  Etch  pits  wara  ezaminad  both  on  tha  cross  glide  plana 
and  on  tha  main  glide  plana  to  examine  tha  diffaranoa  batwaan 
dislooation  dansity  lying  in  and  threading  the  primary  glide  plana. 

Pig.  1  ahows  tha  plot  of  tha  atoh  pit  dansity  versus  flow 
stress.  Livingston's  data  are  inoludad  for  comparison.  In  general 
tha  forest  dansity  is  aomawhat  lower  than  the  dislocation  density 
lying  in  tha  main  glide  system;  this  diffaranoa  daoraasas  at  higher 
stresses.  Ho  sign  of  a  systematic  deviation  in  tha  flow  stress- 
density  relation  occurs  for  tha  forest  dislocations  although  it  is 
desirable  to  check  this  point  further  by  making  more  maasuraments  at 
lower  strassas.  nia  distribution  of  the  atoh  pits  on  tha  cross  and 
main  glide  planes  is  markedly  different.  Those  on  the  cross  glide 
plane  are  nonuniformly  distributed  and  show  alignment  along  the 
traces  of  the  main  glide  plana*  glide  polygonisation*  and  an 
increase  in  etch  pit  dansity  near  sid>graln  boundaries.  These 
observations  are  in  agreement  with  Livingston's  work.  Tha 
distribution  of  etch  pits  on  the  main  glide  plana*  on  tha  other 
hand*  is  much  more  uniform*  no  increase  in  etch  pit  density  near 
sub -boundaries  is  observed  (Fig.  2). 

Tha  ab.«anoa  of  an  increase  in  etch  pit  density  near  tha 
sub-boundaries  on  the  main  glide  plana  indicates  that  dislocations 
of  the  secondary  system  move  a  distance  short  in  coiqparlson  with  tha 
mean  sub-grain  sisa*  and  in  spite  of  their  comparatively  large 
number  prasiamably  do  not  contribute  appreciably  to  the  overall 


228 


■train.  This  would  appoar  to  remove  an  iansortant  dlffieulty  facing 
the  observatlona,  arising  from  the  fact  that  the  lattice  rotations 
produced  during  defwiuition  are  well  accounted  for  by  assuadng 
deformation  on  tlw  prlaiary  ayatem  only,  (e.g.  Ahlera  and  Haaaen. 

19^2),  especially  alnoe  the  X-ray  neaeurement.a  would  be  insensitive 
to  amall  amounts  of  strain  occurring  on  other  systems. 

Further  evidence  for  the  activity  of  slip  systems  other 
than  the  primary  one,  even  in  the  early  stages  of  deformation,  can 
be  obtained  from  slip  line  observations.  Fig.  3  shows  slip  lines  on 
the  cross  slip  plane  of  a  speei'aen  deformed  to  BU^g/mm^.  Since  the 
slip  direction  here  lies  in  the  plane  of  observation  the  primary 
system  cannot  produce  any  visible  surface  changes. 

Foil  Observations 

Specimens  deformed  in  easy  glide  show  mainly  edge 
dislocations  belonging  to  the  primary  glide  system.  These,  as 
expected  from  etch  pit  data,  are  distributed  extremely  unevenly  with 
large  areas  of  the  foil  being  completely  free  of  dislocations.  Fig. 

4  shows  a  region  having  a  high  density  of  dislocations.  The  primary 
glide  direction  here  is  vertical,  and  the  dislocations  have  a  form 
strongly  resembling  the  "dipoles"  observed  in  fatigued  specimens 
(e.g.,  Segall,  1959),  and  in  specimens  deformed  in  tension,  (e.g. 
Wilsdorf  and  Viladorf,  1961).  On  closer  examination  it  Is  aoparent 
that  these  are  arranged  in  dense  walls  which  contain  not  only 
dipoles  but  also  single  edge  dislocations. 

Occasionally  the  dislocation-free  regions  on  either  side 
of  the  wall  have  different  contrast  resulting  from  an  excess  of  one 
sign  of  Burgers  vector  causing  lattice  tilting;  but  in  most  cases 
no  difference  in  contrast  is  observed,  indicating  that  the  Burgers 
vectors  of  the  dislocations  in  the  wall  add  approximately  to  zero. 

Another  type  of  defect  visible  at  this  stage  are  straight 
faint  segments  of  dislocation  which  end  within  the  crystal.  These 
invariably  run  along  two  of  the <110>  directions  lying  in  the  slip 
plane  other  than  the  slip  direction.  They  have  been  shown  (Kowie, 
1962)  to  be  very  narrow  dipoles  bounded  by  Prank  sessile 
dislocations. 

A  very  characteristic  feature  recurring  in  most  of  these 
photographs  is  the  coincidence  of  dipole  ends  and  other  features 
along  certain  cross  slip  planes.  The  imperfect  alignment  of  these 
ends  in  the  two  dimensional  photographs  can  be  seen  in  three  dimen¬ 
sions  to  be  due  to  the  different  depth  of  dipoles  in  the  foil.  These 
"slicing  planes"  are  indicated  by  arrows  in  Fig.  Long  dipoles  must 
therefore  have  been  out  into  shorter  pieces  by  slip  occurring  on 
cross  slip  planes.  Since  there  is  no  evidence  left  at  the  e^s  of 
out  dipoles  of  trails  which  would  indicate  distributed  slip, 
relatively  large  amounts  of  slip  must  have  occurred  on  isolated  or 
very  closely  spaced  planes.  The  direction  of  this  slip  must  have 
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had  At  l«ait  A  eonpomnt  bopmaI  to  thA  slite  plAn#  to  Aoeount  for  tbo 
outtiag  of  tbo  dipoloOfMAl  dioplAoing  Alnglo  dlalooAtlono  into 
plAnoa  AboPA  op  boloir  thoip  opiglnol  plAno  (o.g.  A  in  Fig.  U). 

Tbo  donao  poglona  of  dlpoloa  InPAPtablf  abow  oonplox 
IntoPAotlona  Along  auob  a  "alloing  plAno*  (B  In  Fig.  4)  And  popp 
ofton  ahow  tbera  dlalooAtlona  with  diffopont  Bupgepa  Tootopa  (Fig, 

5)»  Tboao  typoa  of  intopaetion  oan  aIbo  bo  eloAPly  aaon  in  Fig.  6 
obtAinod  fpOB  A  apooiiMn  atpainod  to  JkOg/maF,  And  in  fact  on  anat 
pbotogPApba  At  tbia,  and  highep  atpaina.  Tbia  obaoppation  atpongly 
auggoata  that  tbo  abopt  dipolo  loopa  oonoionly  soon,  oapeeiAlly  at 
highop  atpaina,  in  dofopaad  opyatala  poault  fpon  ohopping  nueh 
longer  dipolea  probably  fomed  originally  by  tbo  lining  up  of  edgo 
dialooationa,  and  not  by  repeated  eroaa  alip  neohaniana  (e.g., 
Johnaton  and  Oilaun,  I960)  or  dialooation  interaction  raAohaniama 
proposed  by  Tetelwan  (1962). 

A  large  number  of  short  dipoles  were  usually  obserped  in 
the  ploinity  of  sub-grain  boundaries,  aa  can  be  seen  in  Fig.  7*  The 
sub-grain  boundary  was  identified  by  depeloping  etch  pits  on  the 
specimen  after  obaerpation  in  the  microacope,  the  boundary  was  seen 
to  cross  the  carbonised  region.  These  dipoles  would  appear  as  dense 
etch  pits  near  a  sub-boundary  on  the  cross  slip  plane,  but  not  on 
the  main  glide  plane. 

Stage  II  Oeneral  Peaturea 

The  following  section  refers  mainly  to  work  carried  out 
with  Dr.  D.  B.  Dope,  (to  be  published). 

Electron  microscopic  obserpations  on  copper  specimens  from 
strip  crystals  deformed  at  low  tenperatures  (78^K  and  l4..2*'K)  in 
Stage  II  show  dense  dislocation  tangles  which  tend  to  lie  on  planes 
parallel  to  those  for  which  the  resolved  shear  stress  is  high. 

Similar  obserpations  were  made  by  Howie  (I960)  in  CuAl  alloy 
crystals  deformed  at  room  temperature. 

For  crystals  oriented  for  single  glide  most  of  the  tangles 
are  parallel  to  the  primary  glide  plane,  but  some  do  lie  on  other 
planes;  the  frequency  with  which  they  occur  being  approximately  in 
proportion  to  the  resolved  sheeur  stress  on  that  particular  plane. 

Pig.  e. 


Tbs  presence  of  strong  contrast  indicates  that  the 
dislocations  in  a  tangle  cause  appreciable  lattice  rotation  across 
it.  This  rotation  was  analysed  in  the  electron  microscope  by 
examining  the  relative  displacement  of  Kikuchi  lines  resulting  from 
scattering  by  portions  of  the  crystal  on  either  side  of  a  dense 
dislocation  tangle.  In  every  case  examined  the  rotation  axis 
appeared  to  lie  in  the  slip  plane  (i.e.  the  plane  of  the  tangle) 
normal  to  the  slip  direction.  This,  in  fact  corresponds  to  the 
rotation  axis  which  is  known  to  occur  in  the  kink  bands.  Here, 
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however,  the  boundary  lies  in  the  slip  plane  and  not  in  the  plane 
normal  to  it.  The  displacement  of  Kikuohi  lines  gives  information 
on  only  two  oonqponents  of  rotation,  the  component  parallel  to  the 
electron  beam  is  difficult  to  determine,  and  in  order  to  cheek 
this,  some  slices  were  cut  having  normals,  (a)  in  the  slip  direction, 
and  (b)  lying  in  the  main  glide  plane  and  perpendicular  to  the  slip 
direction.  Strong  contrast  across  dislocation  walls  in  apscimens  of 
the  first  type,  and  almost  complete  absence  of  such  contrast  in 
specimens  of  the  second  type,  viewed  in  various  reflections, 
supports  the  original  conclusion. 

When  the  crystals  are  oriented  for  double  glide  the 
dislocation  tangles  present  a  very  striking  cross-grid  pattern 
(Fig.  9). 


There  does  not  seem  to  be  much  reliable  evidence  on  the 
Burgers  vectors  of  dislocations  lying  in  these  tangles.  One 
in^ortant  question  is  what  proportion  of  the  dislocations  have 
Burgers  vectors  belonging  to  the  primary  slip  system.  Fig.  10  shows 
a  specimen  photographed  in  the  reflection  of  the  primary  slip  plane; 
all  dislocations  having  Burgers  vectors  lying  in  this  plane  are 
therefore  not  visible.  It  is  apparent  that  there  is  a  very  large 
number  of  dislocations  belonging  to  systems  other  than  the  primary 
glide  system.  A  striking  feature  of  this  figure  is  that  even  though 
the  primary  glide  dislocations  are  absent,  it  is  very  easy  to  pick 
out  the  traces  of  the  primary  glide  plane.  It  may  be  concluded  from 
this  feature  that  a  relatively  large  number  of  sources  on  the 
secondary  systems  emit  a  small  number  of  dislocations  which  travel 
short  distances,  rendering  the  deformation  here  much  more 
homogeneous,  and  making  its  detection  by  either  slip  line  studies  or 
lattice  rotation  extremely  difficult. 

Photographs  of  specimens  obtained  from  the  surface  regions 
of  crystals  deformed  in  Stage  II  show  that  the  dislocation 
distribution  there  is  quite  different  from  that  in  the  interior  of 
the  crjstal.  Pig.  11  shows  part  of  a  foil  polished  from  one  side 
only.  Slip  lines,  due  to  changes  in  thickness,  are  clearly  visible. 
In  spite  of  the  close  correlation  between  the  prominent  directions 
on  the  surface  and  in  the  interior  of  the  crystal,  there  is  very 
little  correlation  between  slip  lines  and  the  crystal  Just  under¬ 
neath  them.  The  dislocations  here  are  less  tangled  and  are  arranged 
approximately  at  random.  That  the  material  Just  under  the  surface 
is  atypical  is  hardly  surprising  since  not  only  are  the  dislocations 
neau*  the  surface  subjected  to  image  forces  which  may  modify  their 
behaviour,  but  also  a  large  number  of  dislocations  leave  the  crystal 
to  produce  slip  bands.  Whereas  in  the  interior  of  the  crystal 
dislocations  travel  in  both  directions,  unless  a  large  number  of 
additional  sources  operates  at  the  surface  (corresponding  to  the 
number  contained  in  a  slab  whose  thickness  is  equal  to  the 
dislocation  mean  free  path),  the  loss  of  dislocations  at  the  surface 
must  be  coiqpensated  by  an  increase  in  the  distance  travelled  by  the 
dislocations  in  this  region. 
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Dl«looatl<«  IfatyoglM  In  tlM  Main  Qlld»  ?l>n» 

To  attowt  to  oluoldoto  tho  noturo  of  tho  donoo  dltloomtion 
tangloo  Motloao  of  tho  eryotol  were  out  porollol  to  tho  noia  glido 
piano,  from  oryotala  otrotehod  up  to  about  l.Thg/inr.  Sovoral 
distinet  tjpoa  of  dislocation  arrangomonts  hops  to  be  obserpod,  Ono 
foatiupo  is  tho  throe  dinonsional  networks  eontaining  a  largo  nunber 
of  short  segments  of  Cottrell -Lobmp  dislocati<ms«  Those  roeult  froM 
reaetion  at  the  intersection  with  both  the  conjugate  and  critical 
slJp planes,  however,  specific  areas  usually  contain  a  predominance 
of  one  type.  Pig.  12a  shows  a  typical  example  of  such  a  region.  In 
Fig.  12b,  the  Gottrell-Loner  dislocations  sre  invisible. 

In  some  regions,  portions  of  the  crystal  which  are 
reasonably  free  of  dislocations  are  separated  by  long  narrow  tangles 
lying  along  the  traces  of  the  highly  stressed  secondary  slip  plane 
(Pig.  13).  These  presumably  occur  when  sections  are  out  between  the 
dense  networks  of  the  main  glide  system,  and  show  a  section  through 
a  steeply  inclined  secondary  glide  tangle.  Here  a  large  munber  of 
edge  dislocation  dipoles  belonging  to  the  primary  glide  system  is 
visible,  and  suggests  quite  an  extensive  crossing  of  these  tangles 
by  primary  glide  dislocations.  This  is  rather  similar  to  the  large 
nuBd>er  of  primary  glide  dislocation  dipoles  associated  with  the  sub- 
grain  boundary,  as  in  Pig.  7. 

In  some  areas  dense  patches  of  short  dipoles  were  observed. 
As  expected  the  Burgers  vectors  of  the  dislocations  comprising  them 
always  lay  in  the  slip  direction. 

Preliminary  observations  on  a  crystal  whose  tension  axis 
lay  in  the  <21I>  direction  indicate  that  the  distribution  of  dis¬ 
locations  here  is  not  fundamentally  different  from  that  in  crystals 
oriented  for  single  glide.  In  this  case,  however,  mainly  Cottrell- 
Loraer  dislocations  resulting  from  Interaction  with  the  conjugate 
system  were  observed.  So  far,  no  ,dB>^Be  networks  were  seen  in  which 
the  Cottrell-Lomer  dislocations  completely  predominate.  This  may 
not  be  significant  since  the  nuniber  of  specimens  of  this 
orientation  examined  was  snail. 

Sections  parallel  to  both  of  the  active  glide  planes 
showed  also  dipole  patches  in  each  case  lying  in  the  plane  of 
observation.  Here  too,  as  in  easy  glide  of  crystals  oriented  for 
single  slip,  the  "slicing"  on  the  cross  slip  plane  could  clearly  be 
seen.  An  example  is  shown  in  Pig.  14* 

Discussion 

From  the  data  presented  it  appears  that  in  copper  crystals 
deforsied  at  low  teii^>eratures  in  Stage  I  most  of  the  dislocations 
remaining  in  the  lattice  are  edge  dislocations  belonging  to  the 
primary  slip  system.  Comparison  of  the  dislocation  densities 
obtained  from  etch  pit  data,  with  the  strain,  gives  for  the 
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di8loe«tion  Man  fraa  path,  ^  -  87  «  Burprifingl|  larga  Talua  of 
2<4|.  Mi*  Thlf  nay  ba  OMiparad  with  a  value  of  about  2%  obtained  by 
WlledOTf  ai^  Sobnits  (19^)  in  alunlniua  deformed  at  room  tempera- 
twe.  Although  the  estimate  for  oopper  may  be  somewhat  high,  since 
dense  eluiqps  of  edge  dislocations  may  not  be  resolvable  Into 
Individual  etoh  pits,  it  Is  improbable  that  this  would  aooount  for  a 
difference  of  a  factor  of  10^*  It  is  diffloult  to  estimate  the 
dislooation  density  in  Stage  I  from  thin  foils  because  of  the  very 
nonuniform  distribution.  However,  in  Stage  IT  the  densities  from 
thin  foil  counts  and  etch  pit  counts  agree  to  within  a  factor  of  2. 

It  tnerefore  appears  that  the  discrepancy  must  lie  in  a  difference 
in  both  material  and  the  tenqperature  of  deformation.  The  large  mean 
free  path  of  the  dislocations  in  easy  glide  is  also  indicated  by  the 
large  scale  crossing  of  sub-boundaries.  It  is  not  clear  at  present 
whether  screw  dislocations  are  not  visible  because  they  cross  slipped 
during  deformation  or  because  they  are  lost  from  the  foil  during 
thinning. 


In  spite  of  the  long  mean  free  path,  the  dislocation 
density  on  the  primary  glide  plane  is  still  larger  than  would  be 
ejq;>eeted  from  the  flow  stress.  These  dislocations  therefore  cannot 
harden  the  crystal  very  effectively.  It  Is  often  asserted  (Seeger 
at  al,  1961)  that  the  forest  density  does  not  increase  during  easy 
glide  and  only  slowly  even  in  Stage  TI.  These  authors  assume  that 
the  temperature  dependent  flow  stress  comes  from  the  forest 
contribution  and  the  lack  of  its  increase  in  easy  glide  la  taken  as 
evldenee  of  no  increase  in  the  forest  density.  Recent  work 
(Baslnsld.  and  Dove,  to  be  published)  has  shown,  however,  that  the 
flow  stress  ratio  in  the  early  stages  of  deformation  is  extremely 
sensitive  to  ssuill  amounts  of  impurity,  and  therefore  the  forest 
contribution  to  the  tenperature  dependent  flow  stress  may  be 
cospletely  swamped  by  the  impurity  contribution  during  easy  glide. 

The  presets  results  leave  little  doubt  that  the  forest 
density  does  increase  during  deformation. 

Several  mechanisms  have  been  proposed  for  the  fcnrmation  of 
dislocation  dipoles,  sometimes  called  prismatic  loops,  during 
deformation.  The  first  mechanism  considered  by  various  authors, 

(e.g.  Johnston  and  Gilman,  I960;  Price,  I960;  Wllsdorf  and  Pourle, 
i960)  envisages  cross  slip  by  a  screw  dislocation  with  the  fonnatlon 
of  a  large  Jog  which  during  subsequent  glide  gives  rise  to  a 
dislooation  dipole.  Cross  slip  to  the  original  plane  then  conpletes 
the  process  producing  a  prismatic  dislocation  loop*  It  is  difficult 
to  see  how  a  large  length  of  dislocation  would  cross  slip 
simultaneously;  and  cross  slip  by  a  short  segment  would  produce  two 
dipoles  of  opposite  sign  close  to  each  other,  which  could  then  easily 
■slMlate  by  gliding  during  subsequent  deformation*  Purthersiore, 
reoross-allpplng  of  a  screw  dlslqoation  to  its  original  plane  appears 
to  be  a  rather  Improbable  process*  A  more  plausible  Mohanism 
proposed  by  Tetelman  (1962)  envisages  an  elastic  interaction  between 
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disloeations  having  an  edga  eonponent  and  lying  on  a  parallal  glido 
plane,  followed  by  oroaa  alip  of  the  screw  ooxoponenta  separating  a 
prlsnatlo  loop. 

The  perfect  alignnent  of  dipole  ends  on  a  particular  oross 
slip  plane  almost  invariably  observed,  however,  supports  the  view 
that  the  mechanism  of  this  loop  fomnation  may  be  much  simpler.  Bdge 
dislocations  mainly  during  Stage  I  of  the  deformation  get  stopped  by 
other  edge  dislocations  producing  reasonably  long  dislocation  walls, 
which  subsequently  get  cut  into  shorter  pieces  by  slip  on  the  oross 
glide  plane.  A  large  number  of  short  dipoles  could  be  produced  by 
such  a  process.  Since  the  long  range  stresses  would  favour  the 
formation  of  edge  dislocation  tangles  composed  of  dislocations of 
opposite  signs  we  would  expect  that  dipoles  would  predominate  over 
single  dislocations  in  such  a  wall. 

With  increasing  deformation  in  Stage  II  the  relative 
prominence  of  the  dipoles  decreases  rapidly  and  it  is  quite  probable 
that  not  many  of  them  are  formed  once  the  other  systems  become  more 
aetlve,  and  tliat  the  dislocations  in  Stage  II  are  stopped  by  other 
Interactions. 


Stage  II 

The  most  noticeable  change  in  the  dislocation  arrangements 
with  the  onset  of  Stage  II  is  the  increa\]jig  appearance  of 
dislocations  with  Burgers  vectors  other  than  that  of  the  main  glide 
system,  until,  at  stresses  of  about  2  •  Bkg/mm^  the  predominance  of 
dislocations  of  the  primary  system  over  any  other  seems  to  be  almost 
lost.  At  first  sight  this  observation  may  seem  rather  surprising  in 
view  of  the  fact  that  most  of  the  strain  appears  to  have  been 
produced  by  the  operation  of  the  primary  systems  in  crystals 
oriented  for  single  glide.  But,  unless  the  slip  on  the  primary 
system  is  distributed  extremely  homogeneously,  or  the  slip 
displacement  continues  in  each  packet  right  across  the  crystal, 
large  accommodation  stresses  will  be  present  which  can  only  be 
relieved  by  glide  on  secondary  systems.  Reactions  between  the 
primary  and  secondary  dislocations  then  could  produce  the  networks 
observed  in  Stage  II.  The  presence  of  tangles  in  crystals  deforMd 
at  liquid  helium  temperature  shows  that  interaction  with  point 
defects  (vUsdorf  and  Wllsdorf,  19^1)  is  not  necessary  for  their 
formation. 


The  lattice  rotations  observed  around  the  \211>direction  are 
surprising  since  it  is  not  easy  to  see  how  a  single  dislocation  net* 
work  could  produce  them  without  Involving  a  prohibitive  amount  of long 
range  stress.  However,  Cottrell-Lomer  barriers  lying  in  both  of  the 
possible  directions  were  observed  and  it  can  be  shown  that  a  cosibina- 
tion  of  these  with  some  screw  dislocations  derived  from  the  two  other 
alip  directions  lying  in  the  primary  glide  plane  could  produce  a 
network  free  of  long  range  stresses  and  giving  the  required  lattice 
rotation.  It  may  be  that  this  type  of  rotation  is  preferred  bj 
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the  lattioo  to  the  twist  type  boundary,  because  It  does  not  require 
very  large  additional  aooommodation  at  the  ends  of  a  cell. 

Much  additional  work,  however,  espeeially  involving 
careful  analysis  of  all  the  components  of  the  dislocation  networks 
is  required  before  all  the  aspects  of  deformation  mechanisms  can  be 
understood. 
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Etch  pit  density 
versus  stress. 


(a)  (^) 

PiKure  2.  Dislocation  etch  pits;  (a)  cross  slip  plane;  (h)  main 

— -  glide  plane,  note  absence  of  increased  density  near 

sub-boundary. 


Figure  4.  Stereo  pair  of  a  dislocation  cluaqp  in  tbe  early 
st^e  of  deformation.  0's  deformed  at 

4.2  E..  Section  parallel  to  main  glide  plane. 
Slip  direction  vertical,  (x  13,000)'. 
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Figure  6.  Stereo  pair  later  in  easy  glide.  Section  parallel  to 
main  glide  plane,  slip  direction  indicated  by  arrow. 
(X  15,000) 
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J  -» 

Figure  9  Crystal  deformed  at 
78^.  Double  glide 
orientation,  (x  1^,000) 
(Basinski  8s  Dove,  to  be 
published.) 


Figure  10.  Crystal  in  single 
glide  orientation,  deformed  at 
4.2  K.  Contrast  from  reflection 
in  main  glide  plane;  dislocations 
with  Burgers  vectors  lying  in 
this  plane  are  invisible.  (13 y 000) 
(Basinski  8s  Dove,  to  be  published) 


(a)  (b) 

Fifoire  12.  Netcrork  containing  a  large  number  of  Cottrell-Lomer 
dislocations.  Section  parallel  to  main  glide  plane. 
In  12  (b)  £.b  for  Oottrell-Lomer  dislocations  is 
zero,  crs  9^5g/nmi  (x  15,000) 


240 


Figure  14. 


Section  parallel  to  one  of  the  glide  planes.  Crjstal 
oriented  for  double  glide.  Slip  direction  in  this 
plane  is  Tertlcal.  Iz  15fOCX}). 
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Ualvdrslty  of  Ouvluaii  King'*  Gollego«  Nmrcaatlo  upmi  Tjme,  Bagland. 


ABSTRACT 


Froa  s  atudy  of  polycrystalilne  alpha  brasses,  it  is  shown  that  the 
dislocation  structure  developed  in  the  high  Zn  alloys  (low  stacking  fault  energy) 
during  a  strain  £  gives  a  hardening  JCa  -f  •  where  jC  and  4  are  constants 

and  L  is  the  grain  dlaaeter.  Thus,  in  the  equation  for  the  flow  stress  of  at 
constant  strain,  at  =  <^0^  4-  kf  ,  where  Is  the  friction  stress  and  k  is 

a  constant,  increases  linearly  with  strain  and  kf  also^  in^^ases  with  strain 
because  of  the  inclusion  in  it  of  the  strain  hardening  At  hlg^  strains 

or  low  Zn  contmts,  cross-slip  and  cell  fonaatlon  occurs;  the  significance  of 
the  grain  size  in  the  flow  stress  then  dlnlnishes  and  kf  falls. 


The  present  paper  describes  a  study  of  the  effect  of  substructure  on 
the  flow  stress  of  polycrystalline  a-brasses.  The  term  substructure  is  here 
used  in  a  very  general  sense  to  denote  the  dislocation  structure  produced  by  the 
plastic  defomation  during  the  flow  stress  neasurenent.  There  is  no  attempt  to 
restrict  the  term  to  mean  the  presence  of  definite  subgrain  networks. 


The  a-brass  system  was  chosen  for  this  work  because  it  presents 
the  possibility  of  a  wide  variation  of  dislocation  locking  strength  and  of 
stacking  fault  energy  with  ctssposition,  and  because  there  is  a  long  range  of 
almost  linear  hardening,  at  least  with  high  zinc  contents.  It  was  felt  that 
these  qualities  mlgiit  simplify  the  interpretation  of  the  results  and  this 
proved  to  be  the  case. 


First,  the  experimental  facts.  Prior  to  the  present  work,  it 
had  been  shown  (1)  that  the  equation  relating  the  lower  yield  stress  ay  of  a 
polycrystalline  material  to  the  grain  dlaaeter  K  ,  nas"'^. 


a 


7 


'o  + 


(1) 


where  a  and  k  are  constants,  has  a  counterpart  in  the  equation  relating  the 
flow  stress  Wf  at  a  given  strain  with  the  grain  dlaaeter,  so  that 


(2) 


a  Now  at  the  franklin  Institute,  Philadelphia. 
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Tbls  appllaa  to  the  flow  stresa  after  the  yield  point  and  also  to  the  flow  stress 
in  the  absence  of  a  yield  point. 

The  present  work  has  esaeiaed  the  effect  of  substructure  through  the 
application  of  e<iuation  (2).  Figure  !•  which  plots  the  yield  stress  and  the  flow 
stresses  at  various  strains  for  a  25%  Zn  alloy  at  77*K  as  a  function  of  grain 
sizoi  illustrates  the  type  of  result  obtained.  It  will  be  seen  that  e<iuations(l) 
and  (2)  fit  the  aeasuresMnts  closely.  Also,  as  the  strain  increases, 
increases  and  there  are  alteraticms  in  kf.  This  type  of  neasuraamt  was  aade  on 
a  series  of  brasses  up  to  35%  Zn.  The  aeasurements  extended  to  strains  Just 
below  the  onset  of  necking. 

Figure  2  shows  the  variaticm  with  cosipositlcm  and  strain  of  the 
slope  kf  extracted  fron  these  neasurweents  at  77*  and  295  *K.  Three  points  are 

clear. 


(a)  The  value  of  k  at  the  yield  point  Increases  with  sine  content, 
except  for  a  final  decrease  at  35%. 

(b)  With  the  hl^  zinc  alloys,  kf  increases  with  strain  up  to  a 
aaxinun  and  then  decreases.  The  naxissisi  occurs  at  a  strain  of  0.1/0.15  for 
alloys  with  25%  Zn  and  above,  but  it  occurs  at  lower  strains  with  lower  zinc 
contents,  and  at  10%  Zn  and  below  no  initial  increase  in  kf  was  detected,  only 
a  progressive  decrease. 

(c)  The  value  of  k  at  the  yield  point  is  Independent  of  tenperature, 
but  the  increase  of  kf  with  strain  in  the  high  zinc  alloys  is  less  at  the  hltd^r 
tenperature. 


Values  of  Cq  were  also  extracted  fron  the  neasurenents.  At  the 
yield  point,  these  showed  an  increase  with  zinc  content  and  quite  strong 
tenperature-dependenoe,  but  the  Increase  in  Co^  with  strain  is  of  greater 
interest  in  the  present  connection  and  this  is  plotted  in  Figure  3  for  77*  and 
295*K.  With  20%  Zn  and  above,  the  increase  with  strain  is  accurately  linear 
at  77 *K  up  to  the  highest  strain  used  and  the  slope  is  practically  independent 
of  coeposltion.  Sesw  departure  free  linearity  occurs  with  the  lower  zinc  alloys. 
The  aeasiirenents  at  295 *K  show  that  the  linear  slope  is  practically  independent 
of  tenperature,  but  the  departure  fron  linearity  is  nore  narked  at  this  tenpera¬ 
ture,  and  it  occurs  at  snaller  strains  and  in  alloys  of  higher  zinc  content. 


immiRKTATION 


In  the  sinplest  interpretation  (1)  of  equation  (2),  derived  fron  its 
relationship  to  equation  (1),  wf  represents  the  "friction  stress"  in  a  slip  band. 
That  is,  the  stress  a  slip  band  could  sustain  if  the  dlsplaosnent  in  it  could 
nove  out  freelj^^t  the  grain  boundary,  so  producing  a  step  in  the  boundary.  The 
other  tern  kf  f*^**  then  represents  the  Uniting  value  of  the  additional  stress 
the  slip  band  can  sustain  because  sudt  step  fomatlmi  is  opposed  by  the  next 
grain.  The  Uniting  value  of  this  additional  stress  arises  when  the  stress 
generated  at  the  end  of  the  slip  bond  induoes  plastic  defomation  In  the  next 
grain. 
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Ob  tliis  vl«v,  tte  laevMM  of  with  atrala  xwprwMBta  alm»ly  tho 
•ffoet  of  ■txwlB'^MXitaalac  aad  tho  oltorotiono  In  kf  oust  roprooont  othor 
oaapliootod  ohoacoa  la  tho  gnla  boiakhiry  zoolotonoo  to  slip  bond  fonoitlon* 

To  aaiatola  oaavllaaoo  with  oipiatloa  (2)  aad  3rot  rotala  thla  aiivlo 
iatarpwotatlOBy  It  will  bo  aotod  that  tho  rato  of  atirala-hardoalag  auat  bo 
ladopoadoat  of  grain  olao,  ao  that  all  alaoa  havo  tho  saaa  frletloa  otroas  at 
a  gloaa  otrala.  Zt  la  not  obvloua  that  this  should  bo  true.  Uhloss  tho 
aoarago  dlstaaoa  a  dlslooatloa  trarols  la  the  saas  for  all  grain  alaoa,  tho 
dlOlooatlon  struoturo  at  a  glroa  strain  will  depend  upon  grain  also  and  this 
■ay  wall  give  rise  to  a  variation  In  the  friction  stress. 

In  tho  present  paper,  it  is  suggested  that  such  a  varlaticn  does 
happen  In  the  a-brasses.  The  arginwnt  is  that  the  strain-hardening  has  a 
grain-slze-dependont  ccnpotiont,  so  that  part  of  the  friction  stress  beeases 
Incorporated  In  the  Itf  jC^*"  tem  in  equation  (2)  and  this  accounts  for  the 
increase  in  kf  with  strain. 

To  develop  this  argunent,  the  details  of  the  strain-hardening  have 
to  be  considered. 

It  Is  clear  fron  Tlgure  1  that  the  principal  strain-hardening  effect 
appears  in  Figure  3  shows  that  it  is  a  linear  hardening.  Further,  it  is, 

of  fioorsa.  Independent  of  grain  size  (since  grain  size  effects  are  extrapolated 
out  in  obtaining  Oq^),  and  it  is  Independent  of  temperature  and  of  cosiposltlfm, 
except  that  linearity  breaks  down  at  smaller  strains  the  higher  the  temperature 
and  the  lower  the  zinc  content.  The  rate  of  hardening  is  in  the  range  |j/230  - 
|i/290,  where  p  is  the  rigidity  bkmIuIus.  All  this  suggests  close  similarity 
to  Stage  II  hardening  in  f.c.c.  single  crystals.  Enough  has  been  argued 
about  the  mechanism  of  such  hardening  to  make  further  comnent  unnecessary,  and 
possibly  unwise  here. 

Consider  now  the  possibility  of  a  graln-slze-dependent  strain- 
hardening.  In  the  high  zinc  alloys,  the  stacking  fault  energy  is  low,  so  the 
wide  separation  of  the  partis  Is  confines  them  to  the  slip  plane  and  inhibits 
cross-slip.  In  this  circumstance,  grain  boundary  pile-ups  rather  than 
dislocation  networks  should  form  in  the  strained  condition.  Consequently,  L  , 
the  average  slip  distance  of  a  dislocation,  should  be  comparable  to  the  grain 
diameter  t  . 


If  f  is  the  dislocation  density  and  b  is  the  Burgers  vector,  then 
at  a  shear  strain  y  , 


Y  =  f  h  L. 

Thus,  where  L'v.t  ,  a  fine  grain  specimen  must  have  a  hlg^r  dlslocatlcn  density 
at  a  given  strain  than  a  coarse  grain  <»e.  This  will  affect  the  strain- 
hardening  due  to  dislocation  Intersection. 

Taking  the  sheer  strese  xf  required  for  intersection  as 

z/  V  oC 
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whare  a(  la  a  oonatant, 


It  follows  that 


Using  tha  Taylor  oriantation  factor  #vk  to  oonvart  to  tanslla  strasaas  and 
■trains  (1)  and  putting  L  m  jC  , 

,  V..  V-fc  -'^t. 

cr  *  <x  ^  i  c  jt,  .  (3) 


Thus,  <Mi  this  nodal,  idiieh  dapands  upon  having  L-'C,  thara  idiould  ba  a 
parabolic  strain  hardening  tam  that  is  proportional  to 

Tha  total  strain-hardsning  at  C  will  than  bo  C  Xt  t-  ^  Jt  j 
idiera  JC  and  p  ara  constants  andXt>  is  the  linear  hardening  that  is  aztrectad 
Into  in  aquation  (2)  and  is  tha  parabolic  hardening  that 

will  appear  in  kf. 


Wa  now  add  to  this  a  baliaf  that  the  liaiting  grain  boundary 
resistance  to  slip  band  fomation  arises  whan  dislocations  ara  forced  out  frcsi 
the  grain  boundary  at  the  end  of  a  slip  bemd  and  that  the  stress  required 
depends  principally  on  interaction  with  alloy  atosis  segregated  in  the  boundary. 
This  resistance  sh^ld  then  renain  fairly  close,  whatever  the  strain,  to  the 
original  value  k'^.  '^given  by  equation  (1)  for  the  yield  point. 


With  these  conclusions  and  provided  the  strain  does  not  affect  tha 
process  responsible  for  tha  initial  friction  stress  Sq,  the  flow  stress  at 
should  be  given  by 


t 


(4) 


Oonparlson  with  equation  (2)  gives 

ot 


Thus,  it  is  concluded  that  tha  increase  in  kf  with  etraln  observed  with  tha  high 
zinc  alloys  arlsas.^n]si  the  incorporation  in  kf  JC''*'  of  the  parabol^  strain 
hardening  /&i»'^X^*’in  addition  to  the  grain  boundary  resistance  k 


Vfc  .Jfx. 

_|nie  value  of  A  frcei  (3)  is  #»v  6  /«.  ,  nhldi  gives 

1.9  kg  SB  ,  using  a'  s  0.2  free  Bailey  and  Hlrsch  (2).  The  present 

aeasureBmts  on  kf  for  the  25,  30  and  35%  Zn  alloys  at  77*K  agree  with 
equation  (4),  and  give  a  value  of  p  s  1.6  kg  sb*'^*’ 


Since  the  parabolic  hardening  is  attributed  here  to  dislocation 
Intersection,  tcBperature-dependenoe  is  a  possibility  and  the  sBaller  Increase 
in  kf  with  strain  at  a95*K  conpared  to  77*K,  shown  in  Figure  2,  is  oonsistent 
with  this. 


Current  theoretical  ideas  on  the  theory  of  strain-hardening  axe 
rather  fluid  and  it  nay  be  that  developsnnts  in  this  field  will  require  a 
aodifioatlon  of  the  present  attribution  of  parabolic  hardening  to  dislooatiaB 
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intarMOtlmi.  Tli*  point  that  «•  wlah  to  MipliaaiM  la  not  ao  nueh  thla  attrlbu- 
tl<m  aa  tlia  anlatanoa  of  tho  parabolic  grain-aiaa-dapondant  tan. 

Oonaidar  now  tba  drop  in  kf  with  ineraaaing  atrain  that  oooura  with 
tha  low  aine  alloya  and  avan  with  tha  higd*  aine  onaa  at  larga'  atraina  (Figura  2). 

Tha  low  aino  alloya  hava  a  high  ataoking  fault  anargjt  ao  oroaa-alip 
and  tha  davalopnant  of  a  dialooation  call  atructura  can  ba  aapaotad  at  an  aarly 
ataga  in  tba  plaatic  dafonation.  Ivan  with  tha  low  ataoking  fault  alloya, 
coll  fomatimi  Aould  avantually  occur. 

Onoa  call  atructura  ia  praaant,  it  is  inprobabla  that  tha  Blip  distnoa 
ia  fixad  by  tha  grain  aiaa,  ao  tha  baaia  for  aquation  (4)  and  for  tha  *" 

tan  dlaappaara.  With  a  atrongly  davalopad  call  atructura,  thla,  rathar  than 
tha  grain  atructura,  nay  baoom  tha  aignificant  unit  in  plaatic  dafonation. 

Thua,  tha  raducad  aignificanoa  of  grain  aiza  ahown  by  a  drop  in  kf  in  Figura  2 
ia  thought  to  ba  duo  to  coll  fomation  whan  crosa  allp  occura.  Thla  condition 
ia  alao  aaaoclatad  with  tho  dapartura  froa  linear  hardening  of 

Tha  eoncluaion  fron  thia  atudy  ia  that  idian  tha  dlalocatlona  are 
confined  to  their  allp  planaa,  the  dialocation  atructura  davalopad  on 
dafomtlon  glvaa  a  flow  atraaa  that  followa  aquation  (4),  but  once  croaa-alip, 
leading  to  call  fomation,  occura,  tha  aignlficanca  of  tha  grain  aiza  dacreaaaa 
and  (Tq^  ahowa  dapartura  fron  linear  hardening. 
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riguT*  3.  Tha  variation  of  Oq*  with  atratn  and  alae  oontani 


nSLOaTXOK  DXMMICS  of  TIBIJ>IM6  and  FIACnatB 


i»y 

6.  T.  Hahn,  C.  M.  Raid,  and  A.  Gilbart 
Battelle  Memorial  lhatitute 

DUNDDPCTION 


Many  recant  dbaervatlona  on  the  submlcroscopic  scale  have 
revealed  the  preaence  of  both  r^ular  and  irregular  arrangeMnts  of 
dialocations  In  crystals.  Such  subaiicroscoplc  features  fall  under  the 
general  heading  of  substructure.  Of  these  dislocations  isany  are 
ISBobile,  while  the  rest  are  free  to  move  under  the  action  of  an 
applied  stress.  Study  of  the  mobile  dislocations  has  led  to  the 
development  of  a  treatamnt  which  may  be  tensed  Dislocation  Dynamics, 
the  object  of  fdiich  is  to  predict  defonsation  behavior  from  a  knowledge 
of  dia location  parameters. 

The  dislocation  dynamics  practiced  in  the  1950's  accepted  that 
the  generation  of  awhile  dislocations  is  difficult  but  their  swvaswnt 
through  the  lattice  is  easy.  Consequently,  the  processes  for  generating 
free  dislocations — nucleation,  unpinning,  or  iBultiplication->were  re¬ 
garded  as  rate  controlling.  More  recently,  however,  the  opposite  view 
has  gained  support.  This  has  c<sae  about  largely  through  the  work  of 
Johnston  and  Gilmaik^it  the  G.  B.  Besearch  Laboratory,  who  made  three 
important  contributions.  First  they  showed  by  direct  measurement 
that  dislocations  do  not  accelerate  freely  in  lithium-fluoride  crystals, 
hot  travel  with  a  well  dafinad  velocity.  Secondly,  they  formulated  a 
concise  statement  of  the  dislocation  dynamics  of  flow  in  teism  of  the 
velocity  of  the  dislocations  and  the  nunber  moving.  Finally,  they  used 
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thU  MpTMaion  to  ealeviato  froa  tba  basic  disloeatlea  pacssMtars  a 
■trass-strain  eurva  of  lithiua-flnorida  crystals.  Siaea  than,  disloca¬ 
tion  voloeitios  hava  bean  asasurod  in  a  nuabar  of  othar  aatarials. 
Including  Fa-3.  258i*’e%  ■tsls,  silieo^^  gamsniti^' a^d  tongsta^,^  and  tba 
traataant  axtandad  to  dascriba  othar  faaturas  of  yialding  such  as  the 
■train  rata  dapandanea  of  tha  yiald  atrass,  tha  dalay  tiaa  for  yialding, 
and  the  LQdara*  Thaaa  atudies  tend  to  identify  tha  dislocation 

velocity,  rather  than  tha  rata  of  generation,  as  tha  aore  la^ortant 
variable. 

Dislocation  Velocity 

Johnston  and  Gilman  laaasured  dislocation  velocity  In  tha 
following  way.  The  surface  of  a  crystal  was  Indented  to  produce  free 
dlslocatlona,  whose  positions  ware  revealed  by  etch-plttlng.  The  crystal 
was  then  stressed  for  a  known  time  and  re-etched.  The  pitting  technique 
was  such  that  the  old  and  new  positions  of  the  dislocations  ware  dis¬ 
tinguished.  They  found  that  the  distance  moved  at  any  given  stress  was 
proportional  to  the  time  duration  of  the  stress,  and  frost  this  they 
calculated  a  mean  velocity.  This  Is  not  to  say  that  the  dislocation 
moved  through  the  lattice  with  constant  speed,  as  Is  shown  schematically 
In  Figure  la.  For  example,  evidence  exists  that  dislocation  awveswnt 
on  the  atomistic  scale  proceeds  dlscontinuously  by  thersml  activation 
at  a  succession  of  barriers.  The  motion  may  therefore  be  looked  upon 
as  a  repeated  sequence  of  release  and  arrest,  as  shown  in  Figure  lb. 

Since  only  one  segment  of  the  dislocation  may  be  st(q>ped  at  any  one 
time.  Figure  Ic  may  be  a  truer  representation. 
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Figure  2a  ahoura  tha  (Asarvad  variation  of  dlaloeatlon  valoelty, 
V,  with  ihaar  strata ,  t,  in  Llf.  Tha  dapandanea  aty  ba  daaerlbad  by  tha 


V  «  {:p}  .  (2) 

o 

Equation  (1)  appllat  to  LIF  ovar  tha  entire  velocity  spactrua,  whereat 
Equation  (2)  It  applicable  at  low  velocltlat  In  LIF  and  also  ovar  tha 
nore  restricted  velocity  range  Investigated  In  other  natarlals.  Tha 
values  asstaned  by  m  and  are  characteristic  of  a  material,  and  Table  1 
summarizes  published  values  of  m. 

Johnston  and  Gilman  were  also  able  to  measure  tha  velocity  In 
slightly  deformed  crystals,  nia  results  of  these  experiments,  shown  In 
Figure  2b,  Illustrate  that  tha  dislocations  still  display  essentially 
the  same  velocltystrass  relationship,  except  that  the  stresses 
associated  with  any  given  velocity  are  greater.  This  Increase  In  stress 
corresponds  closely  with  the  amount  of  work>hardanlng  displayed  by  tha 
stress-strain  curve.  One  may  say  that  tha  effect  of  tha  applied  stress 
Is  reduced  by  an  amount  equal  to  tha  work  hardening  Incrasient,  but  isora 
research  must  be  done  to  see  If  this  view  Is  really  Justified.  Assunlng 


a  linear  work-hardening  rata.  Equation  2  can  be  modified  as  follows: 


(3) 


Having  described  the  relationship  between  the  applied  stress 
and  the  resultant  dislocation  velocity,  one  other  Bujor  variable  remains 
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•ItLOCATMH  Vf lOOTV  ICH/MCI 


2«  2b 


FIGURS  2.  «.  Variation  of  dlalocatlon  velocity  with  applied 
ahear  atreaa  In  LIF  crystals . 


b.  Effect  of  strain  on  dislocation  mobility  in 
LiF(35). 
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TAILE  1.  VALUES  OF  m  PUBLISHED  IN  THE  UTERATURE 


MATIRIAL 

■ 

Si 

600-900  C 

U  ^ 

G« 

420-700  C 

U  •  1.9 

inSb 

218  C 

1.87 

GoSb 

4S0C 

2.0 

m 

W 

R.T. 

54)  ^ 

W 

-196  C 

14.0  J 

F«-3.2SSi, 

nioi 

SLIP 

-196  C 

F«-3.25Si. 

IllOi 

SLIP 

-77  C 

*  i 

F«-3.2SSi. 

illOl 

SLIP 

R.T. 

F«-3.2SSi. 

inoi 

SLIP 

100  C 

«  J 

F«.3.25Si, 

11121 

SLIP 

-77  C 

42 

F«-3.25Si. 

11121 

SLIP 

-40  C 

43 

F«-3.25Si, 

11121 

SLIP 

R.T. 

34 

LiF 

R.T. 

14.5*2 

before  dlelocetlon  ifynimica  cen  be  applied,  namely  the  nundber  of  dlaloca> 
tiona  actually  moving. 

Dislocation  Penalty 

It  Is  known  that  most  annealed  crystals  possess  a  grown-ln 

6  8  3 

dislocation  density  of  about  10  to  10  cm/cm  .  In  certain  cases,  how¬ 
ever,  these  dislocations  are  tightly  bound  by  Impurity  atmospheres  or 
precipitates,  and  when  the  crystal  Is  stressed,  these  grown-ln  dislocations 
frequently  do  not  laove.  Instead,  mobile  dislocations  are  produced  either 
by  heterogeneous  nucleatlon  or  unpinning  at  points  of  high  stress  such  as 
Inclusion  particles  or  discontinuities  at  the  grain  boundaries.  Fre- 
cipltate  particles  are  particularly  effective  sites  for  nucleatlon.  An 
exaaiple  of  this  la  presented  In  Figure  3,  which  shows  dislocation  loops 
produced  by  precipitate  particles  In  unalloyed  chromium,  and  revealed 
on  the  surface  by  etching.  The  dislocations  produced  In  this  way  then 
move  through  the  crystal  and  multiply  rapidly,  probably  by  the  double 
cross-slip  mechanism.  As  a  result,  the  dislocation  density  increases 
rapidly  as  the  material  Is  deformed.  The  change  In  dlslocetlon  density 
with  strain  has  now  been  studied  in  a  nuniber  of  materials  by  etch  pitting 
and  by  transmission  microscopy.  Such  studies,  however,  do  not  permit  a 
distinction  to  be  amde  between  dislocations  which  are  iaaobile  and  those 
which  are  able  to  move.  The  only  experimental  evidence  currently  In 
the  literature  concerning  the  fraction,  f,  which  is  mobile.  Is  due  to 
fetal  and  Chaudhur^f^  They  were  able  to  Infer  the  value  of  f  In  a  few 
Isolated  cases  Involving  samll  strains  and  report  values  In  the  range 
between  0.08  and  1.  It  Is  unlikely  that  f  la  a  constant  except  perhaps 
in  the  early  stages  of  yielding,  and  the  formulation  of  f  from  experiment 
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FIGURE  3.  NUCUBATION  OF  DISLOCATIONS  BY  PRECIPITATE 
PARTICLES  IN  CHROiaUMC^^) . 
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or  theory  is  a  problaa  deserving  of  aore  attention.  In  the  absence  of 

such  a  foramlatlon  however,  the  essuwption  is  isade  that  the  total  density, 

P,  is  sinply  related  to  the  aobile  density, p'. 

Typical  exaaqples  of  the  rate  of  increase  of  total  dislocation 

density  with  strain  are  presented  in  Figure  4,  which  shows  results 

obtained  at  Battelle  for  a  aild  steel  using  transmission  electron 

8  3 

microscopy.  The  dislocation  density  Increases  from  about  5  x  10  cm/cm 
in  the  annealed  aaterial,  to  about  10^^  after  10  per  cent  deformation.  These 

axperlnents  were  carried  out  at  three  widely  differing  strain  rates,  about 

-5  -2  3 

10  per  second,  10  per  sec<md,  and  10  per  second,  a  range  of  nearly 

eight  orders  of  isagnitude.  The  figure  illustrates  that  the  rate  of 

multiplication  in  this  material  at  least  is  relatively  insensitive  to 

strain  rate.  This  is  Illustrated  qualitatively  in  Figure  5,  which  shows 

examples  of  the  transmission  micrographs  that  were  obtained  at  the  three 

different  strain  rates.  The  suiin  difference  is  that  the  dislocation 

segments  tend  to  be  swre  strelght  and  parallel  et  the  highest  strain 

rate. 

The  experimentally  amasured  dislocation  densities  can  be 
described  by  en  equation  of  the  form: 

P  -  Po  + 

where  p^  represents  the  Initial  dislocation  density  and  C  and  P  are 
SMltiplication  parameters.  Values  of  P  are  in  the  range  1/2  tn  3/2,  but 
are  usually  close  to  1.  This  eiq>ression  describes  the  total  masber  of 
dislocations  that  have  been  generated  and  does  not  distinguish  between 
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Plostic  Strain,  <p 

O  <»  •  Mild  Steel, 00.25, Mn-I.OO  GiS.'^Q02mm 
K«h(lron)€p.2-I0'* 

(1)  G.S.'^O.OIS  nwn 

(2) 6.S-ai0mm 

FIGURE  4.  1HCRBA8E  OF  DUUKAXION  DENSITY  WITH  STRAIN  IN  HIU  STEEL 
DEFORMED  AT  DIFFERENT  RATES. 
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the  ones  that  are  still  noblle  end  those  that  have  beeone  arrested.  The 
relevant  parameter  is  the  mobile  density,  which  can  be  described,  at 
least  in  a  very  approximate  way,  by  the  aquation. 


p  -  p  '+  fCs  , 
o  p 


(5) 


where  represents  the  nuinber  of  dislocations  initially  mobile  and  £ 
the  fraction  of  the  dislocations  subsequently  generated  that  is  mobile. 

Table  2  stsnmarizes  available  information  regarding  the  value  of 
the  multiplication  parameter,  C.  These  values  show  that  there  are  signifi¬ 
cant  differences  in  the  rate  of  multiplication.  The  results  for  copper, 
for  example,  show  that  laultiplicatlon  is  more  rapid  in  polycrystalline 
samples  than  in  single  crystals.  Consistent  with  this,  Keli ^investigated 
the  rates  of  multiplication  in  iron  of  two  grain  sizes,  and  found  the 
rate  to  be  higher  in  the  fine  grained  material. 

Utilizing  the  above  data,  dislocation  dynamics  can  now  be 
applied  to  describe  plastic  flow  in  response  to  a  variety  of  loading 
conditions. 


DISLOCATION  DYMAMICS 

The  new  knowledge  of  the  velocity  of  dislocations  and  their 
rate  of  multiplication  is  iiaportant  in  its  own  right.  However,  its 
significance  was  not  fully  appreciated  until  Johnston  and  Gilman  formu¬ 
lated  a  concise  statement  of  the  dislocation  dynamics  of  flow.  They 
pointed  out  that  the  deformation  accompanying  the  application  of  stress 
consists  of  an  elastic  and  a  plastic  contribution.  For  Instance,  in  a 
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TABLE  2  .  VALUES  OF  THE  DISLOCATION  MULTIPLICATION  PARAMETER 
C  -  ^  FOR  A  VARIETY  OF  MATERIALS 


lUTERIAL 

S:  SINGLE  CRYSTAL 

P:  POLYCRYSTALLINE 

COPPER 

S 

3-9  X  10* 

P 

5X  10® 

LITHIUM  FLUORIDE^^^ 

S 

1  X  10^ 

GERMANIUM^^*^*^^ 

S 

4-80  X  10* 

P 

4  X  lO’ 

P 

1.7  X  lo'® 

MOLYBDENUM^ 

P 

8  X  10® 

TUNGSTEN 

S 

2X  10^ 

IRON^*^ 

P 

1.5  X  lO’ 

MILD  STEEL^^®^ 

P 

2^  X  lO’ 
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constant  strain  rata  tast,  the  strain  rate,  I,  latposed  by  the  machine 
must  be  matched  by  the  sum  of  the  elastic  and  plastic  components, 
and  1^,  of  the  strain  rate  In  the  specimen. 

4  -  4^  +  Ip  (6) 

The  elastic  contribution  can  be  expressed  In  tenss  of  the  rate  of  stress 
application  and  a  modulus,  M,  which  reflects  the  stiffness  of  the  test 
bar,  grips,  and  stipportlng  members.  The  plastic  contribution  Is  given 
by  the  equatlon^^^^ 

4p  -  0.5  b  p'  V  (7) 

where  b  Is  the  Burgers  vector  for  slip,  and  0.5  arises  from  geometrical 
considerations.  Equation  (6)  may  therefore  be  written 

J.if.o.Sbp'J  w 

where  c  refers  to  tensile  stresq.  Substituting  In  Equation  (8)  from 
Equations  (3)  and  (5)  yields 

«  .  1  g  .  0.5  b  (p/  ♦  fC.j)  (a„)'  (« 

the  shear  stresses,  t  and  from  Equation  (3),  being  replaced  by  the 
equivalent  tensile  stresses  a  and  a^.  This  differential  equation  may  be 
solved  to  describe  the  stress-strain  relationship  for  a  single  crystal. 
The  behavior  of  polycrystalllne  saaiplas  Is  complicated  by 
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the  variation  of  the  resolved  shear  stress  from  grain  to  grain  owing 
to  the  different  grain  orientations,  the  anisotropy  of  the  modulus  and 
the  conatralnta  imposed  by  neighboring  grains.  In  principle  at  least, 
the  deformation  of  polycrystalline  samples  can  be  described  by  a  sumsia- 
tlon  over  all  the  grains  of  the  aggregate.  It  should  be  noted  that 
such  parameters  as  p^,  f,  c,  and  q  may  depend  on  grain  size,  a  fact 
Conrad  has  used  to  derive  the  yield  stress  grain-size  relation  for 

Anplication  to  Yielding 

Johnston  and  Gilman  first  used  the  dislocation  dynamics 
approach  to  calculate  the  stress-strain  curve  of  lithium- fluoride 
crystals.  Mien  an  empirical  correction  is  made  for  the  effect  of  work 
hardening,  and  plausible  values  adopted  for  f  and  the  curve  calculated 

from  Equation  (9)  agrees  very  well  with  that  determined  experimentally. 

(19) 

More  recently,  Johnston  has  solved  the  equation  for  simple 
tension  with  the  aid  of  a  computer  for  various  values  of  the  parameters 
m  and  p^.  Flgtire  6  demonstrates  the  influence  of  p^'  on  the  shape  of 
the  stress-strain  curve,  all  other  parameters  being  kept  constant.  The 
effect  of  m  is  illustrated  in  Figure  7a.  These  calculations  show  that 
the  initial  yield  drop  is  a  general  feature  of  sawll  values  of  p^'  and 
small  values  of  m.  The  predicted  effect  of  p^'  (Figure  6)  correlates 
well  with  the  observed  occurrence  of  a  yield  point  in  ennealed  b.c.c. 
metals,  and  the  observed  absence  of  this  phenomenon  in  prestrained 
material.  Furthermore,  comparison  of  Figures  7a  and  7b  illustrates  that 
the  predicted  influence  of  m  on  the  stress-strain  curve  is  verified  by 
experiment  for  those  amterials  where  m  has  been  smasured. 
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FIGURE  6.  EFFECT  OF  ON  THE  SHAPE  OF  THE 
CALCULATED  STRESS-STRAIN  CURVE, 
ALL  OTHER  PARAMETERS  IN 
EQUATION  (9)  BEING  CONSTANT 
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a.  Effect  of  m  on  the  shape  of  the  calculated 
stress- strain  curve 


b.  Experimental  stress-strain  curves  for  materials 
where  values  of  m  are  known 


FIGURE  7 
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Strain  Baf  Daowdne#  of  Ti«ldlM 


At  tha  or  lowar  yiald  atrasa,  tiM  ^  tana  of  Iquatlon  (9) 

la  aero,  and  tha  plaatlc  attain  la  ao  aaall  that  tha  work  hardening  tam 
can  ha  naglactad.  Equation  (9)  than  raadat 

4  -  0.5  b  p'  a*  o^“*  (10) 

Taking  logarltfaua  of  both  a  Idea 

log  4  «  log  (0.5  b  p'  +  ■  log  Oy 

or  log  4  -  n  log  +  COMSXSIIT  (11) 

Thia  nay  be  coaq^rad  to  the  long  aatabliahad  anpirical  aquation  deacrlh- 
Ing  tha  attain  rata  dependence  of  the  yiald  atreaa: 

log  4  -  n'  log  (jy  +  CONSlAliT  (12) 

A  conparison  of  Equations  (11)  and  (12)  affords  an  indirect  method  of 
detexnlnlng  m.  Table  3  compares  values  of  m'  to  values  of  m  deteminad 
directly.  The  agreesMnt  Is  good. 

Delay  Thae 

Tha  delay  time,  t  >  can  be  regarded  as  the  tisM  taken  for  a 
d 

material  under  constant  stress  to  deform  to  the  mlnlanmi  detectable 
strain,  say  s'.  Under  these  conditions  do/dt  ■  0  and  Equation  (9)  can 
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TABLE  3.  COMPARISON  OF  THE  DIRECT  AND  IMDIRBCT 
ME1H(N>8  OF  DETERMINING  ■ 


m 

m 

m 

/  ^  / 
m 

LiF  (S) 

14.5<‘> 

14.5<20) 

Fe-Si  (S) 

4C  ±  5^^^ 

45(21) 

(P) 

4g(21) 

W  (P) 

7(32) 

w  (S) 

5(6) 

Mo 

14(23) 

10-15(2^) 

14(23) 

Steel  1  <  1 

20-50(25.26) 

3o(27,28) 

i  >  1 

10-15(2®) 

10-15(2®) 

Cu 

-200 (^°) 

Ag 

~30o(21) 

S  «  SINGLE  CRYSTAL  P  -  POLYCRYSTALS 


d 

In  V 

d 

In  t . 

"  "  d" 

In  (7 

“  “  dT 

d 

In  a 

^  d 

In  d 

d 

In  u 

m  -  3- 

In  0 

“  -T 

In  a 
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btt  rawrittM 


/  - _ 

I  0.5  b  (p^'  +  fCtp)  (o^)“®  (<y)“ 

■  0 

P 

This  may  be  evalueted: 

^  (-^  In  (1  +  (14) 

The  delay  tine  may  thus  be  calculated  as  a  function  of  stress.  Figure  8 
shows  the  results  of  such  a  calculation,  performed  using  constants  appro¬ 
priate  for  steel,  compared  to  experimental  determinations. 

From  Equation  (14)  we  may  write: 


log  { 


2fC  ^  m 


In  (1  +  ^*^)}  -  m  log  a  -  log  t^ 


or  since  the  first  term  Is  constant, 

fd  log  t 
d  log  a 


d 


(15) 


(16) 


The  term  on  the  right  (called  m")  represents  another  indirect  method  of 
determining  m.  In  Table  3,  a  comparison  is  made  of  m,  m  and  m  for 
Instances  where  this  Is  possible,  and  the  agreement  is  encouraging. 
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(37) 

FIGURE  8.  COMPARISON  OF  EXPERIMENTAL  AND  CALCULATED 
VALUES  OF  DELAY  TIME  FOR  MILD  STEEL 
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Uidwi*  Band* 


Th«  variation  of  atraln  with  dlatanea  along  a  teat  ploca  aidiiblt' 
ing  a  LVdara*  band  can  ba  ealoulatad  and  eoaparad  with  tha  raaulta  of 
exparlaents.  If  x  la  dlatanea  from  tha  band  front,  than 


d£ 

dx  "  dt  ‘  dx 


(17) 


For  steady  state  LSders*  band  propagation,  ^  Is  constant,  u.  Thus, 


d 

-E 

u 


(18) 


Thus, 


and 


/?■■/? 

The  stress,  at  any  point  along  the  band  is  given  by 


a  -  o'y  (1  +  «p)  (21) 

where  the  load  on  the  speclnen  at  the  lower  yield  point  divided 

by  the  initial  cross  section. 

Substituting  In  Equation  (20)  values  of  d  fron  Equation  (9) 
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and  tha  valua  of  o  fron  Equation  (21) ,  wa  obtain: 


X 

u 


(22) 


since  at  the  lower  yield  point  do/dt  *0.  By  graphical  Integration  we 
can  solve  this  equation  and  thus  calculate  the  variation  of  strain  with 
distance— that  la,  the  strain  profile  of  the  LUders'  band.  There  is 
good  qualitative  agreement  with  experiment,  as  Is  shown  In  Figure  9. 

There  remains  another  Indirect  method  of  determining  m.  This  Is 
based  on  the  postulate  that  there  exists  a  simple  relationship  between 
the  velocity  of  a  Lflders'  band  front  and  the  average  velocity  of  the 
dislocations  at  the  front.  This  would  be  the  case  If  for  example  the 
band  propagated  by  the  Injection  of  mobile  dislocations  from  the  band 
front  Into  the  otherwise  undeformed  matrix.  Let  the  relationship  be 


u  ■>  kv  (23) 

-  k  a"  a  ■" 
o 

Therefore, 

The  term  on  the  right  will  be  called  m"'.  Figure  10  gives  an  idea  of 
the  usefulness  of  this  relationship:  the  slopes  of  the  lines  represent 
m'  and  m'"  for  steel  and  molybdenua.  The  sgreeotent  la  good,  and  the 
mnerlcal  values  appear  in  Table  3. 

The  results  of  Table  3  are  important  for  two  reasons.  First, 
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Plastic  Stroin,  <p  (%) 


et  ol  (-196  C) 

Taylor  and  Malvern 
(-69  C) 

'Calculated  FVofile 

Measured  Profile 
9ow  strain  rate 
'  Fast  strain  rate 

<Taylorand  Molvem(l7C) 


1=0.001 


’u=Qa 


u=O.I  cm^ec 


Distance  Behind  the  Luders  Front,  x  (cm) 


FIGURE  9.  RESUl^S  OF  LUOERS*  BAND  STRAIN  PROFILE  CALCULA¬ 
TIONS?'' STRAIN  PROFILES  PRESCRIBED  BY  EQUATION  (22), 
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strain  Rolt,pirtic 
Ludtrs*  Bond  Vitocity,  n/mc 


I 


o,v  Strain  rail  diptndencc  of  the  yield  stress 
Stress  dependence  of  Ludsrs’  bond  velocity 


m  « _ I _ I  I _ I . I 

44  45  46  4.7  46  49  9.0 

li}g^  Lower  Yield  Stress,  psi 


FIGURE  10.  A  COHFARISON  OF  m'  AMD  m"* 
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they  lend  edded  support  to  the  theory.  Secoxidly,  they  show  thet  the 
stress  dependence  of  dlslocetlon  velocity  cen  be  Inferred  indirectly 
from  other  neesurenents  which  nay  be  more  convenient.  For  exsaqple, 
the  values  of  n  for  copper  and  silver  have  not  been  ssMSured  but  It 
can  be  Inferred  from  the  values  of  m'  that  these  nust  be  relatively 
large  numbers. 

In  general  then,  It  can  be  said  that  the  dislocation  dynamics 
approach  describes  the  yielding  of  metals  very  accurately  and  can  there¬ 
fore  be  used  with  some  confidence  to  predict  yielding  under  conditions 
that  cannot  be  readily  handled  experimentally.  This  will  be  Illustrated 
with  one  example,  namely  yielding  in  the  vicinity  of  a  moving  crack. 

Fracture 


It  Is  essential  that  a  treatment  of  cleavage  In  plastic  materials 

should  take  account  of  the  effect  of  plastic  flow.  For  example,  the 

stresses  that  will  cause  an  existing  crack  to  grow  will  also  tend  to 

produce  deformation  at  the  crack  tip.  Sxich  deformation  will  blunt  the 

crack  and  redistribute  the  stress  thereby  making  inappropriate  the 

(34) 

classical  stress  field  solution  of  Inglls.  An  adequate  approach,  therefore, 
demands  a  stress  field  solution  that  Is  responsive  to  deformation  at  the 
crack  tip.  Furthermore,  It  is  necessary  that  the  kinetics  of  this 
deformation  be  known,  together  with  the  fracture  strength  of  the  material. 

Frevlous  attmepts  at  a  solution  have  relied  on  a  modification 
of  the  surface  energy  In  order  to  account  for  the  work  done  by  plastic 
flow.  Unfortunately,  this  approach  ignores  the  fact  that  the  stress  field 
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of  the  propagating  crack  Is  modified  by  defoxmatlon,  and  consequently  la 
of  limited  usefulness. 

The  model  to  be  described  attempts  to  fulfill  all  the  above 
requirements  and  consists  of  a  partially  relaxed  crack  the  relaxation  of 
which  is  described  by  Dislocation  Dynamics. 

The  iBodel,  illustrated  in  Figure  11,  consists  of  a  two- 
dimensional  sharp  crack  of  length  2a,  whose  tip  is  surrotinded  by  a 
circular  plastic  zone  of  radius,  r.  Stresses  within  this  zone  are 
assumed  to  be  substantially  relaxed.  The  extent  of  the  plastic  zone  is 
defined  as  the  locus  of  points  where  flow  begins  to  occur  rapidly,  for 
example  where  the  plastic  strain  reaches  a  value  of  0.1?^.  Under  these 
conditions,  the  crack-plastic  zone  complex  is  equivalent  to  an  elliptical 
hole  of  semi-major  axis,  a,  and  root  radius,  r.  The  stress  concentration 
factor,  ot,  in  advance  of  this  ''hole'*  can  be  evaluated  from  equations 
derived  by  Inglis  as  a  function  of  a/r.  The  variation  of  a  with  distance 
from  the  "holtf  is  illustrated  in  Figure  12,  where  it  may  be  seen  that  the 
stress  gradient  close  to  the  elastic-plastic  boundary  is  very  steep. 

The  principle  of  the  calculation  is  presented  in  Figure  13, 
and  is  directed  toward  the  evaluation  of  r,  and  hence  cr.  A  crack  is 
assumed  to  be  propagating  toward  a  volume  element  dV  with  a  velocity  U. 

As  the  crack  approaches,  dV  experiences  a  rising  stress,  (Illustrated  in 
the  lower  diagram)  under  the  influence  of  which  it  flows.  The  condition 
for  the  solution  of  the  calculation  is  that  the  arrival  of  the  "hole" 
coincides  with  the  strain  in  dV  reaching  a  value  of  0.1%.  Dislocation 
dynamics  provides  a  unique  means  of  calculating  this  deformation. 
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PiMtic  ion« 
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FIGURE  12.  CALCULATED  STRESS  CONCENTRATION  OF  AN  ELLIPTICAL 
CRACK  FOR  TWO  DIFFERENT  VALUES  OF  «/r 
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FIGURE  13.  SCHEMATIC  OF  STRESS  AND  STRAIN  AHEAD  OF  A 
MOVING  CRACK 
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Recalling  Equation  (7) ,  the  plastic  flow  of  dV  may  be  written: 


i 

P 


j  m 

—  -  0.5  b  (p  '  +  fee  )  (— ) 
dt  *^0  p  'a 

o 


(25) 


Since  under  the  present  conditions,  a  is  a  function  of  t,  the  equation 
may  be  rearranged 


0.5  b  (p. 


de _ 

+  fee  )  (a 
p'  '  o' 


dt 


(26) 


The  local  stress,  o,  experienced  by  dV  Is  actually  the  product  of  the 
nominal  stress,  O—,  ,and  the  stress  concentration  factor,  a, 

NOM 


a 


‘^NOM 


Of  (x) 


(27) 


where  cir(x)  Implies  the  dependence  of  a  on  the  distance,  x,  between  dV  and 
the  "hole”.  Since  however  the  crack  propagates  toward  dV  with  constant 
velocity  U|  x  and  t  are  related: 


"--3f 


(28) 


The  limits  and  base  of  Equation  (26)  can  now  be  changed  from  (t)  to  (x). 


f.OOl 

I  ds 

J  .3  b  (p/  +  £C.p)  <!>„)' 


■  a 


co(x)r  dx 

:t>>a 


(29) 


Let 


r 


Ca(x)]“dx  »  I 
iC»a 
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The  left-hand  side  can  be  Integrated  analytically  and  evaluated  for  given 
material  parameters.  The  right-hand  side  must  be  Integrated  numerically 
and  the  equality  of  Equation  (29)  holds  only  for  one  value  of  a/r  (Ct  being 
a  function  of  a/r).  This  may  be  determined  by  evaluating  I  for  various 
values  of  a/r  and  plotting  the  graphical  relationship  between  them.  The 
augnltude  of  a/r  corresponding  to  the  left-hand  side  may  then  be  deter¬ 
mined. 

The  geometry  and  stress  field  of  the  propagating  crack  are  now 
solved;  the  solution  Is  sensitive  to  the  values  chosen  for  the  parameters, 
m,  0,  C  and  p 

In  Figure  14,  the  plastic  zone  size,  r/a,  and  the  maximum  stress 
concentration,  a*,  have  been  determined  for  various  values  of  m  as  a 
function  of  the  crack  velocity.  The  calculations  were  performed  for  the 
case  where  the  applied  stress,  Is  half  the  yield  stress,  a^,  in  a 

slow  tensile  test.  Consequently,  the  maximum  stress,  a*,  ahead  of  the 
crack  may  be  expressed  in  terms  of  It  can  be  seen  that  as  the  crack 
velocity  increases  and  the  time  available  for  plastic  relaxation  decreases, 
the  plastic  zone  size  becomes  progressively  smaller.  Effectively  the 
crack  Is  blunted  to  a  lesser  extent,  and  consequently  higher  stresses  are 
generated  at  the  crack  tip.  The  calculation  was  made  for  different 
values  of  m.  The  value,  m  «  5,  Is  characteristic  of  tungsten.  It  can 
be  seen  that  for  a  fast  moving  crack  In  tungsten,  stresses  of  the  order 
of  100  times  the  yield  stress  are  generated,  which  approaches  plausible  values 
for  the  theoretical  strength.  It  would  therefore  be  expected  that  in  this 
material  crack  propagation  by  cleavage  could  occur  readily.  On  the  other 
hand,  the  stresses  generated  in  materials  characterized  by  higher  values 
of  m  are  much  lower.  It  Is,  therefore,  understandable  that  f.c.c. 
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units  of  <r, 


materials,  such  as  copper  or  silver,  that  are  characterized  by  m  values 
of  the  order  of  100,  would  be  unlikely  to  suffer  cleavage  fracture. 

The  effect  on  a*  of  initial  mobile  dislocation  density,  p^', 
and  multiplication  rate,  C,  is  Illustrated  in  Figure  15.  It  is  apparent 
that  dislocation  locking  is  detrimental,  giving  rise  to  larger  values 
of  o*.  Comparison  of  Figures  14  and  15  shows  that  for  a  given  crack 
velocity,  a*  is  more  sensitive  to  m  than  to  changes  In  C  and  over  the 
range  of  these  parameters  encountered  experimentally. 

It  must  be  emphasized  that  the  treatment  of  crack  propagation 
developed  in  this  section  is  approximate  and  not  rigorous.  No  attesipt 
has  been  made  to  take  into  account  constraints  Imposed  on  yielding  by 
continuity  requirements  at  the  elastic-plastic  boundary.  The  postulated 
shape  of  the  plastic  zone  is  in  itself  a  basic  assumption.  Finally,  the 
present  calculations  are  valid  for  conditions  of  plane  stress:  the  case 
of  a  through-crack  in  a  sheet  of  thickness,  t,  when  r  »  t,  but  not  for 
plane  strain,  l.e.,  r  «  t.  It,  therefore,  seems  likely  that  the  results 
given  in  Figures  14  and  15  overestimate  plastic  relaxation  and  under¬ 
estimate  the  level  of  stress  generated  at  the  ciack  tip.  In  spite  of 
these  difficulties,  the  model  does  provide  useful  insights  and  serves 
to  illustrate  the  potential  usefulness  of  dislocation  dynamics  in  the 
treatment  of  fracture. 


CONCmSIONS 


1.  A  review  has  been  made  of  current  knowledge  concerning  dislocation 
multiplication  and  mobility.  Observations  are  sunmarized  of  the 
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Rtkitivt  Crock  Vriocity,  units  of  crock  length  per  second 


FIGURE  15. 


EFFECT  OF  MULTIPLICATION  RATE  AND  INITIAL  MOBILE  DISLOCATION 
DENSITY  ON  PLASTIC  ZONE  SIZE  AND  MAXIMUM  STRESS 
CONCENTRATION  FACTOR. 


,  units  of 


increase  in  dislocation  density  produced  by  deformation,  and 
the  mobility  of  dislocations  in  annealed  crystals.  Experi¬ 
ments  do  not  yet  distinguish  between  mobile  and  arrested  dis¬ 
locations.  As  a  consequence,  the  magnitudes  of  the  initial 
density  of  mobile  dislocations  and  the  mobile  fraction  f 
of  those  generated  by  straining  are  in  doubt.  Furthermore, 
the  mobility  of  dislocations  in  cold-worked  crystals  is  not 
known. 

2.  Application  of  Dislocation  Dynamics  has  made  possible  a  quanti¬ 
tative  description  of  the  yield  point  phenomenon.  Although  the 
treatment  has  been  applied  mainly  to  single  crystals,  it  satis¬ 
factorily  predicts  the  strain  rate  dependence  of  the  yield 
stress,  the  delay  time  for  yielding,  and  features  of  the 
Luders'  band  in  polycrystalline  metals. 

3.  Dislocation  Dynamics  has  been  used  to  calculate  the  influence 
of  deformation  parameters  on  the  response  of  materials  to  a 
running  crack.  These  calculations  indicate  that  m  is  the  most 
influential  material  parameter,  small  values  of  m  favoring 
cleavage  crack  propagation. 
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YinCIHO  AHD  FLOW  OF  THE  B.C.C.  MECA18  AT  LOW  TB(PERA!EUBES 

Hmis  Conrftd 

Nkterlali  Beieness  laborfttozy 
Aerospace  Corporation 
U  8egundo>  California 

ABSIBACT 

The  available  experimented,  data  on  the  mechanical  behavior  of  the  B.C.C. 
transition  metals  at  lov  tenqperatures  (<  0.25  IL)  are  reviewed  and  analysed  to 

m 

establish  the  rate-contirolling  mechaalsa  responsible  for  the  strong  teaoperature 

and  strain  rate  dependence  of  the  yield,  and  flow  stresses.  The  activation  energy 

H,  activation  volume  v*,  and  freqjuency  factor  v  were  detefmlned  as  a  function  of 

2 

the  thermal  component  of  the  stress  r*.  It  was  found  that  (t«  ■  1  Kg/aa  ) 

3  3 

‘V  0.1  lib  where  |t  is  the  shear  modulus  and  b  the  Bargers  vector,  v*  50  b*'  at 

2  3 

T*  <■  2  Xg/as  ,  increasing  rapidly  to  values  in  excess  of  100  b^  at  lower  stresses 

and  decreasing  to  2>5  b^  at  high  stresses  (50>60  and  v  *  10^  -  10^  sec*^, 

the  M|^r  values  of  v  generally  being  associated  vith  the  purer  materials.  E 

and  V*  as  a  function  of  stress  were  Independent  of  structure.  This  along  with 

other  observations  indicates  that  theraally-.aetlvated  overcoaing  of  the  Felerls- 

HSbarro  stress  is  the  rate-controlling  mechanism.  The  values  of  E^  and  the  change 

in  E  with  stress  at  lov  stresses  are  in  agreement  vith  those  predicted  by  Seeger's 

model  for  the  nucleation  of  kinks.  The  Feierls-Babarro  stress  and  kink  energy 

-2  -2  \ 

derived  from  the  eaq^laental  data  are  approadBately  10  and  x  10  |d) 

respectively. 

The  experlaental  data  suggest  that  the  yield  point  in  the  B.C.C.  aetals  is 

associated  with  the  sudden  aoltiplicatloii  of  dislocations  by  the  double  croas-sllp 

mechanism,  which  in  turn  is  oontrolled  by  the  notion  of  dislocations  throng  the 
lattice.  Stress-strain  onrvss  for  aild  steel  oaloulatad  on  the  basis  of  this  aschan- 
isn  are  in  good  agreensnt  vith  the  axperiasntal  eurvas. 
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miDina  urn  tum  of  tbs  b.c.c.  meeau  as  um  •mBmusuBm 


Ban*  Conrad 

Matarlala  flelaneaa  Zdbomtoiy 
kurc&smet  Corporation 
SL  Saguado,  California 

Introdnetion 

A  diatlngaiahlng  feature  of  the  B.C.C.  aetala,  as  coagpared  to  the  close- 
packed  (C.P.H.  and  7.C.C.)  metals,  is  the  strong  effect  of  tesperature  and 
strain  rate  on  the  yield  stress  at  low  teaperatures  (T  <  0.2  T^);  see,  for 
exMPlSi  Pigs.  1  and  2.  (T  is  the  test  tes^rature  and  is  the  melting 
tesperature.)  Aa  understanding  of  this  difference  is  of  technological,  as 
veil  as  scientific  Interest,  for  the  ductlle-to-brittle  transition  in  the 
B.C.C.  metals  is  related  to  the  strong  temperature  and  strain  rate  dependence 
of  the  yield  stress. 

A  nuaher  of  thensLUy-actlvated  dislocation  mechanisms  hare  been  pro¬ 
posed  to  account  for  the  strong  temperature  and  strain  rate  dependence  of 
the  yield  stress  of  the  B.C.C.  metals.  In  chronological  order,  these  are: 

1.  Breaking  avey  from  an  interstitial  atmosphere  (1-4) 

2.  Overconing  the  Felerls-Babarro  stress  ($-9)^ 

3.  Hon-conseryatlve  motion  of  Jogs  (II-I3) 

4.  Orerccnlng  interstitial  precipitates  (l4) 

5.  Cross-slip  (15) 

There  is  some  experimental  support  for  each  of  these  mschanlsms,  making  it 

difficult  to  decide  idiich  one  is  actually  rate-controlling.  IVom  a  review 

^Bieslop  and  Fetch  (lO)  first  suggested  that  the  strrag  temgperature  dependence 
of  the  yield  and  flow  stress  in  iron  adid^t  be  due  to  a  hlf^  Feierls-Mbbarro 
stress.  However,  they  attributed  the  temperature  dependence  to  a  change  in 
width  of  the  dislocation  with  temperature  rather  than  the  contribution  of 
thermal  fluctuati<ms  to  overcoad^  of  the  Felerls-Haharro  stress.  Their 
suggestion  does  not  account  for  the  strong  effect  of  strain  rate  on  the  yield 
stress. 
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YIEDIHO  AID  VLOV  OF  JSS  B.C.C.  NBIIAIB  AT  LOtf  TBIPBtASniRBB 


Buia  Conrad 

Natarlala  Selaaeaa  Uboratoxy 
Aaroapaea  Corporation 
KL  8^|uiido>  California 

Introdoetlcn 

A  dlatinfolahlng  faatura  of  the  B.C.C.  aatala,  aa  coaparad  to  tha  elosa- 
pac3cad  (C.P.B.  and  F.C.C.)  netala,  la  the  strong  affect  of  teqpezmtura  and 
strain  rate  on  tha  yield  stress  at  lov  teaperatures  (T  <  0.2  T^);  see,  for 
exanple^  Figs.  1  and  2.  (T  Is  the  test  taaperature  and  T  Is  the  aeltlng 
taaperature.)  An  understanding  of  this  difference  Is  of  technological,  as 
veil  as  scientific  Interest,  for  the  ductlle-to-brlttle  transition  In  the 
B.C.C.  aetals  Is  related  to  the  strong  teaperature  and  strain  rate  dependence 
of  the  yield  stress. 

A  nusher  of  thenBaUy-actlvated  dislocation  aechanlsas  hare  been  pro¬ 
posed  to  account  for  the  strong  toqperature  and  strain  rate  dependence  of 
the  yield  stress  of  the  B.C.C.  aetals.  In  dironological  order,  these  are: 

1.  Breaking  away  frost  an  interstitial  ataosphere  (l-h) 

2.  OrercoiBing  the  Pelerls-labarro  stress  ($-9)^ 

3.  lon-conserratlve  notion  of  Jogs  (II-I3) 

4.  Orercontlng  interstitial  precipitates  (l4) 

3.  Cross-slip  (19) 

There  Is  sosie  eaperlaental  stQqport  for  each  of  these  aechanlsns,  saklng  It 

difficult  to  decide  idilch  one  is  actually  rate-controlling.  Aroat  a  review 

^Heslop  and  Petch  (lo)  first  suggested  that  the  strong  teaperature  dependence 
of  the  yield  and  flow  stress  In  iron  ni^t  be  due  to  a  hl|^  Pelerls-labarro 
stress.  However,  they  attributed  the  teaperature  dependence  to  a  change  In 
width  of  the  dislocation  with  teaperature  rather  than  the  contribution  of 
themal  fluctuations  to  overcosdng  of  the  Peierls-lsbarro  stress.  Their 
suggestion  does  not  account  for  the  strong  effect  of  strain  rate  on  the  yield 
stress. 
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of  the  ejQwrioiental  data  available  at  the  time  for  iron,  Conrad  (6)  concluded, 
that  beet  overall  agreement  was  for  thermally-activated  overcoming  of  the  Pelerls- 
Ubarro  stress.  Subsequent  work  on  iron  (8,l6)  supported  this  conclusion.  More 
recently,  Conrad  and  Etayes  (9)  analyzed  the  available  data  for  the  Group  VA  (V,  Nb, 
TIa)  and  Cbroop  VIA  (Cr,  Mo,  W)  metals  and  again  concluded  that  the  rate-controlling 
necbanisn  at  low  temperatures  was  overcoedng  the  Feierls-lUbarro  stress.  A  similar 
conclusion  was  reached  by  Baslnski  and  Christian  (5)  for  iron  mid  Christian  and 
Nwters  (7)  for  the  Group  VA  netals. 

In  the  present  paper  pertinent  data  for  aill  the  B.C.C.  transition  nstads  are 
reviewed  (including  some  more  recent  data  [7>13>17-19])^  nod  the  guestlcm  of  the 
rate-controlling  mechanism  during  low  tenqperature  defoxmatlon  re-examined. 

gxperimentatl  Data 

I.  Stfect  of  Temperature  on  Yield  and  Flow  Stresses 
1.  lflero-defonBati(» 

Beplogrlng  a  strain  sensitivity  of  4  x  10*  and  a  strain  rate  at  JO  ^ 
sec*\  Brown  and  Ekvall  (I5)  found  that  the  stress-strain  bebavlor  of  ultrapure 
(~  0.004  vt  interstitials)  and  impure  (~  0.04  vt  %  interstitials)  iron  consisted 
of  three  distinct  regions;  Fig.  3< 

A.  0^^^  is  the  stress  irtiere  a  hysteresis  loop  is  first  observed  upon 
and  unloading  and  represents  the  first  evidence  of  dislocation  notion. 

0^  was  only  observed  after  previous  straining  ( c  *  10  to  5  x  10*  ) . 

^Sources  of  data  in  addition  to  those  mentioned  in  the  text  are  given  at  the 
end  of  the  bibliograpiqr.  Also  given  there  are  the  references  pertaining  to 
the  Ftgares. 

^^Throo^ioat  the  present  paper  0  will  be  used  to  designate  tensile  stress  and  t 
shear  atreas.  It  will  be  assumed  that  t  ■  ^  9.  Slmilarily,  s  is  the  tensile 
strain  rate  and  y  the  shear  strain  rate;  y  ■  O.7  s. 
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B.  1>  tbe  atreis  at  vhlch  a  pananent  strain  first  occurs;  i.e.  the 
lowest  stress  at  whleh  h^terisis  loqp  does  not  close.  ISils  Is  generally 
the  sane  as  the  stress  at  which  a  derlation  firosi  lineorl'^  can  be  neasured  and 
Is  usually  called  the  proportional  linlt. 

C.  0^  Is  the  eoBBonly  called  yield  or  flow  stress. 

Brown  and  Bcrall  found  that  was  independent  of  tcsiperatuze  (between  300^  and 
TS'k)  for  lK>th  th.  I«r.  !««.  Ite  of  id.tlit«v.r.1»>. 

is  shown  in  Fig.  4.  o^  for  the  locked  state  (undefcmsed  inpure  iron)  here  ediibits 
about  the  sane  teogterature  dependence  as  that  prerloualy  reported  (20,21)  for  the 
lower  yield  stress  (of  annealed  or  strain-aged  states)  and  the  subsequent  flow 
stress  of  various  iaqpure  irons  (C  R  >  0.013  vt  )()  and  steels.^  On  the  other 
hand,  for  the  unlocked  (deformed)  state  has  a  lower  temperature  dependence 
than  that  for  yielding  or  for  subsequent  flow.  Addltl(»al  evidence  that  the 
proportional  limit  after  prestraining  has  a  weaker  tei^rature  dependence  than 
the  flow  stress  Oy  of  iron  has  been  reported  by  Conzmd  and  nrederick  (6),  FIk.  5, 
and  Kltajiaa  (22). 

2.  Mscro-defomatlon 

The  yield  or  flow  stress  r  of  B.C.C.  metals  can  be  considered  to  consist 
of  three  caaq>onents  (6,10,20,21) : 

T  -  T*  (T,y)  +  (1) 

T*  is  the  thermal  cooqionent  which  depends  on  temperature  T  and  strain  rate  y 

is  associated  with  thermally-assisted  overccsdng  of  short-range  obstacles, 

represents  the  athezmal  conqponent  associated  with  lon^range  stress  fields,  is 

Independent  of  strain  rate,  and  varies  with  tesperature  only  throu^  the  teaper- 

^Oata  on  the  other  B.C.C.  metals  also  indicate  that  the  proportional  limit  of 
annealed  impure  (>  0.02  wt  %  Interstitials)  material  has  a  t^perature  dopsndanee 
similar  to  that  for  the  subsequent  yield  and  flow  stresses  (9»20). 
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ature  variation  of  the  shecu*  modulus  Xd"^  Is  the  conponent  representing  the  grain 

size  effect.  K  Is  the  slope  of  the  plot  of  the  yield  or  flov  stress  versus  the 
reciprocal  of  the  square  root  of  the  grain  size  d  and  for  annealed  isgpure  material 
Is  relatively  independent  of  tenperature  and  strain  rate,  iriien  congpazvd  to  t*  (21, 
23-26) .  VAien  K  Is  Independent  of  grain  size,  Xd**^  gives  the  Hall-Fetch  relation  (27, 
28) .  Qhere  are,  however.  Indications  (29)  that  K  for  both  the  lower  yield  stress 
and  flov  stress  Is  a  function  of  the  grain  size  and,  therefore,  that  the  effect  of 
grain  size  Is  not  given  by  the  slflq>le  Ball-Fetch  equation. 

In  the  present  discussion  we  axe  principally  concerned  with  the  effect  of 
tenq)erature  on  the  thenoal  conponent  t*  and  wish  to  separate  It  from  the  others, 
nils  Is  accomplished  by  subtracting  the  stress  at  a  given  ten^rature  T  froai  that 
at  some  reference  temperature  (6,20)  (assuming  that  X  is  relatively  independent 
of  tengierature) ,  l.e. 

-  Tjo  -  T*  (T,y)  -  T*  (1^,y)  -  At*  (T,^)  (2) 

l^lced  results  on  Iron  and  tungsten  are  shown  in  Figs.  5  and  6.  Similar  plots 

have  been  developed  previously  for  Iron  (20)  and  the  Group  VA  and  VIA  metals  (9, 

20) .  T*  as  a  function  of  tenperature  Is  then  derived  from  such  plots  by  talring 

T*  =  0  at  the  temperature  T^,  obtained  by  extrapolating  plots  of  log  versus 

T  to  a  vcQ.ue  of  ~  5  x  lO”^  Xg/(iaii^  -  ^),  where  ^  ^  ^  ®nd  hence  t  w 

(  is  obtained  by  graphical  differentiation  of  average  curves  similar  to  those 

in  Figs.  5  and  6.)  Flots  of  r*  for  yielding  versus  tengwrature  for  a  strain  rate 
-4  -1 

of  ~  10  sec  derived  In  this  manner  from  the  available  experimental  data  are 
given  in  Figs.  7  and  8.  It  is  here  seen  that  for  the  (hroup  VA  metals  the  variation 
of  T*  with  tenperature  Is  relatively  independent  of  purity  and  grain  size  (l.e. 
whether  the  specimen  is  single  or  polyezystalUne),  while  for  the  Group  VIA  metals 
and  Ir^,  r*  as  a  function  of  teaqpezature  Is  clearly  dependent  on  purity  and  grain 
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•lie.  Itor  the  Oroup  VIA  netaLi  and  iron,  the  upper  limit  ol  t*  at  a  given  temper¬ 
ature  is  for  poiycryetals  with  interetitial  contents  m  0.02  vt  the  lower  limit 
is  for  single  and  polycxystals  %rlth  less  than  0.00^  vt  $  interstitials.  Single 
crystals  and  polycrystals  vith  intermediate  Impurity  levels  eAibited  a  variation 
of  T*  vith  temperature  between  these  two  limits .  In  general,  for  the  ingpure  mat¬ 
erials  T*  at  a  given  temperature  was  less  for  single  crystals  than  for  poly- 
ciystals  of  the  same  impurity  content.  Figs.  3  uA  10  show  that  previous  ther¬ 
mal  treatment  and  deformation  may  also  influence  the  temperature  dependence  of  r*. 

Values  of  (to  the  nearest  50°K)  for  a  strain  rate  of  1X)~^  sec"'*'  are  given 

in  liable  I.  For  the  Group  VIA  amtals  and  iron,  for  the  pure  materials  is  less 
than  that  for  the  impure  amterials,  idiereas  for  the  Group  V  metals  there  is  no 
significant  effect  of  li  Ity  ccmtent  T^.  This  difference  and  the  difference  in 
the  effect  of  impurity  content  on  the  temperature  dependence  of  t*  may  be  related 
to  the  highex-  solubility  of  Interstitials  in  the  Group  VA  metals  compared  to  the 
Group  VIA  metals  and  iron. 

From  Thble  I  it  is  seen  that  the  ratio  iw  0.22  +  0.04  for  all  impure 

polycrystal  1  ine  B.C.C.  metals.  In  a  previous  paper  (9)  it  vas  shown  that  the 

yield  stresses  of  cdl  the  impure  polyczystalline  B.C.C.  metals  correlate  rather 

veil  (m  a  single  curve  when  r*  is  plotted  versus  the  parameter  (T-T  )/T  . 

o  n 

Values  of  t*  obtained  by  extrapolating  the  curves  of  Figs.  7-9  to  0°K  aire 
given  in  Table  II.  Because  of  the  rapid  Increase  in  r*  at  very  low  temperatures, 
there  is  some  uncertainty  usoclated  vith  these  values.  However,  if  one  plots 
the  logarithm  of  r*  versus  temperature,  an  approximately  llnew  region  occurs 
at  lov  temperatures  (see  Fig.  U)  allowing  for  an  easier  extrapolation.  Extrap¬ 
olation  of  this  linear  region  to  0°K  gives  values  of  t*  slightly  higher  than 
those  based  on  the  linear  plots;  see  Table  II.  Both  methods  yield  values  of  t* 
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of  the  order  of  10  )i. 

II.  Sffeet  of  Strain  Sate  on  the  Yield  and  FIov  Streeaee 

Fig.  2  ehowa  typical  variation  of  the  strain  rate  parasMter  do/d  In  i, 

(do  la  the  inci*eiaental  Increase  in  yield  or  flov  stress  for  an  Increase  In  strain 

rate  frost  to  Cg)  vith  tesgierature  for  the  B.C.C.  netsds.^  It  Initially’  Increases 

with  decrease  In  teBg)erature  helov  goes  throuj^  a  naxlmtm,  and  then  decreases 

afflln,  approetehlng  zero  as  the  tentperature  goes  to  absolute  zero.  It  depends  on 

stmctore  (i.e.  on  Inpurltles  and  on  thermal  and  mechanical  history)  In  a  similar 

dr* 

maimer  as  does  the  parameter  compare,  for  exaaqplc^  the  effect  of  strain  on 
dg/d  In  e  and  on  for  Iron  In  Tigs.  2  and 

Another  type  of  experiment  %diich  also  gives  the  relationship  betveen  the 
yield  stress  and  strain  rate  Is  the  so-called  delay-time  test  employed  ty  Wood 
and  dark  (3I)  and  others  (32).  In  general,  the  peurameter  da/d  In  t^  obtained 
from  such  tests,  vfaere  t^  Is  the  delay  time  for  yielding,  has  a  similar  value  and 
edilblts  the  same  trends  as  does  the  parameter  do/d  In  «. 

m.  Activation  Bhergy,  Activation  Volume  and  freq[uency  Ihctor  for  Deformation 
1.  General 

It  is  now  generally  accepted  that  the  deforma'tion  of  metals  may  be 
thermally  activated,  and  if  a  single  mechanism  is  rate-controlling,  one  can 
write  for  the  shear  strain  rate  y 

Y  »  pbs  -  pbsw*  exp 

where  p  la  the  density  of  dislocations  contributing  to.  the  deformation,  b  the 

Bargers  vector,  s  the  average  'velocity  of  the  dislocations,  s  the  product  of  the 

nniwr  of  places  where  thermal  activation  can  occur  per  unit  length  of  dislocation 

^More  detailed  data  on  the  variation  of  4?-r  with  temperature  are  found  In  Bafs. 
5,T,8,  ana  13. 
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ud  the  area  swept  out  per  successful  theznal  fluctuation,  v*  the  fTaqiueocy  of 
vlhration  of  the  dislocation  seffaent  Involved  in  the  thexaal  aetivatioai  and  H  the 
activation  enthalpy  (energy)  which  nay  he  a  function  of  the  shear  stress  t  and  the 
tesgperature  T.  Tor  the  B.C.C.  netals  it  has  been  eetabllshed  (6,8,9/!^)  that  S  is 
prinarily  a  function  of  the  effective  shear  stress  t*,  (i*e.  the  theraal  co»> 
ponent  of  the  yield  or  flow  stress)  given  by  the  difference  between  the  applied 
stress  T  and  the  Img  range  internal  stress  T|i^  l.e.  t*  ■  t  -  T|i.  Ihrther,  one 


can  show  that  (33) 


Rearranging  Bg.  3  and  differentiating,  one  obtains 


(V) 

(W) 


■  dT* 


k  T 


lAere  v  >■  pbsv*  and  -  is  defined  as  the  activation  voluwe  v*. 
V  can  be  obtained  fron  the  relations 


(5) 

(5a) 


Ihe  value  of 


H  »  kT  ln(v/Y) 


(6) 

(6a) 


i.e  from  the  slope  of  a  plot  of  H  versus  T  or  a  plot  of 


If  V  is  relatively  Independent  of  teoqperature  and  stress  per  se,  the  values  of  H, 

V*  and  V  can  then  be  derived  from  the  relationships  between  stress,  tenperatuze 

and  strain  rate  obtained  from  the  usual  mechanical  tests. ^  It)r  polyczystalllne 

^Ihe  values  of  H,  v*  and  the  product  sv*  can  also  be  obtained  from  measuramta  of 
the  effect  of  stress  and  temperature  on  dislocation  velocity  by  replacing  the 
strc^  rate  c  in  l^s.  k-6  with  the  velocl'^  i. 
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B.C.C.  metals  (and  also  single  crystals)  a  reasonable  assumption  is  that  t  ■  ^  a, 
and  Y  ■  0.7  t,  vhere  a  is  the  tensile  stress  and  c  is  the  tensile  strain;  also 
is  approjdnated  by  tor  ^  is  small  compared  to  . 

2.  Activation  fiiergy,  H 

Ibe  variation  of  H  with  1*  obtained  from  the  available  e^Qmrimental  data 
is  shown  in  Figs.  12-18.  Essentially  identical  results  were  obtained  from  the  use 
of  either  Eq.  4  or  ita,  supporting  the  validity  of  the  assumptions  inherent  in  these 
equations.  The  curves  drawn  in  these  figures  represent  the  author's  interpretation 
of  the  varlatlcn  of  H  with  r*  indicated  by  the  data  points.  IQiere  is,  however,  some 
doubt  as  to  lAether  a  change  in  curvature  actually  occurs  at  the  low  stress  and,  for 
the  most  part,  the  data  sxiggest  equally  well  a  rather  rapid  Increase  in  E  as 
approaches  zero.  Of  pairtlcular  significance  in  Figs.  12-18  is  that,  within  the 
scatter  of  the  data,  E  as  a  function  of  t*  is  Independent  of  the  yielding  or  flow 
phenomena  considered  (mlcrocreep,  delay  tjaie,  proportional  limit,  upper  yield  stress, 
flow  and  dislocation  velocity)  and  of  the  structure  (impurity  content,  grain  size, 

and  previous  thermal  or  mechanical  history)  for  a  given  metal.  In  Fig.  I9  it  is 

2  3 

seen  that  E^,  the  value  of  E  at  t*  «  1  Kg/n  ,  is  approximately  equal  to  0.1  ph'^, 

\dien  conqjarlng  the  various  B.C.C.  metals.^ 

A  number  of  investigators  (2,6,34-36)  have  reported  that  the  aictivatlon 

energy  for  yielding  in  iron  decreases  in  a  linear  manner  with  the  logarithm  of  the 

total  applied  stress  r.  For  compeurison,  plots  of  E  versus  log  r*  sure  given  in 

Fig.  20  for  the  various  impure  polycrystalline  B.C.C.  metals. It  is  here  seen 

that  for  such  plots  there  appears  to  be  two  linear  regions,  one  at  very  low  stresses 

^The  shear  modulus  values  were  derived  from  the  relatloi  ■  'i  E,  idiere  E  is  the 
Young's  modulus  at  T  taken  from  Ref.  30. 
tt  ° 

The  values  of  E  and  t*  plotted  in  Fig.  20  were  taken  from  the  average  curves 
drawn  in  Figs.  12-18. 
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•ad  th«  other  at  hl|^  stresMs,  vlth  •  transition  region  In  the  rlelnlty  of 
T*  -  Ihe  alppe  In  the  hl|^  etreas  region  la  ahout  10  tlaaa  that 

in  the  lov  stress  region.  Extrapolation  of  the  stral#t  lines  at  hl^  stresses 
to  1  ■  0  gives  values  of  t*  In  reasonable  agressMnt  vlth  those  obtalnsd  by  the 
other  two  methods;  see  Table  II. 

3.  Activation  volume,  v* 

Tlypleal  vai'iatlon  of  v*  with  t*  is  shown  for  Ta,  W,  and  fe  In  Figs. 

21-23.  There  was  agreement  between  values  obtained  from  Eg.  $  anl  Eg.  5a.  and 
from  graphical  differentiation  of  the  curves  of  Figs.  12-18,  eaeq^t  at  the  low¬ 
est  values  of  Fig.  2k  shows  that  the  activation  volume  as  a  function  of 

stress  Is  similar  for  all  the  B.C.C .  metals.  !Die  values  given  here  were  taken 

from  average  curves  such  as  those  drawn  In  Figs.  21-23*  It  la  seen  from  Fig.  24 

3  2 

that,  for  all  of  the  B.C.C.  metals,  v*  is  about  50  b'^  at  t*  >  2  Xg^m  ,  increasing 

3 

rapidly  to  values  In  excess  of  100  b''  at  lower  values  of  stress  and  decreasing 

3 

with  stress  to  values  as  low  as  2-5  b'^.  Again,  as  for  B,  v*  as  a  function  of 
stress  Is  independent  of  the  yielding  or  flow  phenomena  considered  and  of  the 
structure  (l.e.  of  mechanical  and  thexmal  history). 

4.  Frequency  Factor,  v 

Typlccd.  proportionality  between  H  and  temperature  obtained  for  the 
B.C.C.  metals  Is  shown  In  Fig.  25.  Plots  of  the  average  curves  of  H  vs  T  for 
all  the  inpure  polyczystcQllne  B.C.C.  metals  are  given  In  Fig.  26.  Average  values 
of  V  derived  from  such  plots  for  both  pure  (<  0.005  wt  $)  and  iispure  (>  0.02  wt  f) 
materials  are  given  In  Table  III. 

Additional  evidence  of  the  proportionality  between  H  and  tesq^eratwe  Is 
provided  by  the  variation  of  the  ductile-to-brlttle  transition  temperature  In 

^Thls  disagreement  will  be  discussed  in  a  subsequent  section. 
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the  B.C.C.  metals  with  strain  rate.  Oenerally,  a  strali^t  line  is  obtained  vhen 
the  logarithm  of  the  strain  rate  is  plotted  versus  the  reciprocal  of  the  transition 
temperature  (37«38)>  suggesting  a  rate  equation  of  the  form  s  ■  Tsking 

the  logarithm  of  both  sides  of  this  equation  and  rearranging,  one  obtains 
H  ■  KT  In  V<  (see  Fig.  2?),  lAich  agrees  with  Eq.  6  idien  A  >  v.  Ihis  is  con¬ 
sistent  with  the  analysis  of  Eqs.  3-6,  if  the  transition  from  ductile  to  brittle 
bdmrior  occurs  at  a  constant  stress.  The  values  of  v  derived  from  the  effect 
of  strain  rate  on  the  ductile-to-brittle  transition  are  given  in  Table  IV.  They 
are  in  reasonable  agreement  with  those  obtained  from'  the  yield  and  flov  stress 
measurements  listed  in  Table  III,  indicating  that  the  ductUe-to-brlttle  traxisltion 
temperature  is  determined  by  the  dyneualc  motion  of  dislocations,  as  has  been  pro¬ 
posed  by  Cottrell  (to)  and  Fetch  (24). 

Discussion 

1.  Bate-Controlling  Mechanism 

The  fact  that  the  various  relationships  of  Sqs.  3*6  gave  the  same  values 
of  H,  V*  and  v  Indicates  that  the  postulated  assujiq>tions  are  valid,  at  least  to 
a  first  approximation.  Specif Icsilly,  this  supports  the  contention  that  during 
the  low  temperature  deformation  (<  2.0  T  )  of  the  B.C.C.  transition  metals  a 

m 

single  dislocation  mechanism  is  rate-controlling  and  that  v  is  relatively  inde¬ 
pendent  of  stress  and  teaqperature  per  se.  furthermore,  the  fact  that  identical 
values  of  H  and  v*  were  obtained  for  all  yielding  and  flow  phenomena  (and  the 
ductlle-to-brlttle  transition)  indicates  that  the  same  dislocation  mechanism  is 
controlling  in  adl  cases  mid  that  this  is  associated  with  the  motion  of  dislocations 
throng  the  lattice,  as  distinct  from  a  generation  mechanism,  such  as  breaking  aiiay 
from  an  interstitial  atmosphere.  Finally,  the  fact  that  H  and  v*  as  a  function  of 
stress  were  Independent  of  structure  (i.e.  thermal  and  mechanical  history)  strongly 
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suggests  that  the  rste-eoatrcOllag  medisalai  Is  overeoalng  the  Ihhere&t  reslstaaee 
of  the  lAttlee,  i.e.  overeating  the  Pelerls-lihsrro  stress,  farther  support  for 
the  PelerlS'liherro  aedianlsm  Is  that  dislocstlons  In  Ihe  B.C.C.  aatsls  are  often 
observed  to  lie  along  the  close-packed  directions  (41-43)  •  A  susoary  of  the 
experhMntal  evidence  negating  the  other  mechanlsas  aentioned  in  the  Introduetloa 
is  given  in  TSble  7. 

A  possible  thexnally-aetivated  Bechanlan  for  overcoolng  the  Peierls- 
Nabarro  stress  (energy)  is  that  originally  proposed  by  Seeger  (44)  to  e^^lain 
the  Bordoni  peak  in  7.C.C.  metals  and  is  shown  in  Fig.  28.  It  involves  the 
fomation  of  a  pair  of  kinks  in  a  dislocation  line  lying  in  a  close-packed 
direction  by  the  coehined  action  of  thensal  fluctuations  and  the  agnplled  stress, 
and  the  subsequent  lateral  propagation  of  the  kinks  aloag  the  dislocation  line, 
resulting  in  the  forward  motion  of  the  dislocation.  Seeger  (44)  calculated  the 
activation  energy  for  this  process  at  lov  stresses  to  be 


idxere  is  the  energy  of  a  single  kink  and  Is  the  Peierls-Mbarro  stress  at 
a  P 

0°K.  Furthermore,  Seeger  gives 

.  2.  /2E„  «t>  T®  Y 


^Ibe  thermal  coeqponent  of-  the  stress  t*  has  been  s\d>stituted  for  the  total 
stress  T  in  Seeger 's  equation. 
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and 


(9) 


«FN 


(9a) 


where  SEpj^ls  the  Pelerls-Nabarro  energy  per  atomic  length,  a  the  distance  between 

close-paclaed  rows,  b  the  Burgers  vector  and  the  line  energy  of  a  dislocation. 

o  2 

Hhklng  the  average  value  of  (from  !Cable  II)  for  and  taking  liib  ,  one 

obtains  from  Eqs.  7  and  8,  (t*  =  1  Kg/nm  )  ~  0.1  ph'^j  In  good  egreement  with 

measured  values  of  see  Table  VI.  furthermore,  from  Egs.  7  and  8  one  obtains 
^  =  3-4  X  lO"®  gh^  and  farom  Eq.  9,  Hpj^  =  1-2  x  10“^  gb^;  again  see  Table  VI. 
Taking  the  derivative  of  Eq.  7  with  respect  to  t*  glvOs 

-  ^  =  1 5  •  (“) 

2 

Values  Of  ^  derived  from  the  vcdues  of  v*  at  t*  »  1  X^dib  are  also  given  In 

Table  VI  and  are  In  cgreement  with  those  obtained  from  Eqs.  7  and  8.  For  cca- 

paxlson,  values  of  ^  derived  from  the  slope  of  the  plots  of  H  vs  log  t*  (Fig*  20) 

2 

at  low  stresses  (<  1  JSg/raa)  axe  approximately  1/6  to  l/3  those  calculated  using 

2 

Eqs.  7  and  8,  idiUe  those  derived  from  the  slope  at  hl|^  stresses  (>  10  Ke/mi) 

axe  about  3  to  4  times  larger.  Agreement  occurs  In  the  Intermediate  stress  ruige 
2 

(t*  =  1-5  K^bbi  ),  irtiere  the  plots  show  curvature. 

The  good  agreement  between  the  values  of  and  ^  obtained  from  the 
various  relationships  (Eqs.  7-10)  Indicates  rather  strongly  that  the  nucleatlon 
of  kinks  Is  the  rate- controlling  mechanism  during  low  teiqperature  deformation  of 
the  B.C.C.  metals.  Althou^  the  derived  values  of  t^,  ^  and  are  someidiat 
hle^r  than  those  usually  given  for  close-psicked  metals  (45),  they  are  In  accord 
with  those  calculated  uslnc  the  original  Felerls-labarro  equations  (46)  and  the 
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more  recent  calculations  of  KuhLnann -Wllsdorf  (47)  and  Hdbart  and  Celll  (46) . 

!Die  good  agreaaent  betireen  the  values  of  and  ^  obtained  using  only  esqperiaental 

A 

data  and  those  obtained  using  i  |iib  indicates  w  lat  the  line  energy  in  the 
B.C.C.  Bietals  is  veiy  nearly  ^  pib^. 

According  to  Seeger  (44)  the  vidth  v  of  a  kink  is  given  by 

<“> 

and  the  critical  separation  i*  of  the  kinks  during  thermal  activation  is 


.  V  log 

(12) 

;r  ^  T*  b^ 

^H-Hk 

(12a) 

Ibe  values  of  v  and  of  i'i^(at  t  ^  l  Xg/nn^  obtained  from  Eqs.  11,  12  and  12a  using 

2 

the  average  values  of  and  H  (t*  »  1  Xg/nm  )  from  Table  VI  and  taking 

2 

^  yUo  are  given  in  Table  VII.  It  is  here  seen  that  v  >  7*10  b  and 
X«(t*  «  !t  Kg/nm  )  s  12-22  b,  ^Ich  are  quite  reasonable.  Again  of  signiflcauice 
is  the  good  agreement  between  values  of  I*  from  Eq.s.  12  and  12a. 

For  the  Felerls-Nabarro  mechanism  the  frequency  factor  can  be  given 
by 

[(4*)  (“CXj^O]  <«> 
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vhere  p  Is  the  density  of  dlsloeatlcns  pertleli>atlng  in  the  deformation,  b  the 
Bargers  vector,  jt*  the  length  of  dislocation  segment  involved  in  the  theraal  acti¬ 
vation,  L  the  marlmun  lateral  spread  of  the  kinks  and  the  Debye  frequency.  She 
first  term  within  the  brackets  represents  the  number  of  places  per  unit  dislocation 
length  idiere  thermal  fluctuations  may  nucleate  a  loop  of  length  I*;  the  second  term 
is  the  area  of  the  slip  plane  svept-out  per  successful  thermal  fluctuation;  the 

third  term  is  the  frequency  of  vibration  of  a  segment  of  length  i*.  !Daklng 

Q  *2  •X  8  “X 

p  =  Kr  cm”  ,  1*  =  10b,  L  =  lO"  cm  and  =  10  sec”  ,  one  obtains  w  ■  10  sec”  , 

in  agreement  with  that  observed  experimentally  for  memy  materials;  see  Tables  HI 

and  17. 

Since  H  and  v*  as  a  function  of  t*  were  Independent  of  structure,  the 
effect  of  iiqurltles,  precipitates,  grain  size,  dislocations  and  other  aspects 
of  previous  thermal  or  mechanical  history  on  the  tenperature  dependence  of  the 
yield  or  flow  stress  is  then  due  to  a  change  In  the  frequency  factor  v,  l.e.  In 
the  nuirtier  of  dislocations  p  participating  In  the  deformation  or  in  the  lateral 
distance  L  a  kink  con  move  before  encountering  eui  obstacle.  In  this  regard,  . 
Conrad  and  Frederick  (8)  Investigated  the  effect  of  straining  and  of  interstitial 
precipitates  in  iron  on  the  tenperature  dependence  of  t*.  Some  of  their  results 
are  given  in  Fig.  3t  idilch  shows  that  a  weaker  temperature  dependence  results 
from  straining  euid  from  the  presence  of  precipitates.  Figs.  29  and  30  (taken 
from  their  paper)  show  that  the  weaker  tenperature  dependence  is  associated  with 
a  larger  value  of  v,  given  by  the  slope  of  the  plot  of  H  vs  tenperatirre.  Frcm 
the  relation  v  =  pbsv*  and  taking  the  value  of  sv*  derived  from  the  dislocation 
velocity  measurements  of  Stein  and  Low  (50),  they  obtained  values  of  p,  and  their 
increase  with  strain  (see  Table  vm)  in  agreement  with  dislocation  densities 
determined  by  and  Weissman  {U2)  by  thin-film  electron  microsccpy,  indicating 
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that  the  increase  in  v  vae  due  prinarlly  to  an  increase  in  p.  Ihey  further  concluded 
from  their  results  that  precipitates  represented  good  sources  for  dislocaticms,  in 
agreement  vith  observations  of  Leslie  (^l)  and  Van  Tome  and  Thomas  ($2). 

From  Table  III  it  is  seen  that  the  weaker  tenperature  dependence  of  t* 
for  single  crystals  or  pure  polycrystals  as  congpared  to  isgure  polycrystals  in 
the  Giroup  VIA  metals  and  iron  is  associated  with  a  frequency  factor  that  is  larger 
by  3  to  5  orders  of  magnitude.  These  larger  values  of  v  cannot  be  due  entirely  to 
a  greater  dislocation  density  p,  for  this  would  require  unreasonably  large  values 
for  p.  Rather,  it  appears  that  this  difference  in  v  is  primarily  due  to  larger 
values  of  L  for  the  pure  as  compared  to  the  impure  materials,  suggesting  that 
Interstitial  atoms  or  precipitates  Influence  the  extent  to  lAlch  the  kinks  can 
spread  before  encountering  an  obstacle.  Besides  acting  as  obstacles  to  kink 
motion,  the  interstitial  atoms  or  precipitates  may  Induce  cross-slip,  which  in 
turn  limits  the  dislocation  loop  length  on  the  slip  plane.  Of  Interest  in  this 
regard  are  the  observations  of  Schadler  and  Low  (19 )>  who  report  that  under  some 
conditions  dislocations  in  tungsten  crystals  can  move  long  distances  without 
multiplying,  in  agreement  with  the  high  values  of  v  given  in  Table  III  for 
single  crysteds  of  tungsten. 

All  of  the  above  supports  overcoming  the  Peierls-Nabarro  stress  by 
thermally-activated  nucleatlon  of  kinks  as  the  rate- controlling  mechanism  in 
the  B.C.C.  metals  at  low  temperatures.  However,  e^lanatlon  is  needed  for  the 
fact  that  in  the  vicinity  of  (l.e.  t*  =  O)  H,  for  the  atost  part,  does  not 
Increue  as  rapidly  with  decrease  in  stress  (or  Increase  in  tenqperature)  as  is 
expected  from  the  values  of  v*  or  the  straie^t  line  portion  of  the  E  versus 
teinperature  cuives  at  lower  temperatures.  As  Indicated  earlier,  the  scatter  in 
the  data  etUow  for  a  more  rapid  increase  in  H  than  is  Indicated  by  the  curves 
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drawn  in  Figs.  12-18.  15ie  low  values  of  H  for  stresses  only  slightly  greater  than 
zero  may  then  simply  reflect  the  difficulty  in  defining  t*  »  0  exactly.  AlsOi  v 
may  actually  decrease  with  Increase  in  tea^rature  (or  decrease  in  stress).^  On 
the  other  hand^  a  different  mechanism  may  become  rate-controlling  in  the  very  low 
stress  range.  Additional  work  is  needed  to  resolve  this  problem. 

Finally,  one  needs  to  explain  the  much  smaller  tenqperature  dependence 
of  the  proportional  limit  after  straining  and  the  fact  that  as  defined  by 
Brown  and  Ekvall  (l?),  is  independent  of  temperature.  Also,  in  recent  invest¬ 
igations  on  the  determination  of  H  as  a  function  of  stress  in  ITa  by  creep  tests. 
Chambers  (39)  found  a  spectrum  of  activation  energies  for  very  small  strain  rates 
(lO"^  -  lO"^  sec”^)  rather  than  a  single  activation  energy. There  are  two 
possible  explanations  for  these  various  effects: 

(1)  These  phenomena  represent  the  motion  of  those  specific  dislocations 
located  in  the  most  favorable  internal  stress  fleldf  and  the  applied  stress  pri¬ 
marily  gives  direction  to  the  motion  of  these  dislocations  and  does  not  contribute 
signiflccmtly  to  the  thermally-activated  process. 

(2)  Another  easier  mechanism  is  rate-controlling  at  the  very  low 
stress  levels,  for  example  the  lateral  motion  of  kinks,  as  proposed  by  Brallsford 
(53)  >  or  the  lateral  motion  of  Jogs  as  suggested  by  Chambers  (9^)> 

li.  00th  cases  the  easier  motion  would  soon  die  out  and,  to  obtain  gross  macroscopic 
flow,  the  more  difficult  mechanism  of  nucleating  kinks  would  become  rate- controlling. 
The  rapid  strain  hardening  associated  with  the  eaurly  part  of  the  stress-strain  curve 

^The  change  in  v  may  be  the  result  of  straining  at  different  temperatures  (or  stresses) 
rather  them  the  effect  of  stress  or  temperature  per  se. 

^^As  eui  upper  limit,  Chaoibers  (39)  reported  an  E  versus  stress  relationship  in  agree¬ 
ment  with  that  given  in  Fig.  14. 
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vould  then  he  an  esdiaustlon  hardening  rather  than  an  interaction  hardening,  \Aiich 
occurs  subsequently  during  nacro>flov.  Here,  also,  additional  research  is  needed 
to  resolve  this  question. 

2.  Yield  Point  and  Work  Hardening 

The  fact  that  K  in  Eq.  1  is  relatively  independent  of  teiqperature  «md 
that  the  eustivation  energy  and  activation  voluoie  as  a  function  of  stress  are  the 
same  for  edl  deformation  phenomena  suggest  that  the  yield  point  in  the  B.C.C.  metals 
Is  not  due  to  the  thermally-assisted  unpinning  of  dislocations  from  their  inter¬ 
stitial  atmosphere,  as  proposed  by  Cottrell  (l),  but  rather  results  from  the  sudden 
multiplication  of  dislocations  by  the  double  cross-slip  mechanism  of  Koehler  (^5) 
and  Qrowan  (56),  as  proposed  by  Jc^nstonand  Gilman  (57)  Yor  LiP.  In  this  latter 
model  the  niltiplication  of  dislocations  is  controlled  by  their  motion  througb 
the  lattice,  in  agreement  with  the  e^qperimental  facts.  As  pointed  out  previously 
(16)  three  factors  favor  the  occurrence  of  such  a  yield  point  in  the  B.C.C.  metsils: 

(1)  Initially  there  exists  only  a  small  number  of  dislocations  which  can 
contribute  to  the  plastic  flow,  due  to  the  "pegging"  of  the  available 
dislocations  by  interstitial  precipitates  (as  distinct  from  pinning 
by  an  interstitial  atmosphere). 

(2)  Ihe  dislocation  density  contributing  to  the  pleistlc  flow  Increeises 
very  rapidly  with  strain.  This  jls  inherent  in  the  double  cross-slip 
mechanism  for  multiplication,  emd  has  been  observed  experlmentedly  in 
iron  by  Keh  and  Welssman  (42)  and  in  molybdenum  by  Benson  (58J. 

(3)  The  change  in  stress  for  a  given  cheuige  in  dislocation  velocity 

or  relatively  large;  see  Pig.  2. 

To  check  the  proposed  Interpretation  of  the  yield  point,  stress-strain 
curves  for  mild  steel  were  calculated  (16)  using  Eqs.  1  and  3  and  the  available 


308 


Infonnation  on  the  activation  energy  ae  a  function  of  stress  (71g>  l8),  the 

value  of  sv'*^  derived  from  etch  pit  measurements  in  silicon- iron  (6),  the 

Increase  in  dislocation  density  vlth  strain  (^)  and  the  Increase  in  flow  stress 

associated  with  the  Increase  in  dislocation  density  (UZ) .  The  good  agreement 

between  the  calculated  and  ejqMrlmental  curves  is  shown  in  Fig.  31*  Since  only 

plastic  strain  was  considered,  the  upper  yield  point  was  taken  as  the  stress  at 

-4 

a  plastic  strain  of  10  ,  idilch  is  approximately  the  observed  pre-yield  micro- 

strain  in  iron  and  steel. 
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TABU  I 

mA  tlw  ratio 

0 

f^f  for  pure  (<  0.005  vt  fl  Interstitials)  and  lapire  (>  0.02 

irt  f  tntaratltlala)  B.C.C.  aataLi  for  a  otraia  rat*  of  10*  ooe*^. 

Metal 

V 

T 

0'  * 

*A 

Pure  Inpure 

Aire 

V 

2137 

500 

0.23 

Hb 

2741 

500  500 

0.18 

0.18 

Ta 

3269 

600  600 

0.18 

0.18 

Cr 

2148 

500 

mmmm 

0.26 

Mo 

2883 

450  700 

0.16 

O^k 

W 

3683 

500  850 

0.14 

0.23 

la 

1810 

ZiBLB  II 

300  350 

0.16 

0.19 

Extrapolated  values  of  r*  to  0^^ 

T*#  obtained  by  different  as 

ithods. 

tfetal 

T*, 

T*(irB.)/|» 

X  10^  Kg/m^  T*  vs  T 

log  T*  VS 

T  H  vs  log  T* 

Avg. 

X  10"® 

V 

5.2 

60 

65 

60 

62 

1-19 

Hb 

4.0 

58 

65 

60 

61 

1.52 

Ta 

7.0 

60 

67 

80 

69 

.99 

Cr 

11.4 

79 

90 

80 

83 

.73 

Mo 

12.7 

78 

105 

85 

89 

.70 

W 

15.7 

100 

165 

100 

122 

.78 

pie 

7.4 

49 

65 

60 

58 

.78 

^Tbe  vaj^  of  the  shear  aodulus  was  taken  as  |t  ■  VS  E,  where  B  is  Youncs  andBlas 
at  300^  taken  froa  data  by  Tiets  and  Wilson  (30;  • 
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Tba  fr«fu«Dey  fttetor  9  tor  tb*  B.C.C.  MtAls  obtalnsd  froa 
MMurwMnti. 


jrlaU  or  flov  ftiots 
V  (wc*^) 


Natal 

V 

Hb 

Ta 


Cr 

Ho 


Authora 

Rure  Single 

Impure 

Preaent 

or  Polyeryatala 

Polyenrai 

> 

Cbrlatlan  and  Maatera 

(7) 

— 

Preaent 

(7) 

^8 

10® 

Ghrlatlan  and  Naatera 

... 

Preaent 

“7 

10® 

Cbaaibera  (39) 

(7) 

10^ 

... 

Chrlatian  and  Naatera 

"”a 

10^ 

Nordlke  (I3) 

10^ 

mmm 

Preaent 

10^ 

Preaent 

10^ 

ao« 

W 


Frosant 


Ft  Pratant 

Baainaki  and  ChrUtiaa  (5) 
Conrad  (6) 

Lean,  Plateau  and  Croaaard  (38) 


10 


10 


'8  " 

10®  -  10^ 


TABU  IV 

Valuaa  of  v  derived  fron  the  effect  of  atraln  rate  on  the  duetile-to-brlttle 
tranaltlon  temperature  (Data  fron  Refa.  37  and  38.) 


Natal 

V  (aec*^) 

Cr 

10“ 

No 

10®  -  10“ 

V 

10^ 

Ft 

10®  -  10“ 

311 


312 


«n  n-> 

^  j  X 


o\  ^  VO  CM  H  «n  m 

H  t\|  H  H  H  H  H 


Q  ' 

H  Q 


<3* 


evt  lA  irv  tw  H  H  b- 

•  •  •  •  k  •  • 

^  ^  lA  rr>  ^  <\i 


I 

3 

a 

J 

»4 

h 

« 

I 


I 


CO  00  ^ 

•i  ^ 


I-  I 

Q 


1 


CO  I  evi 

4  9  'o 

“I  i " 

H  00 

a  «•  (u 

*-'9 

• 

“‘■I’' 


OV  -4-  VO  H  O  tVl  <VJ 

**••••  • 
CO  ^  CO  CO  CO  CO  CO 


00  CO  oo  CO  CO  evj  ^ 

•♦••••• 
CO  CO  CO  CO  CO  CO  CO 


CO  CO  CO  lA  CO  CVJ  CO 

♦♦••••♦ 

OV  OV  0\  oo  oo  00  oo 


lA  t-  ov  00  VO  •4’  oo 

•  •••••• 

0\  Q  CO  b-  CO  h- 


I 


21 

^  Ss 

X 


.o 


»A 

VO 

VO 

lA 
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Ibe  Tmlue  of  |i  is  that  given  In  Table  II. 


TAWJ  YII 


Values  of  v  sod  A*  derived  frosi  the  esperiaental  data. 


Metal  v/b  A*/b 


• 

to 

1%.  12a 

V 

8 

15 

Ik 

Hb 

8 

15 

12 

Ta 

9 

17 

13 

Cr 

10 

19 

20 

Mo 

n 

21 

20 

V 

10 

21 

13 

re 

10 

18 

19 
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TABU  vm 


Effect  of  Strain  on  the  Dislocation  Density  Participating  in  the  Plastic  Flow  of 
Iron  Determined  from  the  Fre(]uency  Ihetor  v  (After  Conrad  and  Frederick  (6)) 


Material 

Strain 

V  (8ee~^) 

Vac.  Melt.  Electrolytic 

1  X 

10"  3 

2.1  X 

lo"^ 

8.4 

X  10® 

Iron-W.Q.  from  920°C 

5  X 

10-2 

8.2  X 

lo"^ 

3-3 

X  10^ 

Perrovao  -  Decarb. 

2  X 

10-2 

3.8  X 

10« 

1.5 

X  10® 

10  X 

10-2 

1.7  X 

10® 

6.6 

X  10^ 

20  X 

10-2 

5.3  X 

10^ 

2.1 

X  10^ 

Ferrovac  -  Annealed 

>5  X 

10-2 

53  X 

10^ 

2.1 

X  10^ 
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FIG.  I  INITIAL  YIELD  GTRESe  OF  VARIOUS 

POLYCRYSTALLINE  METALS  VERSUS  T/Tm 
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T/Tm 


Fig.  3  Idealized  stress-strain  curves  for  an 
ultra-pure  iron  at  two  temperatures. 

(AFTER  BROWN  AND  EKVALL  (15)) 
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Fig.  4  Temperature  dependence  of  Ga  for  various  materials 

and  state  of  locking. 

(AFTER  BROWN  AND  EKVALL  (15)) 
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*  RL.  AFTER  0.05  STRAIN  AT  300*  K 
A  FLOW  (c  »0.05) 

W.Q.  FROM  920*  C  AND  AGED  24  HRS  AT  I50*C 
0  LOWER  YIELD  AND  FLOW  (€>0.05) 


FIG.  6  EFFECT  OF  TEMPERATURE  ON  THE  THERMAL 

COMPONENT  OF  THE  YIELD  STRESS  OF  TUNGSTEN 


TEMPERATURE 


,  Kg/mm 


FIG.  7  VARIATION  OF  t*  WITH  TEMPERATURE  FOR 
PURE  (<0.005  WT  •/•  INTERSTITIALB  )  AND 
IMPURE  (>0.02  WT  •/•  INTERSTITIAUB ) 

GROUP  \A  METAU5.  STRAIN  RATE:  lO*^  SEC"' 
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FIO.  8  VARIATION  OF  T  WITH  TEMPERATURE 
FOR  PURE  (<0,00B  WT  %  INTERSTITIALS) 
AND  IMPURE  (>0.02  WT  %  INTERSTITIALS) 
GROUP  VIA  METALS. 

STRAIN  rate:  IO"^  SEC"' 
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FIG.  lO  TEMPERATURE  DEPENDENCE  OF  REVERGIBLE 
FLOW  STRESS  IN  IRON 

[AFTER  BAZINSKI  AND  CHRISTIAN  (5)] 
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FIG.  II.  LOG  T*  VS  TEMPERATURE  FOR  IMPURE 
POLYCRYSTALLINE  B.C.C.  METALS 
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FIG.  12  EFFECT  OF  STRESS  ON  THE  ACTIVATION  ENERGY 
FOR  THE  DEFORMATION  OF  VANADIUM 


Kg /mm 


A9  ‘H 


332 


Kg/mm 


333 


FIG.  16  EFFECT  OF  STRESS  ON  THE  ACTIVATION  ENERGY 
FOR  THE  DEFORMATION  OF  MOLYBDENUM 
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FIG.  18  EFFECT  OF  STRESS  ON  THE  ACTIVATION 
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FIG.  19.  RELATIONSHIP  BETWEEN  Hq(  T*=  I  Kg/mm^) 
AND  fj.h^  FOR  THE  B.C.C.  METALS 

2.8x10-12 
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FIG.  20.  ACTIVATION  ENERGY  VS  LOG  r* 
FOR  THE  B.C.C.  METALS 
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no.  26  VARIATION  OF  ACTIVATION  ENEROV  WITH  TEMPERATURE 
FOR  IMPURE.  POLVCRySTAU-INE  B.C.C.  METALS 


TEMPERATURE,  'K 
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FIG.  27  VARIATION  OF  THE  ACTIVATION 

ENERGY  FOR  BRITTLE  FRACTURE 
WITH  TEMPERATUE.  (after  LEAN, 
PLATEAU  AND  CRUSSARD  (38)) 
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FIO.  28  SEEOER'B  MODEI.  FOR  THERMALLY- ACTIVATED 

OVERCOMING  OF  THE  PEIERL8- NABARRO  ENERGY 
0.  DIBLOCATION  LYING  IN  A  CLOBE-  PACKED 
DIRECTION,  b.  INTERMEDIATE  BTAGE  IN  THE 
FORMATION  OF  A  PAIR  OF  KINKB  OF  OPPOBITE 
BIGN.  C.  FINAL  BTAGE  IN  THE  FORMATION  OF  A 
PAIR  OF  KINKB.  d.  LATERAL  MOTION  OF  THE 
KINKB  UNDER  THE  APPLIED  BTREBB. 


KINK 


DISLOCATION  LINE 


—  a 


DISLOCATION  LINE 
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d. 
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TEMPERATURE,  ‘K 


nOURE  30 

VARIATION  OF  AOTIVATION  ENERGY 
WITH  TEMPERATURE  FOR  FERROVAC 
IRON  (FROM  DATA  OF  BA6IN6KI  AND 

OHRI6TIAN  (5)  ). 
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no.  SI.  COMPARISON  OF  CALCULATED  AND 


EXPERIMENTAL  STRESS -STRAIN 
CURVES  FOR  MILD  STEEL 
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Straln-A,^einK  In  B.C.C.  Metals 


by 


A.R.  Gosenfield  and  W.S.  Owen 
Department  of  Metallurgy  University  of  Liverpool. 


Most  strain-ageing  studies  have  concentrated  on  the  kinetics  of  the 
segregation  of  interstitial  solute  during  ageing,  the  rate  of  depletion 
of  the  mati'ix  concentration  being  followed  by  the  i..easurement  of 
electrical  resistance,  internal  friction  or  some  other  suitable  physical 
property  which  depends  only  upon  the  .resence  of  interstitial  atoms  in 
solution.  The  nature  and  rate  of  the  changes  in  -echanical  properties  have 
been  studied  less  extensively  and  in  this  paper  attention  is  focussed  on 
tins  aspect  of  the  problem,  but  discussion  of  the  relationships  between 
strain-ageing  and  fracture  properties  is  excluded. 

Classification  of  Interstitial  Solutes 

The  eae  al  properties  of  interstitial  elements  in  body-centred  cubic 
lattices  can  be  discussed  systematically  if  a  distinction  is  r-ade  betv/een 
'soluble'  and  'insoluble'  elements,  the  demarcation  being  arbitrai'ily 
cnosen  at  1  atomic  ^ercent  solubility.  The  behaviour  of  insoluble  systems, 
lor  example  iron-C6u:bon,  can  be  described  completely  in  terms  of  tne  iiard- 
sphere  model  v/hich  assumes  that  the  interstitial  atom  is  not  ionised.  The 
interstitial  diffusion  and  the  interaction  of  the  interstitial  v/ith  dis¬ 
locations  can  be  explained  on  the  basis  of  strain-energy  considerations 
alone  and  the  small  solubility  is  a  result  of  large  local  strains  due  to  a 
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relatively  unfavourable  size-factor.  V/hen  considerins  soluble  systems, 

SUCH  as  tantalum-oxygen,  effects  other  them  those  due  to  strain  interactions 
must  be  talcen  into  account.  Internal  friction  experiments  reveal  the 
existence  of  stress-induced  interstitial  atom  mi^raticn^^^  and  on  increasing 
the  oxygen  content  of  Group  5A  metals  tnere  is  a  measurable  increase  in  the 
lattice  parameter  of  the  solvent  lattice^^’^’^\  Thus,  it  must  be  concluded 
th;.  t  strain  effects  are  significant.  However,  from  the  lattice  parameter 
measurements,  oxygen  in  tantalum,  niobium  and  vanadium  has  an  atomic 
diameter  of  about  2.082.  Since  the  diameter  of  unionised  oxygen  atom  is 
about  1.42  and  that  of  the  O””  ion  about  2.642,  it  is  suggested  that  the 
oxygen  in  solution  in  the  Group  5A  metals  is  ionised  w  th  a  single  negative 
charge  • 

The  difference  between  soluble  and  insoluble  interstitials  is  revealed 

clearly  by  considering  the  activation  energy  for  interstitial  diffusion.  The 

data  in  Figures  1-3  were  obtained  either  by  direct  measurements  of  diffusion 

couples,  measurements  of  stress-induced  ordering  (Snoek  effect)  by  internal 

friction  or  they  were  deduced  from  measurements  of  blue-brittleness 
(5) 

temperatures  .  It  is  well  known  that  the  activation  energy  for  self¬ 
diffusion  increases  linearly  with  the  melting  point  Ihi  of  the  metal.  The 
rate-determining  step  is  a  strain  term  and,  because  the  elastic  constants 
are  related  to  the  melting  point,  the  activation  energy  increases  with  Tm. 

A  similar  behaviour  is  expected  for  any  diffusion  process  in  which  the  jumps 
are  controlled  by  strain  considerations  and,  in  fact,  for  the  interstitial 
diffusion  of  insoluble  elements  the  activation  onergy  does  increase  with  the 
melting  ^loint  of  the  solvent.  Hovrever,  for  soluble  interstitials  the 
variation  of  activation  energy  with  melting  point  is  either  very  small  or 
zero  (Figures  1-3).  This  suggests  tiiat  the  diffusion  is  controlled  by 
electronic  efiects  and  a  mode?  in  these  terms  which  provides  a  satisfactory 
qualitative  explanation  of  this  effect  has  been  proposed  by  Stringer  and 
Rosenfield^^\ 
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Dislocation-Interstitial  Binciing  Siierfdes 

According  to  Friedel'  ,  the  binding  energy  between  a  dislocation 
and  an  interstitial  atom  is 


Wj^  a  G  (c)  -  Go  (c) 


(1) 


where  Go  (c)  is  the  free-encrgy  per  interstitial  atom  dissolved  in  a  perfect 

lattice  and  G  (c)  the  corresponding  free-energy  v/hen  the  lattice  contains 

dislocations.  In  general,  taere  are  two  ways  of  measuring  Wj.,  either  the 

solubility  of  cae  interstitial  element  may  be  measured  as  a  function  of  the 

(19) 

tem^;eiv.ture  and  tae  dislocation  density  ,  or  the  yield  drop  may  be 
measured  as  a  function  of  temperature  for  a  specimen  of  knov'n  interstitial 
content  and  dislocation  density.  The  latter  method  depen(5s  upon  the 
assumption  that  the  equilibrium  concentration  of  interstitial  atoms  -t  a 

(20) 

dislocation  line  varies  with  temperature  accordin,q  to  t/ie  relation' 


exp  (-V/j^j/kT) 


(a) 


where  is  the  concentration  wnen  tnere  is  no  segregation.  Above  some 

temperature  T.  ,  C  falls  below  the  saturation  value  C  at  wnich  the  retch 
D  m 

lockLzig  parameter  k  is  just  greater  than  zero.  Thus, 

y 


k  T.  In  (C  /C  ) 
D  o  m 


(3) 


The  value  of  C  is  somewhat  uncertain  as  it  ceoonds  on  the  urecise  model 
m  *  * 

which  is  assumed  for  the  unpinning  of  a  dislocation  line  under  the  action 
of  an  applied  s<iear  stress.  iSstimates  vary  between  0.07  and  1.0. 
Fortunately,  the  value  of  determined  by  this  method  is  quite  insensitive 
to  variations  in  the  value  adopted  for  C  . 

171 

Usually  has  been  determined  by  finding  the  temperature  at  v/hich  the 
discontinuous  yield  disappears  in  tensile  tests  carried  out  at  successively 
higher  temperatures.  Iio'.;ever,  the  conditions  existing  during  tests  at 
elevated  temperatures  do  not  satisfy  the  requirements  of  equation  ?  and  the 
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values  of  deduced  from  them  are  erroneous.  Yield  points  are  observed  at 

low  temperatures  because  dislocations  can  move  under  the  influence  of  an 

applied  stress  faster  than  interstitial  atoms  can  diffuse.  As  the  testing 

temperature  is  raised,  the  temperature  dependence  of  the  dislocation  velocity 

is  less  than  that  of  the  diffusivity  and  at  a  particular  temperature  (aitd 

strain  rate)  the  impurity  atoms  move  vidth  about  the  same  velocity  as  the 

dislocations,  producing  the  blue-brittleness  (serrated  yielding)  phenomenon. 

This  fact  has  been  used  to  caltulate  tne  activation  energy  for  interstitial 
(21) 

diffusion  .  The  discontinuous  ^deld  point  always  disappears  at  a  temp¬ 
erature  just  above  the  blue-brittleness  temperature  because  at  this  temp¬ 
erature  the  interstitial  atoms  are  sufficiently  mobile  for  the  movin^ 
dislocations  to  drag  their  associated  interstitial  atoms  with  them.  Tnus, 
in  these  circumstances  the  disappearance  of  a  yield  drop  does  not  indicate 
the  absence  of  segregated  interstitial  atoms.  The  temperature  T^  for  iron- 
carbon  alloys  is  widely  quoted  as  but  this  was  obtained  from  the 

high  temperature  tensile  tests  of  Boulanger^  euid  consequently  the  value 
of  deduced  from  it  is  incorrect* 

To  determine  T^  it  is  necessary  to  carry  out  all  the  tensile  tests  at 
a  temperature  below  the  blue-brittleness  temperature .  Thus,  a  series  of 
specimens  must  be  quencned  from  successively  higher  azmealing  temperatures 
at  a  rate  sufficient  to  freeze-ln  the  interstitial  distribution.  The 
experimental  difficulties  are  consider. bie  since  it  is  necessary  to  ensure 
that  there  is  no  contamination  of  the  specimen  during  the  annealing  and  the 
quench  and  that  either  the  dislocation  density  is  unaffected  by  the  annealing 
or  that  the  density  corresponding  to  each  annealing  temperature  is  known. 
However,  a  number  of  determinations  of  for  diffez^nt  systems  have  been 
reported  and  these,  together  with  the  limited  data  available  from  measure¬ 
ments  of  solubility  as  a  function  of  dislocation  density  are  given  in  Table  1. 
When  calculating  from  determined  by  the  quenching  method,  the  usual 
practice  is  followed  of  taking  as  1  atom  per  atom  plane  intersecting  the 
dislocation. 

The  binding  energy  has  two  con^nents,  due  to  strain  and  due 
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to  electronic  Interaction  between  the  dislocation  and  the  interstitlsd.  atom* 

(l8) 

These  energies  are  usually  considered  to  be  additive' 


"M 


=  '7 


+  w, 


H2 


(4) 


The  electronic  contribution  to  tae  binding  energy  in  the  iron-carbon  and 

iron-nitrogen  systens  is  zero  because  the  carbon  ^tom  is  not  ionised,  but 

in  systeinc  with  a^.i;rociable  solubility  the  electronic  effect  is  ;i.robably 

significant.  The  heterogeneous  stredn  field  around  an  edge  dislocation 

(19) 

produces  an  electric  dipole  because  electrons  flow  from  the  compressed 
region  above  the  slip  plane  to  the  dilated  region  below.  Thus,  a  net 
negative  charge  is  created  belov/  the  extra  plane  which  attracts  positively 
charged  ions  but  repels  ions  wliich  carry  a  negative  charge.  Thus,  it  is 
expected  that  for  taidai  um-o::ygen  alloys  will  be  less  than  by  an 
amount  V/j^. 

In  general,  the  elastic  strain  interaction  energy  is 
"mi  * 

where  A  is  an  interaction  parameter  which  varies  with  the  elastic  constants, 
the  lattice  parameter  of  the  solvent  and  the  extent  of  the  dilation  of  the 
lattice  by  the  interstitial  atom.  R  is  the  distance  betv/een  the  inter¬ 
stitial  atom  and  the  georietric  centre  of  the  dislocation.  A  can  be 

(26) 

estimated  from  tne  Cottrell-Bilby  model  or  from  refinements  of  this 

(27) 

model  such  as  tnat  due  to  Cochardt,  Schoeck  and  Vdedersich' 

The  dilation  caused  by  a  carbon  atom  in  an  iron  lattice  can  be 

esti.'ji.ited  from  thr?  measured  lattice  oarameter  chan-e  of  tho  martensite 

,  (26) 

lattice  vdth  carbon  content  and  similar  calculations  can  be  made  from 
tne  lattice  parameter  change  with  increasing  interstitial  content  for  those 
alloy  systems,  such  as  tantalum-oxygen,  which  do  not  form  martensite  but 
which  have  appreciable  solubility.  It  is  usual  to  assume  that  H  is  one 
Burgers  vector.  The  calculated  values  of  are  compared  with  the  experi¬ 
mental  values  of  in  Table  1.  In  iron-carbon  alloys  vv'j^  and  are 
identical,  confirming  the  prediction  that  the  interaction  in  these  alloys 
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is  entirely  due  to  elastic  strain.  However,  in  the  tantalum-oxygen  case  V/jj 
is  slightly  less  tiian  requiring  to  be  ne.vative,  although  the  difference 
is  probably  onl;'  a  little  gr.  ater  than  the  possible  experimentsd  error.  The 
sign  of  .Vj^2  consistent  with  the  concept  of  a  negatively  charged  oxygen  ion 
in  the  tantalum  lattice  anr  the  nagnitude  of  W„_  is  about  that  expected  from 
the  electronic  interaction,  nccordlng  to  Fidedel^ 


■'H2 


■ 


(6) 


where J  e  is  an  effective  value  of  charge  and  As  is  the  width  of  the  conduction 
band.  The  value  of  e  in  tantalum  alloys  depends  upon  a  screening  constant 
v/hich  is  Known  only  approximately,  a  reasonable  value  being  0.3»  From  the 
difference  (Table  l),  v;  seems  to  be  about  0.1  eV  and  thus,  from 

equation  6,  >4  a  is  about  7  eV.  Tiiis  is  not  an  unre..8onable  value  for  the 
width  of  the  conduction  band  in  transition  netals.  Thus,  although  estimates 
of  this  t  qie  are  in<.vitably  very  crude,  there  appears  to  be  grounds  for 
suggestin.;  ti.at  in  tantalum-oxygen,  and  probably  in  similar  alloys,  t.iere  is 
a  significant  e^^ectrouic  contribution  to  the  dislocation-so. ute  interaction 
Ci.ergy. 


The  Variation  of  the  Yield  Parameters  with  Ageing 

Until  recently  it  ..as  generally  assumed  that  the  return  of  the  yield 
point  could  be  described  completely  in  terr:s  of  Cottrell  pinning  theory;  the 
interstitial  atoms  being  attracted  to  the  dislocations  during  ageing  under  the 
influence  of  the  elastic  strain  field  interactions  and  t.iermal  diffusion.  The 
diifere.ice  C/\d  )  between  the  lower  yield  stress  (  )  of  the  aged  specimen 

and  the  streus  at  widch  the  specimen  is  unloaded  before  ageing  (o^p)  increases 
vdth  ageing  time  and was  assumed  to  be  a  direct  measure  of  the  degree  of 
saturation  of  pinning  sites  near  the  dislocation.  However,  it  is  now  clear 
that  phenomenologically  t.;ere  are  two  parameters  involved  in  the  ;deld  stress; 
k  which  is  a  measure  of  the  local  stress  required  to  activate  a  new  dis- 

y 

location  source  and  the  friction  stress  opposing  the  propagation  of  a 
slip  band^^*^\  iilthough  it  is  probable  that  in  lightly  aged  specimens 
dislocation  sources  are  produced  by  the  unpinning  of  dislocations as 
^dsualised  by  Cottrell^^^\  it  seems  tiiet  existing  dislocations  si's  easily 
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completely  i-iViObiliscd  so  t.iat  the  diccoiitinuous  yield  occurs  by  the  generation 
of  dislocations  from  other  discontinuities  such  as  surfaces  or  grain  boundaries, 
'fbus,  1:  is  not  necessarily  related  to  unpinning,  according  to  Petch^^^^ 

y 


■ 


°i  *  "y  ^ 


-1 


(7) 


The  relation  b-jti.'een  stress-strain  curves  for  the  j..rest;'ained  and  the  u^.ed 
S;'ecimen  !;■  shown  sc-iemc.ticaaly  in  Pigure  4, 

(S'  =  O'  *  Acs'  +  k  d“^  (8) 

y  p  f  y 

and  since,  by  definition^^=  -  6^ 


=  Acs'.  +  k  d' 

1  y 


(9) 


Thus,  the  increase  in  yield  stress  on  c.  einj-  n_,s  tv.'o  components.  _his  v/as 
first  demons  wratvd  ex_  erinientall.'/  by  ..'ilson  and  i<ussell^^^\.’ho,  by  app.;ying 
the  retch  r.jothod,  shoi.’ed  t.-at  in  iron-carb ''n  alloys  Girc.in-..,geiny  is  a  two 
step  pix)cosa;  i^rst  ..  increases  to  a  tnaximum  value  v.mleAi^  rer.ains  zero 
and  subre ■  uo.itly Atf-  increases.  The  Petch  method  for  dotemining  k  and 

•  y 

AcTf.  which  depends  u^on  r;-:asuriny  the  varietion  of  ield  stress  \<Lth  grain 

size,  is  valid  only  if  t..e  s"bstr«ctere  and  distribution  of  submicroscopic 

.reci.itates  are  unaffected  by  the  tr...'.t;;ents  used  to  establish  a  rajige  of 

grain  size;  a  condition  wiiich  is  satisfied  appro::! r.iately  for  iron-'uase  alloys 

v;hich  are  a^mealed  c.n’ourh  the  ,  hace  change  but  which  is  not  usually 

achieved  experimentally  with  other  bocl,7-centred  cubic  metals.  Fortunately, 

O'.  (K.gure  4)  can  be  deterndned  by  a  method  which  dees  not  require  the  use 
3 

of  grain  size  as  a  controlled  variable.  The  homogeneous  strain-hardening 
curves  AB  and  CD  (Figure  4)  can  be  re^.resented  exactly  by  equations  of  the 
for..i 

0'=  Kg."  (10) 


W'lere  K  is  tne  stre.igth  constant,  the  streln  and  n  the  strain-liar  ening 
index.  So  that 
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K  an  n  ure  b3c;t  found  frorr.  a  JLO:,aritiiniic  stress  versus  los&rithmic  strcin 
plot  of  CD, 

2x^.oriinental  studies  of  strain  acoing  which  enable  tae  changes  in 

and  ky  to  be  distinguished  have  been  reported  only  in  the  last  few  years,  and 

tne  information  available  is  limited,  Hov/?vcr,  both  soluble  (taiit^lum-oxygen^'^,^^ 

voiiccium  '.vith  caibon  anu  nitre  and  insoluble  (iron-carbon^ and  iron- 

(35^ 

cilicon-carbon'  systems  have  been  examined  and  thus  it  is  possible  to 
iral:e  seme  comparisons.  On  ..geing  at  26l®K  mild  steel  specimens  which  had 
been  quenched  from  700®C  anc  restr.ined  4  p  'rcent  V/ilson  and  Russell^^^^ 
found  a  rapid  initial  increase  in  ;deld  stre  s  which  they  attributed  to  stress- 
induced  local  or. erinp  of  the  interstitial  a to  is  in  the  stress  field  of  the 
c'isiocation  (onoek  effect).  This  effect  is  not  found  in  taiit-lum-oxygen  alloys 
at  similar  te.'A.er  .tures  anc.  strain-rates  because  the  jump  time  is  too  long* 

For  Carbon  in  Ir-n  the  ju..;p  time  ..t  293^K  is  about  0.6  seconds  but  for  oxygen 
in  tantalum  it  is  about  468  miautes. 


After  an  iucubati  n  ..eriod,  increases  vdth  ageing  time.  On  ageing 
iron-carbon  alloys  at  60®C  a  i.iud..;.uni  value  is  reached  when  the  concentration 
of  cerbon  i.t  the  dislocations  is  1  or  2  atoms  ;-er  atom  plane  intersecting  the 
dislocation  line,  but  the  k  value  for  tantalum-oxygen  a  -od  at  the  sane 

y 

temperatoi'e  levels  off  when  le.es  t.ian  a  tei.tn  of  the  available  dislocation 
sites  are  occupied  by  oxygen  uto;.'.s.  The  small  k  v/hich  is  developed  varies 

y 

very  little  with  testiny  te  iperature.  Similar  results  have  been  found  for 

(3a) 

vanadium-carbon-nitrogen  alloys'  This  contrasts  with  the  iron-carbon 

alloys  in  which  the  k  is  markedly  temperature  dependent  in  lightly  aged 

y 

specimens  but  insensitive  to  testing  temperature  when  fully  aged.  It  may 
be  that  these  differences  are  a  result  solely  of  the  differences  in  diffusiTities 
of  the  interstitial  elements  and  tnat  parallel  results  to  those  found  in 
iron-carbon  can  be  found  in  the  tantalum  and  vanadium  alloys  when  ageing  is 
carried  out  at  higher  te.r.peratores.  This  aspect  of  the  subject  has  not  yet 
been  explored  experimentally.  A  striking  feature  of  strain-ageing  is  that  the 
value  of  k^  developed  in  a  fully  aged  specimen  is  appreciably  smaller  than 
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for  the  alloy  In  the  annealed  oondition.  This  effect  has  been  attributed  to 
the  higher  dislocation  density  in  prestrained  specimens ,  but  in  all  the  alloys 
so  far  examined  the  concentration  of  solute  is  much  in  excess  of  that 
required  to  saturate  the  dislocations  when  segregation  is  complete  and  so 
this  explfimation  is  not  tenable*  Possibly, the  effect  is  controlled  by  the 
kinetics  of  the  strain-ageing  process.  In  tantalum  the  di .. i'usivity  of 
oxygen  is  very  slow  and  k  fpr  specimens  fully  aged  at  100®C  is  only  about 
one  tenth  of  the  annealed  value'  The  diffusivity  of  carbon  in  iron  is 
appreciably  -aster  and  about  one  third  of  the  annealed  k^  is  developed  on 
ageing  for  long  times  at  On  ageing  iron-silicon-carbon  alloys  at 

150°C  about  two-tiiirds  of  the  annealed  k  value  is  obtaiiied  in  fully-aged 

y 

specimens'  Again,  this  points  to  the  need  for  e:.tensive  systematic  study 
of  ageing  effects  at  higher  ageing  temperatures. 

The  experimental  data  show  clearly  t.iati&^  and  k^  are  independent 
paraneters.  In  alloy  systems  in  which  the  solubility  of  the  interstitial 
element  is  very  small  there  is  obvi^^usly  a  tendency  for  ;,>recipitation  to  occur. 
In  the  iron-carbon  alloys  studied  by  Wilson  aind  ibissell  the  initiad  increase 
in  k  was  not  accompanied  by  an  increase  in<d^,  indicating  that  the  Cottrell 
atmospheres  or  precipitates  formed  as  a  result  of  the  carbon  segregation  to 
dislocations  in  the  early  stages  of  strain-ageing  do  not  offer  an  effective 
resistance  to  the  motion  of  unpinned  dislocations.  However,  ^  ^  ^  does 
increase  after  longer  ageing  time  but  before  any  precipitate  con  be  detected 
by  electron-transmission  microscopy.  TUis  increase  has  been  attributed  to 
carbon  clusters  or  sr.bmicroscopic  precipitates  formed  after  all  the  dislocation 
sites  are  occupied.  The  relative  c.ian  es  in  k^  and  with  time  on  apeing 
at  dO®C  are  shovn  in  iUgure  5.  n  similar  seouence  of  changes  was  found  by 
Smallman  and  Lindrey'  '  in  impure  vanadium.  Although  carbon  and  n..tro;;en 
iiave  an  appreciable  solubility  in  vanadium  the  alloy  clearly  contained  some 
insoluble  -lenient  since  precipitates  nucleated  on  dislocation  lines  were 
clearly  visible  by  electron-transmission  micro  raphy  on  aeing  at  75^°C.  In 
alloys  containing  only  soluble  interstitial  elements  no  incre-se  in 

due  to  .  recif itation  or  preprecipitation  effects  is  likely  to  occur. 
Nevertheless,  it  is  observed  that  incroases  with  ageing  time.  In 
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tantaluni-ox”cen  c.l.;oys  starts  to  increase  at  the  same  time  aSi  or  even 

before,  any  ciian  e  in  can  be  det-  cted  (Fi/jure  6).  Effects  vihich  have  been 
su{-:  estcd  to  account  for  the  increase  in^dF^  ar?  the  pinning  of  forest  dis¬ 
locations,  thus  .  ncrs-asin."  t.ieir  resistai.c2  to  the  _.assa  e  of  rt-ide  dislocations, 
and  .  ne  jo^p’jing  of  ^jlide  dislocations  by  tne  segregation  of  vaCcUiCies  to 
dislocation  lines.  'I'ne  cb.yervatiun  that,  in  t..'...talum-oxypen  restrained  at 
293°i^,  a;  ed  at  372°F‘  tested  at  232°K,  increases  long  before  t.:ere  is 

an,,  chan  e  in  k  seems  to  eliminate  the  first  suggestion.  The  vacancy 

y 

ser:re3ation  hyv-otiiesie  has  not  been  tested  adequately.  Preliminary  ex..erimcnts 
on  t .  ntalum-oxygen  alloys  indicate  tliat  the  increase  in  with  eigeing  time 
is  much  less  marked  in  cuench-aged  specimens  tlian  in  ..restrained  specimens  aged 
at  the  same  teioerature  and,  becaase  the  v.  cancy  concentration  in  the  latter 
specimens  is  expected  to  be  higner,  this  suggests  that  the  role  of  vacancies 
is  iraporta.;t.  Hov/ever,  it  is  not  feasible  to  carry  out  parallel-  experiments 
on  ruenched  and  prestrained  specimen!-  with  tne  same  dislocation  density,  nor 
i.s  the  cliange  in  strain-hardening  in’ex  c  i;vatible  v/ith  a  simple  vacancy 
segregation  model,  so  tiiat  for  the  resent  thic  hypothesis  must  also  be 
considered  to  be  tentative. 

The  Rate  Controlling  Step 

It  is  usual  to  ca  culate  a  heat  of  activation  Ah  from  experimen  al 

data  relating  the  chan.e  of  some  physical  property  with  ageing  time  to  the 

ageing  tem..erature,  assuming  an  Arrhenius  relationship.  The  values  of  AH 

measured  by  cnanges  in  the  yield  stress  (AO,  electrical  resistance  and 

internal  friction  .eaivS  are  in  surxiidsingly  good  agreement.  Data  tdiich  would 

enable  A  H  to  be  calculated  ixidepeadently  for  crianges  in  k  and  A<y  are  not 

y  X 

available.  Hov/evc-r,  from  measurements  taJ:en  during  the  period  when  only  k 

y 

is  changing,  it  is  clear  that  the  rate  of  diffusion  of  the  most  rapidly 
diffusing  interstitial  element  controls  the  segregation  to  dislocations  during 
the  early  stages  of  strain  agein  .  1%us,  the  fact  that  reasonably  good 

agreement  between  Ah  for  the  cnanpe  in  A  6  and  Ah  from  measurements  which 
depend  upon  the  rate  of  depletion  of  the  m. trix  interstitial  solid-solution 
is  maintained  at  later  stages  of  ageing  when  the  change  in  A^  is  significant 


360 


8Ug£;ests  txiat  tne  controlling  activation  energy  for  is  eithar  that  for 
the  fastest  moving  interstitial  or  for  G<-me  other  process  with  nearly  the 
same  activation  energy. 

Johnson^^*^^  has  claimed  that  the  rate  of  change  of  electrical  resistivity 
on  ageing  niobium  can  be  explained  by  vacancy  migration  because  the  measured 
activation  energy  is  0,25-0.30  times  the  .  ctivation  energy  for  self-diffusion. 
When  all  the  available  values  of  Ah  for  strain  ageing  processes  are  plotted 
as  a  function  of  the  melting  point  (ITm)  of  the  solvent  metal  the  best  fit  is 
given  by  Ah  ■  0,3  (Figure  ?).  Brooks'  ^  h=.s  estimated  theoretically  that 
AH  s  0.2  ^Db.  Thus,  either  the  theoretical  estimate  of  the  proportionality 
constant  is  incorrect  or  the  rate  controlling  step  is  not  vacancy  migration. 

Soae  support  for  the  concept  of  control  by  vacancy  migration  is  available  from 
the  limited  data  on  the  rate  of  recovery  of  irradiated  materials.  AH  derived 
^rom  measurements  of  the  isothermal  recovery  of  electrical  resistance  after 
irradiation  in  an  atomic  ile  are  listed  in  Table  2.  Considerable  agoing 
occurs  in  tho  pile  and  freshly  irradiated  s.ecimens  have  well-developed  yield 
points  but,  although  there  is  no  subsequent  change  in  k^,  on  isothermal 
annealing  the  flov/  stress  increases,  corresponding  to  u  change  in  This 

lattice  hardening  is  usually  considered  to  be  the  ro;i5ult  of  vacaiicy  i' ration. 
For  the  metals  for  wliich  data  are  available  (IVb,  Mo,  V.’),  the  values  of  All 
for  the  recovery  of  electrical  resistejice  after  irradiation  apree  closely  v/ith 
tnose  for  the  change  inA<}on  strain  ageing. 

The  other  possibility  is  that  all  stages  of  strain-ageing  are  controlled 
by  the  diffusion  of  the  fastest-moving  interstitial  clement.  As  shown  by 
the  data  collected  in  Table  2,  in  general  there  is  good  agreement  between  A  H 
derived  from  measurements  of  the  rate  of  change  of  Atf  and  Ah  for  diffusion  of 
the  appropriate  interstitial. 

Thus,  it  must  be  concluded  t.nit  the  available  data  are  insufficient  to 
enable  an  unambiguous  distinction  to  be  made  betv/een  Interstitial  element 
diffusion  and  vacancy  migration.  It  is  possible  that  the  rate  controlling 
step  varies  v/ith  the  alloy  system  and  with  the  different  stages  of  strain 
ageing.  liowever,  before  these  questions  c.n  be  answered  it  is  clear  that  much 
more  ijrecise  data  on  the  activation  energies  for  interstitial  diffusion. 
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vucGiicy  mi£’r,-,tion  anc’  t;ie  change  in  inecnanic-l  .ro^-;ertiea  during  strain 
a  einc  are  required.  It  is  particularly  imiiortant  t.,_t  in  Tuture  v.’ork  ex.  eri- 
ir.ents  are  desi:'n'd  wiiich  separate  exTciits  Lrod.;cinr  c.ian  -es  in  k  xrcm  those 
ui.Tecting 

■  LClmowled'T'.ments 

Xiiis  work  is  sup;'ortrd  l;/  tiio  Liuted  otutes  .-vir  Jf^orco  i  nc’er  contract 
number  Ar33(^l6)-6o33  Materials  Laboratory  a. C.  .vrig.it-ratte.'son  -uLr 
£  0I*C6  f  ^  rdo;  Manlajs  -:ic.  Lubcciu .vet  number  105.  nad  u;.e:ul 
discussions  v;ith  Lr.  o.  otrin  er,  Jr.  L.  .iu!'l  ouiJ.  ot.ier  collea  ues  at  t..e 
u'nive  -sit,  of  Liverpool. 
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Table  1 


Measured  and  Calculated  Binding  IJnergies 


System 

Reference 

\tJ..  Measured 

M 

eV 

iV.„  Calculated 

HI 

eV 

Calculated 

M2 

eV 

Ar Calculated 
djpies 
cm 

je-C  1 

23 

O.oO 

0.76 

0 

3.0  X  iO"^ 

Fe-IU 

24 

0.73 

19 

0.71 

Ta-0 

25 

0.54 

0.64 

-0.10 

2.9  X  10"^ 
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Table  2 


Measured  .activation  f^erraes  xor  otrLln-A;~eiriff  Processes.  Interstitial 
Dil’i'usion  ^.nd  recovery  of  .-{adiatioii  Damage  in  o.C.C.  Metals 


Material 

Metnod  Reference 

Ageing 

AH  for 

AH  for 

AH  for 

Tet-ii'erature 

strain 

Interstitial 

Recovery 

agoing 

Diffusion 

ax  ter  Irradia- 

C 

eV/atom 

Element 

eV/atom 

tion  eV/atom 

Change  in 

23 

25-60 

0.78 

A^Internal 

1 riction 

O.o9 

N 

0.8l 

C 

0.89 

V 

Change  in 

/\cr 

2 

125-200 

1.20 

Change  in 

ik 

100 

1.09 

C 

1.19 

Cr 

Internal 

friction 

39  ' 

30-330 

-'1-1.5 

C  or  H 

1.26 

m> 

Change  in 

A<r 

40 

100-162 

1.17 

iHectrical 

Resistance 

41 

lOO-ltO 

1.22 

0 

1.17 

Electrical 

Resistance 

4l 

100-1.0 

1.22 

Mo 

Electrical 

Resistance 

Internal 

42 

100-1.0 

1.25 

Friction 

43 

300-400 

1.3-1. 5 

Change  in 

44 

575-700 

1.58 

Electrical 

Resistance 

45 

*-150 

1.3 

C 

1.45 

Electrical 

Resistance 

4l 

140-200 

1.25 
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Table  2  (continued) 


Mo 

l^lectrlcal 

Sesistance 

^5 

150 

1.30 

Ta 

SLectrical 

l^esistanee 

45 

120-180 

1.25 

0 

1.11 

W 

“Ilcctrical 

Hesistaiice 

'Pure' 

46 

3-:5-650 

1.7 

'Doped' 

46 

325-650 

2.3 

iile  Ctrl  cal 
KG' istance 

>'350 

1.7 

c 

1.72 

lilectrical 

iiesistance 

48 

3:0-450 

1.7 
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MELTINO  POINT  (*K) 

Figure  1  The  variation  of  activation  energy  for  the  diffusion  of  nitrogen  with  the  melting  point  of 
the  solvent.  Circles,  high  solubility;  squares  low  solubility.  Full  points  evaluated  from 
Portevln»le  Chatelier  effect.  Stringer  and  Rosenfield  (6). 


STRESS 


Figure  ^  Schematic  stress-strain  curve  for  a  prestrain,  a^e  and 
retest  sequence. 
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Figure  6  and  k  for  tan  I.  alum-oxygen  as  a  function  of  ageing  time  at  lOO^C.  Prestrsdned  and 
tested  at^l95*K.  Rosenfleld  and  Owen' 33). 
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HARDENING  BY  SFINOOAL  DECOMPOSITION 


John  W.  Cahn 

General  Electric  Research  Laboratory 
Schenectady,  New  York 


ABSTRACT 

The  effect  of  the  Internal  stresses  produced  by  splnodal  decomposition  on 
dislocation  behavior  is  investigated  for  several  slip  systems  in  cubic  materials. 

INTRODUCTION 

There  has  been  much  work  on  the  effect  of  precipitation  on  mechanical  proper- 
ties^~^.  Almost  all  of  the  theoretical  work  has  been  concerned  with  discrete 
particles,  either  coherent  or  Incoherent.  There  exist,  however,  a  number  of  pre¬ 
cipitating  systems  in  which  the  early  stages  of  precipitation  resemble  long-range 
coherent  composition  fluctuations  with  no  abrupt  changes  in  composition.  This 
kind  of  precipitation  results  from  a  thermodynamic  instability  called  the  spi- 
nodal.  The  theory  of  splnodal  decomposition  has  been  developed  for  both  iso¬ 
tropic^*  ^  and  cublc^  materials.  There  is  good  reason  to  believe  that  a  number 
of  important  age  hardening  alloys^  belong  to  this  class,  among  them  the  nickel 
base  Inconel  80  and  Nimonics.  It  is  the  purpose  of  this  paper  to  explore  theore¬ 
tically  how  the  mechanical  properties  of  a  cubic  crystal  should  be  affected  by 
the  long-range  coherent  composition  fluctuations  resulting  from  splnodal  decompo¬ 
sition. 

At  a  first  glance  a  structure  of  such  composition  fluctuations  might  seem 
too  vague  to  give  any  hope  of  calculating  much  about  its  properties.  Actually 
Just  the  reverse  is  true.  There  is  a  great  deal  of  regularity  in  this  structure. 
In  cubic  crystal  the  composition  fluctuations  are  best  described  as  interpenetra¬ 
ting  stationary  (non-propagating)  (100)  plane  waves.  This  has  been  derived  t.  o- 
retically^  and  the  sharp  directionality  has  long  been  known”  experimentally  from 
the  streaking  of  X-ray  spots.  We  will  therefore  assume  that  we  are  dealing  with 
fluctuations  all  of  whose  Fourier  components  have  <100>  wave  vectors. 

For  some  of  the  calculations  it  will  also  be  assumed  that  the  structure  con¬ 
sists  of  only  three  perpendicular  (100)  v^aves  all  having  the  same  wavelength. 

Again  there  is  good  experimental  and  theoretical  Justification  for  choosing  a 
single  wavelength  to  describe  the  structure  in  the  early  stages  of  decomposition. 
Such  a  structure  consists  of  two  interpenetrating  simple  cubic  arrays  (a  large 
CsCl  structure)  of  pseudo  particles  (maxima  and  minima  in  composition),  connected 
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by  an  interpenetrating  simple  cubic  lattice  work  of  <100>  pseudo  rods. 

The  experimental  variables  at  our  disposal  are  amplitude  of  the  Fourier  com¬ 
ponents  and  wavelength  of  the  most  prominent  ones.  Temperature  of  aging  primarily 
affects  the  wavelength,  wlille  time,  at  temperature,  primarily  affects  amplitude. 
Thus  we  can  change  the  spacing  and  resistance  to  deformation  of  our  pseudo  par¬ 
ticles.  The  spacing  ranges  from  10^  to  lOu,  and  the  amplitude  Is  usually  limited 
by  the  loss  of  coherence  which  occurs  when  the  lattice  parameter  variations  due  to 
the  composition  variations  result  In  strains  of  the  order  of  percents. 

In  this  paper  we  will  discuss  the  force  on  a  single  dislocation  due  to  the 
Internal  stresses  and  composition  gradients  In  the  undeformed  structure. 

THE  INTERNAL  STRESSES 

Consider  first  a  single  Fourier  component  of  the  composition  fluctuation 
whose  wave  vector  0  Is  In  the  [001]  direction  (z  direction)  and  whose  amplitude 
is  A(p) 


c  -  c  =  AO)  cos  pz  (1) 

0 

dlnft 

In  a  cubic  alloy  of  average  composition  c^.  Let  —  describe  the  compo¬ 

sitional  variation  of  stress-free  lattice  parameter  a.  fhe  internal  stress  o 
produced  by  this  plane  wave  Is  given  by 

0  “0  *  (tySicY)  ■  An  y(lOO)  cos  pz 

XX  yy 

(2) 

a  =0  “0  *0  "O 

zz  xz  yz  xy 

where  Y(IOO)  -  +  20^2) 

Consider  next  the  superpositioning  of  all  Fourier  components  whose  wave 
vectors  are  in  the  [001]  direction 


0 

XX 


■  S3<‘> 


0  -0  “o  *0  “0 

zz  xz  yz  xy 


(3) 


tdiere  S,(z)  is  given  by  integrating  equation  2  over  all  Fourier  components  in 
the  z  direction 


S,(z)  -  qY  /  A(P)e^^  dp  . 
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For  the  [100]  end  [010]  conq^ncnts  we  ney  define  elmiler  quencities  for  the 
intemel  etreee,  S^(x)  end  S.(y)  reapectlvely.  Thus  the  intemel  stress  result¬ 
ing  from  ell  Fourier  components  is 


SjCy)  +  S3  (2) 
0 
0 


83(2)  +  Sj(x) 


0 
0 

Si(x)  +  s^Cyy 


(4) 


For  the  perticuler  case  of  three  equal  perpendicular  waves  of  the  same  wave¬ 
length  2ir/p 


Sj(x)  ■  AqY(lOO)  cos  gx 

S2(y)  ■  AqY(lOO)  cos  Py  (3*) 

83(2)  =  AqYClOO)  cos  . 


The  stress  pattera  is  a  tessellated  stress  in  the  literal  sense.  Although 
the  literature  on  tessellated  stresses  is  voluminous^,  there  appear  to  be  only  a 
few  papers^^®"^^)  which  consider  Internal  stresses  that  vary  sinusoidally. 

THE  FORCE  ON  0I8L0CATI0NS  DUE  TO  THE  INTERNAL  STRESSES 

In  this  section  we  shall  derive  the  forces  exerted  on  a  dislocation  by  the 
internal  stress  field.  These  forces  are  superimposed  on  those  resulting  from  an 
externally  applied  stress.  We  shall  follow  the  sign  convention  of  Nabarro^ 
throughout,  and  thereby  eliminate  and>iguity  regarding  the  sign  of  the  force.  For 
simpler  stresses  it  is  sometimes  convenient  to  rotate  axes  so  that  the  Burgers 
vector  is  parallel  to  x  and  the  slip  plane  is  the  xy  plane  and  then  determine 
the  suignitude  of  the  force  from  bo  and  the  sign  from  physical  intuition.  For 
the  present  case  intuition  is  not  quite  as  easy  to  apply,  and  Nabarro's  conven¬ 
tion  applied  to  the  Peach  and  Koehler  formulation  will  be  used  since  it  gives,  in 
a  quite  straightforward  manner,  not  only  the  magnitude  of  the  force  but  also  its 
direction. 

The  force  F  on  a  dislocation  per  unit  length  produced  by  a  stress  field  0 
is 

F  »  (b*a)x5  (5) 

where  b  is  the  Burgers  vector  and  ^  the  unit  tangent  to  the  dislocation  line. 
The  sign  of  b  depends  on  the  direction  in  which  the  Burgers  circuit  is  taken 
which  in  turn  is  related  by  convention  to  the  direction  of  ^  so  that  the  sign 
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of  F  depends  only  on  the  physical  situation  and  not  on  the  direction  of  the 
Burgers  circuit.  Reversing  ^  also  reverses  b. 

The  force  on  a  dislocation  is  always  at  right  angles  to  and  for  edge  dis 
locations  consists  of  both  climb  and  glide  components.  The  glide  component  F 
is  given  by  * 

F  “  (nx5) (bon)  (6) 

8 

where  n  is  the  normal  to  the  glide  plane.  Reversing  the  sign  of  n  leaves  F 

unaltered.  The  product  bon  is  bo  if  the  coordinate  axes  are  rotated  so  ^ 

xz 

that  b  coincides  with  the  x  axis  and  n  with  the  z  (slip  on  the  xy  plane) 
The  vector  product  (nx^)  is  a  unit  vector  in  the  slip  plane  at  right  angles  to 
the  dislocation.  According  to  equation  6  the  magnitude  of  the  force  on  a  disloca 
tion  is  independent  of  the  direction  of  the  dislocation  line.  The  product  of  re¬ 
solved  shear  stress  (l/|b|)  (bon)  and  the  Burgers  vector  determines  the  magnitude 
of  the  force,  and  the  remainder  of  the  expression  serves  to  determine  its  direc¬ 
tion. 


Equation  6  applies  equally  well  to  screw  dislocations  but  since  these  can 
glide  on  a  nundier  of  planes  it  is  sometimes  convenient  to  use  equation  5  which 
for  screw  dislocations  becomes 

P  -  (b*oxb)  .  (7) 

This  gives  the  force  on  the  dislocation  and  its  direction,  rather  than  the  force 
resolved  in  some  plane  n. 


Let  us  now  apply  these  equations  to  the  internal  stress  given  by  equation  4 
to  a  dislocation  whose  Burgers  vector  has  components  (b^^,  b^,  b^)  and  which  slips 
on  a  glide  plane  whose  normal  has  components  (n.  n  ,  n  ).  The  scalar  force 
b-o-n  is  Z  3 

b*o-n  -  +  S^)  +  V  ’ 

Bearing  in  mind  that  b  is  perpendicular  to  n 


‘l"!  *  V2 


0 


we  may  rewrite  equation  8 


b.o*n  -  -  +  n^b^S^  +  • 

For  screw  dislocations  we  have  from  equation  7 


(9) 

(10) 
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»  ■  M  ■  V  *  -  V  *  •  ’l» 

where  i,  J  end  k  ere  unit  vectors  elong  [100],  [010]  end  [001]  respectively. 
Equetlon  11  msy  be  reerrenged  es  the  sum  of  three  vectors,  eeeh  one  depending  only 
on  weves  in  a  single  direction. 

jb3  kb2 


‘  ^  TbT  "  IbT^ 

ib^  kb^ 

^  Va  °  IbT^ 

iba  Jb^ 

^  V3  Si  '  ibi  ‘ 


(12) 


Here  b  /|b|,  b  /|b|  and  b  /|b|  are  simply  the  cosines  of  the  angle  Chat  b 
makes  with  Che  three  <100>  directions.  Bach  Fourier  component  produces  an  al¬ 
ternating  force  on  the  screw  dislocation  which  is  both  perpendicular  to  the 
Burgers  vector  and  Che  wave  vector,  and  whose  magnitude  is  zero,  if  the  Burgers 
vector  and  wave  vector  are  either  perpendicular  or  parallel  to  each  ocher. 


OTHER  FORCES  ON  THE  DISLOCATIONS 


In  these  inhomogeneous  alloys  there  exist  several  other  sources  of  forces  on 
dislocations  chat  are  not  present  in  a  homogeneous  alloy  of  the  same  composition. 
These  relate  mainly  to  the  composition  gradients.  For  very  small  gradients  the 
self  energy  7  of  a  dislocation  is  approximately  given  by 

2  2 

7  Gb  'v.  Yb  (13) 

where  G  is  the  shear  modulus.  If  7  varies  with  position  there  will  be  a 
force  on  Che  dislocation  given  by 

F  =  cx(grad  7  xt)  -=  (7(^4^+  2T|)(7cxt)xt  .  (14) 

c  dc 

The  corresponding  glide  force  in  a  plane  whose  normal  is  n 

^cg  °  ^  2Tj)(vcxfn)(txn)  (15) 

As  before  the  last  factor  Just  expresses  the  direction;  Che  magnitude  is  given  by 
the  remaining  factors. 

For  the  three  equal  perpendicular  waves  in  composition 

c  -  c  A(cos  ^  +  cos  ^y  +  cos  ^z)  (16) 
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equation  (IS)  gives  for  the  magnitude  of 


P 

eg 


2Ti)[slneK(t2n2  -  t^n^)  +  slnPyCt^n^ 


+  8lnpz(tj^n^  -  t^nj^)  ]  .  (17) 

Comparison  with  equations  11  or  12  and  3*  shows  that  this  force  Is  on  the  average 
smaller  than  the  force  due  to  the  Internal  stresses  by  a  factor  of  b3,  but  that 
It  differs  In  phase  and  direction.  It  Is  therefore  negligible  except  where,  be¬ 
cause  of  symmetry,  the  forces  due  to  Internal  stresses  are  zero. 

Another  source  of  resistive  forces  In  a  composition  gradient  comes  from  the 
fact  that  after  slip  through  an  Inhomogeneous  region,  the  two  opposing  faces  of 
a  slip  plane  now  differ  In  composition  by  a 

Ac  “  b‘9c.  (18) 

Such  an  Interface  requires  an  additional  energy  and  gives  rise  to  a  force  propor¬ 
tional  to  (Ac)^.  It  Is  the  analogue  of  chemical  hardening  model  suggested  by 
Kelly  and  Flne^^.  Since  Ic  Is  quadratic  In  amplitude  A  It  Is  negligible  when¬ 
ever  there  are  dominant  terms  of  lower  power  In  A. 

DISCUSSION  OF  SEVERAL  SLIP  SYSTEMS 
(lOd  Slip  Plane 

Equation  10  reveals  that  If  either  the  slip  plane  normal  or  the  Burgers 
vector  are  eltl)er  parallel  or  perpendicular  to  the  wave  vector  of  a  Fourier  com¬ 
ponent,  fhe  Incemal  stresses  resulting  from  that  Fourier  component  will  exert  no 
glide  force  on  that  dislocation.  (This  result  Is  not  restricted  to  <100>  wave 
vectors  but  holds  true  for  all  orientations) .  Thus  slip  Involving  either  <100>b 
or  (100)  slip  planes  will  be  unaffected  by  the  Internal  stress  field.  This  re¬ 
sult  Is  somewhat  unexpected.  If  one  bears  In  mind  that  we  have  here  an  assendily  of 
psuedo  particles  and  large  Internal  stresses  resulting  from  them.  Consider,  for 
example,  the  (100)  slip  plane. 

If  we  examine  the  special  case  of  three  perpendicular  waves  of  the  same  wave¬ 
length  one  sees  that  one  of  the  (lOd  sUp  planes  could  have  encountered  a  square 
array  of  the  peaks  In  composition  (pseudo  particles  of  one  phase) .  A  parallel 
plane  half  a  wavelength  down  would  have  encountered  all  the  lows  In  composition 
(pseudo  particles  of  the  other  plane) .  Another  parallel  plane,  a  quarter  wave¬ 
length  down,  would  have  encountered  no  extremes  In  composition.  One  might  have 
expected  large  differences  In  forces,  but  there  are  none.  A  simple  Insight  Into 
idly  this  Is  so  Is  provided  by  equation  4,  which  shows  that  the  cube  axes  are 
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principal  stress  axes  and  therefore  there  is  no  shear  on  any  cube  plane. 

For  such  a  slip  system  we  are  left  only  with  the  forces  due  to  the  variations 
in  line  tension  due  to  the  composition  changes  (equations  14-17) .  These  tend  to 
pin  the  dislocations  along  either  the  maxima  or  minima  in  composition,  that  is  in¬ 
side  one  of  the  pseudo  phases. 


(110)  Slip  Plane 

Consider  next  a  (110)  slip  plane  which  is  often  a  primary  slip  plane  in 
B.C.C.  Let  the  equation  of  the  slip  plane  be 

X  +  y  *  YTd,  (19) 

where  d  is  the  distance  of  the  plane  from  the  origin.  Let  -  x  -  y  and 

s'  a  z  be  the  coordinates  in  the  plane  (Fig.  1) .  All  shear  stresses  in  the 
plane  are  along  the  x*  direction  and  alternate  in  sign.  For  the  special  case 
of  3  equal  perpendicular  waves  of  the  same  wavelength  we  have  for  the  force  on  a 
[11^]  dislocation  from  equation  10 

which  by  equation  3*  becomes 

b*o*n  a  .  gog  Py)  (20) 

(4  ^ 

■  - rjT  .ii.(l//2pd)  .in(l/l/2e«')  . 

(I 

Dislocations  in  the  various  slip  planes  encounter  no  forces  if  (l//2)0d  is  an 
Integer  and  sinusoidal  forces  if  (l//?)0d  is  not  an  integer.  The  former  cor¬ 
respond  to  slip  planes  through  the  centers  of  the  pseudo  particles.  The  strongest 
forces  are  encountered  in  slip  planes  that  avoid  the  pseudo  particles. 


Let  us  next  consider  how  these  forces  should  affect  the  shape  of  the  dislo¬ 
cation  line.  In  the  absence  of  an  applied  stress,  the  dislocation  must  curve  and 
at  equilibrium,  assuming  a  string  model  for  the  dislocation,  it  must  obey  the  fol¬ 
lowing  differential  equation 


b*o'*n  “  7 


d^z' 


dx 


,2 


(21) 


[1  + 


(^^33/2 

'dx'^  ^ 


Letting  w 


dz* 

dx*^ 


b-a*n  ■  A'sin  1/j/2~Pk'  where 
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A* 


.  Atflbl _ 

(1 


we  obtain 


Al 

7 


sin 


dw 

dx 


2  3/2 
(1+w  ) 


which  can  be  integrated  to  give 

TJa.'  1  w 

const.  -  cos  7^  ^x’  =  - TTn  ^22) 

^  (1  +  w^^'^ 

Since  the  right-hand  side  is  bounded  by  ll  a  stable  dislocation  configuration 
straddling  a  band  of  force  can  exist'only  if 

<  1  •  (23) 

If  it  exceeds  1,  the  internal  stresses  will  align  all  dislocations  along  [001]  in 
the  stable  zero  force  positions.  Every  mobile  and  flexible  dislocation  will  be 
forced  into  such  configurations.  Using  equation  13  this  condition  becomes 

Ati  sin  ^  pd  <  pb  .  (23*) 

o 

For  example,  the  aligning  of  dislocations  begins  at  wavelengths  of  lOOOA  when  the 
lattice  parameter  amplitude  reaches  17.. 


In  considering  slip  in  such  a  crystal  one  must  carefully  distinguish  dislo¬ 
cations  that  already  straddle  the  pseudo  particles  and  those  that  do  not.  The 
former  can  move  easily  in  the  presence  of  an  applied  stress  very  much  like  a  kink 
straddling  a  Peierls-Nabarro  barrier  can  move  sideways.  On  the  other  hand,  forma¬ 
tion  of  new  kinks  by  having  a  section  of  a  dislocation  slip  across  a  pseudo  par¬ 
ticle  is  very  much  more  difficult  and  varies  from  plane  to  plane.  At  low  stress 
levels  only  dislocations  going  through  the  centers  of  the  pseudo  particles  can 
move.  With  increasing  stress  the  planes  on  which  slip  is  possible  form  an  ever 
increasingly  thick  band  about  the  centers. 


The  equations  for  a  number  of  dislocations  piling  up  on  such  a  sinusoidal 
barrier  have  recently  been  derlved^2. 

The  (lll)[lio]  Slip  System 

The  (111) [110]  slip  system  is  another  one  which  interacts  with  only  two  of 
the  three  fluctuation  components  and  therefore  should  behave  as  if  the  sample 
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contained  an  assembly  of  pseudo  rods  along  [001].  In  this  case  the  slip  plane 
cuts  across  the  rods  and  all  parallel  (111)  planes  encounter  the  same  obstacles 
as  do  the  (111)  cross  slip  planes.  Therefore  cross  slip  would  be  of  no  help  In 
avoiding  the  resistance  Imposed  by  the  Internal  stresses. 

Let  the  equation  of  the  slip  plane  be 

X  +  y  +  z  =  /5d  .  (24) 

The  resolved  force  on  a  [110]  dislocation  Is 

b-o-n  *  -  ^  (S^  -  S^)  =  (cos  px  -  cos  Py) 

8in[l/2  p(x  +  y)  ]  sln[l/2  P(x  -  y)  ]  . 

Rotating  the  coordinate  system  such  that  x*  is  along  [110]  and  y'  along  [112] 
in  the  slip  plane 

/2x'  •=  X  -  y 

(25) 

V^y'  =  X  +  y  -  2z  +  2 /3d  . 


By  virtue  of  equation  24 
v/6y'  =  3x  +  3y 

so  that 

b-o*n  =  AqlbjY  sin(^  Py')  sin(^  px')  .  (26) 

The  (111)  slip  plane  thus  resembles  a  rectangular  checker  board  of  alternating 
forces,  as  shown  In  Fig.  2.  The  sides  of  the  rectangles  are  the  locus  of  zero 
force  positions  and  within  each  rectangle  the  force  rises  or  falls  to  an  extre¬ 
mum  In  the  center. 


Using  the  string  model  for  a  mobile  dislocation  one  obtains  an  equation  for 
the  dislocation  time  at  rest  in  the  presence  of  such  a  force  field. 


d%' 

dx»^ 


.  ,  c  3/2 
^  ) 


Y  Py')(sin  ^  px')  +  oJb|)  (2?) 


a 


where  we  have  added  a  term  to  account  for  an  applied  stress,  whose  resolved  shear 
stress  Is  a^. 
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Equations  of  this  type  are  known  as  Oufflng's  equation  and  occur  in  forced 
vibrations.  One  method  of  solution  is  the  Galerkin-Ritz  variational  method  in 
which  one  assumes  a  solution  to  the  equation  and  adjusts  parameters  so  that  cer¬ 
tain  Fourier  components  of  the  error  vanish. 

As  in  all  problems  of  this  type  there  are  two  convenient  extremes.  If 
ATi|b|Y/7P  <  1  the  dislocation  line  is  almost  straight,  the  wavelength  or  ampli¬ 
tude  of  the  internal  stresses  being  too  small  to  cause  much  bending.  The  other 
extreme  is  when  AT]|b|Y/73  >  1*  1^  this  case  the  dislocation  curves  around  all 
obstacles. 


In  the  first  case,  assuming  a  sinusoidal  form  for  the  dislocation  line 


and 


y'  .  Cl  +  Cl  ^ 


fill 


for  screw  dislocation 


sin  for  edge  dislocations 


(28) 


we  obtain,  using  the  Galerkin  method 


cos 


3/5  BX 

4^  A^il\^|bl 


a 

a 


cos  B,  » 


JL. 


^  4/lA%Vlb| 


,  2  2  A  n  Y  b 

'2  “9  2  2 

P  r 


2  2  2.  2  /  0 
+  V4  -  54 


[1 


2  2  2 
P  7 


4  4  4  2 
A  q  Y  b 


] 


2  2  2  2 

2  2  2 
P  7 


[1 


a  2  2  2 
2-OJL_i 
4  4  4  2^ 
A  Tj  Y  b 


(29) 


At  small  values  of  the  applied  stress  Che  dislocation  reaches  equilibrium  strad¬ 
dling  Che  peaks  in  Che  internal  stress  ^ich  occur  at  >■  ir/2.  There  is 

an  additional  unstable  solution  at  >  B.  >  0  where  there  are  zero  forces  on 
Che  dislocation.  However,  certain  small  fluctuations  in  position  cause  the  dis¬ 
location  to  move  off  this  position. 


At  applied  stresses  exceeding 
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for  screws 


or 


0* 

a 


a* 

a 


2  2  2 
A  j  Y  b 

3v/6  P/ 


2  2  2 
✓2  ey 


for  edges 


(30) 


no  solution  exists  and  the  dislocation  should  move  continuously  through  the 
structure.  This  corresponds  to  the  Mott  and  Nabarro  yield  stress  for  this  struc¬ 
ture.  As  in  the  Mott  and  Nabarro  relation,  this  equation  reflects  the  averaging 
of  large  forces  that  alternate  in  sign.  The  yield  stress  is  therefore  smaller 
by  orders  of  magnitude  Chan  Che  internal  stress  maxima,  and  depend  entirely  on 
what  little  flexing  Che  dislocation  can  do.  Because  of  the  longer  apparent  wave¬ 
length  encountered  by  edges,  they  can  flex  more,  and  as  a  result  are  much  harder 
to  move  Chan  the  screws.  For  Che  same  reason  Che  yield  stress  increases  linearly 
with  wavelength. 


The  stress  is  also  quadratic  in  amplitude.  This  brings  it  to  Che  same  degree 
in  aaq>litude  as  the  chemical  term  arising  from  equation  18.  Since  such  a  chemical 
term  is  always  a  retarding  force,  it  survives  averaging  without  a  change  in  degree 
in  amplitude.  V^eCher  it  is  an  important  term  will  depend  on  how  its  coefficient 
compares  with  chose  given  in  equation  30.  For  a  17.  lattice  parameter  difference 
(At)  =  1.6  X  10’^)  a  p  =  10^  cm*^  (60oX  wavelength),  Y  =  10^^  ergs/cc,  b  “  10“®  cm 
we  obtain  o  =  10  dynes/ cm^.  This  stress  is  close  to  the  upper  limit  of  the 
assumption  of  a  straight  dislocation  because  AT)Y|b|//P-  .16. 

The  other  extreme,  .iT|Ylb|/7p  1  corresponds  to  a  dislocation  chat  can  curl 
around  obstacles.  Ac  zero  applied  stress,  we  have  a  checiter  board  of  obstacles 
Chat  Couch  each  other  at  their  comers  Co  form  a  continuous  obstacle.  However, 

Che  forces  on  Che  dislocations  at  these  junctions  are  very  small  and  as  a  stress 
is  applied  these  junctions  separate  (Fig.  3) .  The  effective  distance  between  ob¬ 
stacles  increases  with  increasing  stress  and  may  be  found  by  plotting  the  con¬ 
tours  of  zero  net  force  on  the  dislocation 


j/2/3  AqY  sin(^  Py')  3in(^  Ps:')  ^  =  0  .  (31) 

Since  one  such  junction  is  at  x'  =  y'  =  0  we  may  expand  the  sine  terms  in  this 
equation  to  obtain 

x'y'  =  -3(/2  j  /(AqYP^)  . 

a 

The  separation  L  between  obstacles  is  thus 
1/2  1/2 

L  =  4.6  a  '  /[(At)Y)  '  p]  .  (32) 
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The  dislocation  can  slip  through  this  opening  if 


a  b  >  27/L 
a 


or 


0 

a 


>  .57  (AtiY) 


1/3  ^7% 2/3 


(33) 


This  then  is  the  analogue  of  Orowan  yielding  in  this  structure.  The  stress  de¬ 
pends  on  the  reciprocal  2/3  power  of  the  wavelength  rather  than  on  the  reciprocal 
first  power,  because  the  effective  distance  between  these  soft  particles  is  a 
function  of  the  applied  stress.  Each  dislocation  that  slips  through  will  leave^g 
loop  around  the  obstacles,  and  should  lead  to  the  analogue  of  Fisher,  Hart,  Pry 
hardening,  including  the  possibility  that  the  stress  of  successive  concentric 
loops  will  cause  the  inner  loop  to  cut  through  the  obstacle. 


Other  Slip  Systems 

Only  if  there  are  no  zeros  in  the  Miller  index  designation  of  slip  plane  and 
slip  direction  will  the  structure  appear  as  discrete  particles  to  the  dislocation. 
Thus,  for  instance,  if  the  <110>  Burgers  vector  in  FCC  splits  into  two  <112>  par- 
tials,  each  of  the  partials  will  be  able  to  avoid  obstacles  by  cross  slip  of 
the  recombined  dislocation,  but  what  is  an  easy  glide  plane  for  one  partial  will 
abound  in  obstacles  for  the  other,  since  the  sum  of  the  forces  on  the  partials 
does  not  vary  from  plane  to  plane. 

In  BOC  the  (112)  and  (123}  slip  planes  will  behave  as  if  the  structure  is 
particulate  and  slip  bands  should  occur  on  the  easy  planes  idiich  will  be  spaced 
periodically. 


SUIMARY  AND  DISCUSSION 

A  dislocation  in  a  spinodally  decomposed  structure  experiences  a  force  from 
the  internal  stresses  and  composition  gradients.  The  former  are  expected  to  be 
the  more  important,  except  for  special  slip  systems  where  the  internal  stresses 
exert  no  force  (either  b  or  n  along  <100>) .  The  details  for  the  interaction 
with  the  internal  stress  have  been  worked  out  for  several  slip  systems,  and  these 
give  rise  to  a  number  of  concepts  analogous  to  those  encountered  in  precipitation 
hardening  by  discrete  particles,  except  that  the  details  are  sometimes  quite  dif¬ 
ferent.  Thus  the  (lll)[ll0]  slip  system  exhibits  the  analogues  of  both  Mott  and 
Nabarro  and  Orowan  hardening,  at  small  spacings  a  hardening  linear  in  spacing 
(equation  30)  and  at  large  spacings  hardening_proportionaL  to  the  reciprocal 
2/3rd  power  of  spacing  (equation  33).  The  (110) [111]  slip  system  reaembles  a 
Peierls -Nabarro  trou^  with  an  extremely  long  period,  so  that  thermal  activation 
is  almost  certainly  nagligible. 
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In  many  respects  splnodelly  decomposing  meterlels  should  prove  to  be  conveni¬ 
ent  for  experimental  studies  of  hardening.  The  two  variables,  wavelength  and 
amplitude,  can  be  varied  independently  to  investigate  separately  the  effects  of 
each.  They  correspond  in  precipitation  hardening  to  particle  spacing  and  particle 
hardness,  and  certainly  the  latter  is  not  normally  an  experimental  variable. 


There  are  numerous  unexplored  areas  remaining.  The  subject  of  many  disloca¬ 
tions  on  a  slip  plane  is  one.  For  the  [111](110)  slip  system  the  recent  paper  by 
Chou  is  pertinent.  A  similar  treatment  for  the  [110]  (111)  should  not  be  too  dif¬ 
ficult.  The  analogue  of  Fisher,  Hart  and  Pry  hardening  should  be  investigated  for 
long  wavelengths.  Still  another  subject  is  the  mechanism  and  slip  system  opera¬ 
ting  in  the  loss  of  coherence.  Since  loss  of  coherence  is  usually  not  observed 
until  the  internal  strains  are  of  the  order  of  a  percent,  the  stresses  approach 
the  theoretical  limit  of  strength. 

C  C 
11  -  12 

Only  cubic  materials  for  which  > - r -  were  discussed  in  this 

paper.  These  give  rise  to  (100}  plane  waves  ana  all  known  examples  of  spinodal 


decomposition  belong  In  this  class.  There  are  a  number  of  systems  for  which 
C  <  ^11  ~  ^^-2  that  could  give  rise  to  spinodal  decomposition.  These  would  give 
(ill}  plane  waves,  which  would  have  quite  different  effects  on  dislocations. 
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Pig.  1  -  The  0.10)  slip  plane  showing  Che  forces  on  a  dislocation  and  Che  resulting 
dislocation  configuration.  The  plus  and  minus  signs  refer  to  the  sign  of 
Che  force  within  each  region  and  therefore  to  the  curvature  of  the  dis¬ 
location  line  there.  Left-hand  dislocation  is  for  low  force  amplitude 
(A*  in  equation  23)  for  that  wavelength.  Right-hand  dislocation  is  for 
large  A',  near  the  limit  beyond  which  all  dislocations  are  forced  to  line 
up  along  [001]. 
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Fig.  2  -  The  (111) [110]  slip  system  In  the  absence  of  applied  stress  showing  the 
forces  on  the  dislocation  and  the  resulting  configurations,  (a)  screw 
and  (b)  edge  at  small  amplitude  for  that  wavelength;  (c)  "screw"  and 
'd)  "edge"  at  large  amplitude. 
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Pig.  3  -  The  (111) [110]  slip  system  in  the  presence  of  a  (-)  applied  stress,  show¬ 
ing  the  contraction  of  the  (+)  regions,  and  a  dislocation  straddling  the 
stress  dependent  gap  between  (+}  barriers. 
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Abstract 


An  attempt  is  made  to  sximmariae  the  current 
state  of  knowledge  of  precipitation  on  defects  in  iron- 
base  alloys,  and  the  effect  of  precipitation  on  the  prop¬ 
erties  of  such  alloys. 
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1.  Introduction 


The  development  and  nature  of  substructure  in  metals  and  alloys  have 
been  described  in  several  of  the  foregoing  papers  in  this  symposium.  The 
effects  of  substructure  on  mechanical  properties  and  recrystallization  behavior 
have  been  discussed.  As  metallurgists,  we  are  interested  in  understanding  and 
employing  as  many  different  techniques  as  possible  to  control  and  improve  the 
properties  of  engineering  alloys.  It  is  obvious,  then,  that  we  should  consider 
the  advantages  to  be  gained  by  combining  the  effects  produced  by  substructure 
and  by  precipitation  from  solid  solution.  Our  understanding  of  these  combined 
effects  has  been  vastly  improved  in  recent  years  by  use  of  transmission  electron 
microscopy,  which  allows  us  to  study  the  details  of  precipitation  on  substructure. 


Iron-base  alloys  are  of  particular  interest,  r  t  only  because  of  their 
paramount  importance  as  engineering  materials,  but  also  because  of  the  large 
number  of  possible  combinations  of  defect  structures  and  precipitates  that 
exist.  In  cold-worked  ferrite,  the  substructure  can  consist  of  dislocations 
clustered  into  cell  walls,  or  of  a  uniform  distribution  of  dislocations  and 
some  deformation  twins.  After  annealing,  the  substructure  can  consist  of  low- 
angle  boundaries.  Cold-worked  austenitic  alloys  can  contain  all  the  arrangements 
of  defects  that  are  possible  in  cold-worked  ferrite,  with  the  addition  of 
stacking  faults.  The  most  complicated  defect  structures  are  those  which  result 
from  the  transformation  from  austenite  to  ferrite.  If  the  rate  of  cooling  is 
fairly  slow,  as  after  hot  rolling,  the  resulting  ferrite  contains  low-angle 
subboundaries.  If  the  rate  of  cooling  is  high,  as  in  a  quench,  or  if  the 
composition  of  the  alloy  is  adjusted  to  produce  a  low  Ms  temperature,  the 
resulting  ferrite  has  a  martensitic  structure,  containing  a  very  high  density 
of  dislocations,  closely-spaced  boundaries  produced  by  shear,  and  frequently, 
very  fine  twins  within  martensite  plates.  The  purpose  of  this  paper  is  to  show 
how  precipitation  from  solid  solution  is  affected  by  substructure  in  ferritic, 
austenitic  and  martensitic  alloys.  Several  examples  will  be  cited  of  the  use 
of  precipitation  on  substructure  to  improve  the  properties  of  alloys. 

Although  research  into  the  details  of  these  processes  is  quite  recent, 
a  great  deal  of  information  is  being  developed  very  rapidly,  so  the  authors 
hope  they  will  be  forgiven  if  they  have  overlooked  any  contributions. 


2.  Theory  of  Nucleation  on  Dislocations 


According  to  the  classical  theory  of  nucleation,  the  total  free 
energy  change,  AF,  accompanying  the  formation  of  a  nucleus  of  a  second  phase 
from  a  supersaturated  solid  solution  can  be  expressed  by 


AF  =  AF 


volume 


AF 


surface 


+  AF 


strain* 


(1) 


The  change  in  volume  free  energy  must  be  negative.  The  changes  in  surface 
free  energy,  ^surface*  strain  free  energy,  AFg^rain*  formation  of 

the  nucleus,  are  positive.  The  total  change  of  free  energy  is  positive  and 
increases  to  a  maximum  up  to  a  critical  size  of  the  nucleus.  When  the  radius 
of  the  nucleus  exceeds  the  critical  value,  AF  begins  to  decrease  and  the 
nucleus  will  then  be  stable. 
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The  activation  energy  for  precipitation  is  less  at  a  dislocation  than 
in  the  perfect  lattice.  Cahn  (1)  has  developed  a  theoretical  treatment  of 
nucleation  on  dislocations.  Assuming  a  cylindrical,  noncoherent  nucleus  of 
radius  r  lying  along  a  dislocation,  he  associated  the  strain  energy  of  the 
dislocation  with  the  strain  energy  required  for  nucleation,  to  reduce  the  bar¬ 
rier  to  nucleation.  According  to  his  treatment,  the  free  energy  per  unit  length 
of  dislocation  occupied  by  the  nucleus  can  be  expressed  by 

F  =  -A  log  r  +  2tt  yr  -  tt  AF  ,  r^  +  C  (2) 

^  ’  volume 


where 

A  =  TTr — r  for  an  edge  dislocation 

Gb2 

=  — for  a  screw  dislocation 
4n 

G  =  shear  modulus 

b  =  Burgers  vector 

V  =  Poisson's  ratio 

Y  =  interfacial  energy  of  the  boundary 

A  minimum  in  free  energy  was  found  vrfien  the  quantity 

.  =  - v|teS<i 

"Y 

This  circumstance,  which  is  analogous  to  the  presence  of  a  Cottrell  atmos¬ 
phere,  is  indicated  schematically  in  Fig.  1,  at  A,  In  Cahn's  model,  the  free 
energy  can  then  increase  with  increasing  radius  of  the  nucleus.  If  the 
quantity  o  >  1,  i.e.,  if  supersaturation  is  higher,  this  barrier  can  disappear, 
and  the  precipitate  can  nucleate  and  grow  at  a  rate  limited  only  by  diffusion. 
Cahn's  model  predicts  that  dislocations  become  more  effective  catalysts  for 
nucleation,  relative  to  homogeneous  nucleation,  with  increasing  temperature 
and  increasing  supersaturation.  The  temperature  and  concentration  dependence 
of  the  nucleation  energy  is  greater  at  dislocations  than  for  homogeneous 
nucleation. 

Since  Cahn's  paper  was  written,  the  physical  situations  existing 
during  precipitation  have  been  found  to  be  so  complex  (2)  that  his  relatively 
simple  model  cannot  be  expected  to  correspond  to  many  of  the  observations.  In 
our  own  observations,  for  exanqDle,  it  has  been  found  that  the  temperature  and 
concentration  dependence  of  matrix  nucleation  is  greater  than  for  dislocation 
nucleation. 
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3.  Precipitation  on  Dislocations  and  Subboundaries  in  Ferritic  Alloys 


3.1  Precipitation  of  Interstitial  Solutes 

With  the  advent  of  transmission  electron  microscopy,  precipitation 
in  Fe-C  and  Fe-N  alloys  has  been  investigated  extensively  in  several 
laboratories  (3-8),  and  the  effects  of  dislocations  and  subboundaries  on 
the  kinetics  and  morphology  of  precipitation  have  become  evident.  In 
general,  dislocations  are  preferred  sites  for  precipitation  of  carbides 
and  nitrides  in  iron,  but  grain  boundaries  are  preferred  at  high  aging 
temperatures  (low  supersaturation)  and  matrix  nucleation  occurs  at  low 
aging  temperatures  (high  supersaturation).  Because  of  uncertainty  as  to 
the  nature  of  the  matrix  sites,  the  term  “homogeneous  nucleation"  will 
not  be  used.  The  exact  mode  of  precipitation  is  critically  dependent 
upon  solute  concentration,  aging  temperature,  and  dislocation  density. 

In  both  Fe-C  and  Fe-N  alloys,  a  metastable  phase  is  precipitated 
at  low  aging  temperatures.  In  common  with  nearly  all  low-temperature 
precipitates  in  cubic  metals,  the  particles  form  as  disks  on  [l00]jj  planes, 
the  disks  being  the  configuration  of  minimum  strain  energy  and  <100>jj 
being  the  directions  of  minimum  modulus  of  elasticity  (2).  These 
phases  are  not  affected  by  the  nucleation  site;  they  are  the  same  whether 
formed  on  dislocations  or  in  the  matrix.  Most  investigators  have  concluded 
that  the  low-temperature  carbide  is  the  hexagonal  e  (7,9,10)  but  there 
remains  a  possibility  that  it  may  have  a  body-centered  tetragonal  struc¬ 
ture,  analogous  to  the  structure  of  the  a"  nitride,  Fe25N2  (3,11).  At 
higher  aging  temperatures,  cementite,  FesC,  is  formed.  It  appears  as 
dendrites  on  [llo]a,  with  the  branches  growing  in  <lll>a  (12,13).  Both 
carbides  nucleate  preferentially  on  dislocations,  although  they  also 
nucleate  on  unidentified  matrix  sites,  at  high  supersaturation. 

In  the  iron-nitrogen  system,  there  appears  to  be  no  doubt  of 
the  identification  of  the  metastable  nitride  precipitated  from  ferrite  at 
low  aging  temperatures;  it  is  the  a""  phase,  Fe]^5N2  (5>14,15)»  The  y'  phase, 
Fe^N,  precipitated  at  higher  temperatures,  is  face-centered  cubic.  It  can 
nucleate  at  dislocations  or  at  grain  boundaries. 

It  is  worth  repeating  that  in  both  the  Fe-C  and  Fe-N  systems, 
the  structure  of  the  precipitate  is  not  affected  by  the  nucleation  site. 
This  is  not  necessarily  true  in  other  systems;  for  example,  in  some  alu¬ 
minum  alloys  where  a  sequence  of  precipitation  occurs,  the  micro structure 
consists  of  GP  zones  in  the  matrix  and  an  intermediate  phase  on  the  dis¬ 
locations  (2). 

If  the  dislocation  density  is  not  very  high  (^  10®/cm2),  and  if 
the  aging  temperature  is  low,  uniform  matrix  precipitation  is  observed, 
in  addition  to  precipitation  on  dislocations.  At  higher  aging  tempera¬ 
tures,  the  supersaturation  of  the  same  alloy  is  less,  and  precipitates 
form  exclusively  on  dislocations.  Fig.  2  illustrates  these  differences 
in  an  Fe-0.02  wt.$  N  alloy,  aged  at  100°  and  at  200OC.  If  the  dislocation 
density  in  an  Fe-N  alloy  is  high  (>  109/cm2),  precipitation  on  dislocations 


396 


predominates,  but  the  details  of  precipitation  change  with  aging  temperature 
At  low  aging  temperatures,  precipitation  occurs  on  all  dislocation  segments, 
irrespective  of  dislocation  orientation.  The  precipitates  thus  formed  are 
dendritic  (Fig.  3a).  In  the  same  alloy  aqed  at  higher  temperatures,  precipi 
tates  form  only  on  dislocations  lying  on  [lOOja,  the  habit  plane  of  the 
precipitate  (Fig.  3b).  This  difference  is  presumed  to  be  due  to  the 
difference  in  chemical  driving  force.  At  the  higher  aging  temperature, 
AFvoiume  ^  smaller,  and  dislocations  must  be  favorably  orienteu 

for  their  strain  energy  to  suffice  for  nucleation.  At  the  lower  temperature 
the  nitrogen  atoms  segregate  to  all  dislocations,  and  since  the  chemical 
driving  force  is  higher,  precipitation  occurs  even  on  dislocations  not  lying 
on  [lOOja.  In  this  circumstance,  jogs  probably  first  form  on  [l00}jj,  then 
nitride  particles  grow  from  these  jogs. 

Dislocation  orientation  has  a  definite  effect  on  the  precipitation 
of  carbides  and  nitrides  in  alpha  iron.  On  pure  screw  dislocations,  the 
precipitate  can  form  as  a  spiral  (Fig.  4).  The  alloy  illustrated  is 
Fe-0.45$  Mn-0.017$  C,  quenched  from  720°C,  then  aged  1  hour  at  100°C.  The 
plane  of  the  foil  is  [HO]  and  the  directions  of  the  dislocations  are  [ill] 
and  [ill].  It  is  well  known  that  screw  dislocations  can  be  converted  to 
helices  by  vacancy  condensation.  Such  helices  have  not  been  observed  in 
quenched,  high-purity  iron.  Their  presence  in  the  Fe-Mn-C  alloy  suggests 
that  the  substitutional  or  interstitial  solute  atoms  inhibit  the  annealing- 
out  of  vacancies,  which  then  congregate  at  screw  dislocations,  prior  to 
precipitation. 

Precipitation  can  occur  preferentially  on  one  side  of  edge  disloca¬ 
tions.  Fig.  5  shows  a  simple  tilt  boundary,  decorated  with  a  precipitate 
of  Fei6N2*  It  was  not  established  whether  the  precipitates  form  on  the 
tension  or  on  the  compression  side  of  the  dislocations.  They  would  be 
expected  to  form  on  the  tension  side  if  vacancies  were  not  involved  in  the 
precipitation  process.  In  either  case,  precipitation  should  be  confined 
to  one  of  the  three  [lOO]  planes,  which  is  what  is  observed  in  Fig.  5.  The 
subboundary  illustrated  also  contains  a  few  "foreign"  dislocations,  which 
intersect  and  interact  with  the  edge  dislocations,  forming  short  segments 
at  the  points  of  intersection.  The  mode  of  precipitation  on  these  "foreign" 
dislocations  and  short  dislocation  segments  differs  from  that  on  the  edge 
dislocations. 

Some  dislocations  on  subboundaries  are  more  favorable  sites  for 
precipitation  than  others.  Precipitation  in  an  Fe-3$  Si-0. 01)6  C  alloy 
seemed  to  favor  the  [lOO]  segments  of  the  dislocation  network  formed  by 
the  reaction  a/2  [ill]  +  a/2  [ill]  -*  a[l00],  (Fig.  6).  In  Fig.  7,  preci¬ 
pitation  on  one  set  of  dislocations  in  the  subboundary  has  a  stepwise 
appearance  and  appears  very  dark,  whereas  the  precipitate  on  the  horizontal 
parallel  set  of  dislocations  is  much  lighter  in  shade.  The  zigzag  disloca¬ 
tions  are  believed  to  be  a  metastable  configuration  formed  by  a  dislocation 
interaction,  as  shown  schematically  in  Fig.  7. 
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3.2  Precipitation  of  Substitutional  Solutes 


In  a  sustained  effort  to  determine  the  important  factors  governing 
the  precipitation  of  substitutional  solutes  from  ferrite,  studies  have  been 
made  of  the  binary  alloys  of  iron  with  copper  and  gold  (16),  titanium  and 
niobium  (17)  and  phosphorus  (18).  Nucleation  in  an  alloy  containing  1.1 
atom  per  cent  copper,  aged  at  temperatures  from  500  to  700°C  after  quenching 
from  840°C,  was  compared  with  nucleation  in  an  alloy  containing  1. 1  atom  per  cent 
gold,  similarly  treated.  The  precipitating  phase  in  both  instances  is  face- 
centered  cubic,  being  a  dilute  solution  of  iron  in  copper  or  in  gold.  In  the 
Fe-Au  alloy,  nucleation  occurred  exclusively  on  dislocations  and  subboundaries, 
(Fig.  8),  but  in  the  Fe-Cu  alloy,  nucleation  was  general  (Fig.  9).  Hornbogen(l6) 
attributed  this  difference  to  the  difference  in  atomic  size  of  the  solute 
atoms.  The  copper  atom  is  nearly  the  same  size  as  the  iron  atom,  and  the 
atomic  volumes  of  matrix  and  precipitate  are  almost  identical.  Little 
strain  energy  should  be  required  for  nucleation  of  the  copper-rich  phase. 

On  the  other  hand,  the  gold  atom  is  much  larger  than  the  iron  atom 
(rAu/^Fe  “  1.13)  and  the  atomic  volume  of  the  precipitate  is  much  greater 
than  that  of  iron.  In  the  precipitation  of  copper,  almost  the  only  barrier 
to  be  overcome  is  the  surface  energy.  To  nucleate  a  particle  of  gold, 
however,  a  large  strain  energy  barrier  must  be  overcome,  in  addition  to  the 
surface  energy,  so  the  core  energy  of  dislocations  must  be  utilized. 

Precipitation  tends  to  be  confined  to  dislocations  and  subboundaries.  This 
conclusion  of  the  predominant  effect  of  solute  atom  size  on  selection  of 
nucleation  site,  based  as  it  is  on  one  solute  concentration,  would  be 
strengthened  by  similar  studies  made  with  other  concentrations.  As  will 
be  shown  later,  copper  precipitates  can  be  restricted  to  dislocations 
when  the  supersaturation  is  lower. 

Hornbogen  proposed  that  nucleation  of  gold-rich  particles  on  dis¬ 
locations  occurs  in  several  steps: 

1.  Segregation  of  gold  atoms  to  dislocations. 

2.  Formation  of  stacking  faults  on  ^100}o  by  the  reaction 

I  [111]  -  I  [no]  +  f  [001]. 

3.  Segregation  of  gold  to  the  stacking  fault. 

The  a/2  [llO]  dislocation  is  glissile  and  can  move  as  fast  as  gold  atoms 
can  segregate  into  the  stacking  fault.  The  a/2  [OOl]  dislocation  is  sessile 
and  remains  in  its  original  position  as  the  stacking  fault  grows. 

Speich  (17)  has  found  that  dislocations  and  grain  boundaries  in 
ferrite  are  preferred  sites  for  nucleation  in  Fe-Ti  and  Fe-Nb  alloys.  The 
precipitates  are  the  MgZn2  type  Laves  phases  Fe2Ti  and  Fe2Nb,  respectively. 

Precipitation  in  the  Fe-P  system  shows  some  interesting  differences 
from  the  examples  discussed  previously.  To  obtain  a  high  degree  of  super¬ 
saturation  and  a  controlled  density  of  dislocations,  Hornbogen  (18)  quenched 
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a  ferritic  ¥e-1.8%  P  alloy  from  llOO'^C,  immediately  after  hot  rolling.  The 
sequence  of  precipitation  during  subsequent  aging  at  5OOOC  is  shown  in  Fig,  10. 
The  as-quenched  specimen  contained  subboundaries  and  isolated  dislocations 
(Fig.  10a).  Precipitates  began  to  form  at  dislocation  intersections  (Fig. 

10b)  after  4  hours  at  500°C.  Considerable  growth  had  occurred  after  10 
hours' aging  (Fig.  10c).  Only  after  54  hours'  aging  at  500®C  did  nucleation 
occur  in  the  matrix,  and  then  the  particles  differed  from  those  formed  on 
dislocations,  being  rods  instead  of  plates.  The  rods  grew  on  [l00](j  in 
<012>a  directions. 

It  is  a  general  observation  (3,6,18)that  precipitate  particles 
nucleated  on  dislocation  networks  (subboundaries)  do  not  grow  to  be  as 
large  as  those  nucleated  on  isolated  dislocations  or  in  the  matrix.  When 
nucleation  sites  are  closely  spaced,  as  in  a  subboundary,  the  volume  from 
which  a  growing  particle  can  draw  solute  atoms  is  severely  limited,  and 
growth  soon  stops.  This  limitation  is  not  imposed  on  particles  growing 
on  isolated  dislocations,  or  in  the  matrix.  This  effect  is  illustrated  in 
Fig.  11. 


Studies  of  rates  of  growth  of  precipitate  particles  are  complicated 
by  the  general  finding  (3,16,19)  that  not  all  nuclei  grow  until  the  matrix 
has  reached  the  equilibrium  concentration  of  solute.  Growth  of  larger 
particles  occurs  at  the  expense  of  smaller  ones,  long  before  the  matrix  is 
depleted  of  solute.  A  particle  on  an  isolated  dislocation  can  grow  at 
the  expense  of  smaller  particles  in  a  subboundary,  or  in  the  matrix. 

It  has  also  been  found  (3,18)  that  the  temperature  dependence  of 
matrix  nucleation  is  greater  than  that  of  dislocation  nucleation.  This 
effect,  in  an  Fe-1.85{  P  alloy,  is  illustrated  in  Fig.  12.  Matrix  nuclea¬ 
tion  is  favored  by  decreasing  temperature,  i.e.,  increasing  supersaturation. 
By  extrapolation  of  the  lines  in  Fig.  12,  matrix  and  dislocation  nucleation 
of  phosphides  would  be  simultaneous  at  about  350OC, 

4.  Precipitation  on  Substructure  in  Austenitic  Alloys 
4.1  Precipitation  on  Dislocations 


The  factors  which  influence  precipitatiort  on  dislocations  in 
ferrite  also  affect  precipitation  on  dislocations  in  austenite.  The  size 
effect  discussed  in  Section  3.2  is  apparently  involved  in  some  interesting 
observations  made  by  Irani  and  Honeycombe  (20)  on  precipitation  of  carbides 
on  dislocations  in  retained  austenite  in  Fe-456  Mo-0256  C  and  Fe-156  V-0.256  C 
alloys.  Specimens  were  quenched,  then  tempered  at  5OO  and  700°C.  In  the 
Fe-Mo-C  alloy  tempered  at  500°C  helical  dislocations  were  formed  very 
similar  in  appearance  to  those  illustrated  in  Fig.  4  of  this  paper.  Addi¬ 
tional  tempering  caused  the  formation  on  dislocations  of  a  very  fine  preci¬ 
pitate,  which  later  became  recognizable  as  M02C.  On  the  other  hand,  dis¬ 
locations  did  not  play  a  major  role  in  precipitation  of  carbides  in  the 
Fe-V-C  alloy.  These  carbides  appeared  to  form  in  the  matrix  from  zones 
rich  in  vanadium  and  carbon.  At  least  part  of  the  difference  in  precipi¬ 
tation  was  attributed  to  the  difference  in  atomic  diameter  between 
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molybdenum  and  vanadium.  The  larger  molybdenum  atom  would  tend  more  to 
segregate  at  dislocations  than  would  the  atoms  of  vanadium.  Also,  nuclei 
of  molybdenum  carbide  would  be  less  easily  accommodated  in  the  perfect 
lattice  than  would  nuclei  of  vanadium  carbide,  which  has  a  smaller  unit 
cell.  The  net  effect  on  nucleation  is  analogous  to  the  differences  in  the 
precipitation  of  copper  and  gold  from  alpha  iron. 

Dislocations  can  be  generated  around  large,  undissolved  carbide 
particles  in  austenite,  or  in  ferrite,  during  the  cooling  of  the  steel, 
because  of  the  stresses  generated  by  contraction  of  the  matrix  around 
the  particle.  Such  dislocation  networks  can  serve  as  nucleation  sites  for 
precipitation  during  subsequent  aging  (17,21). 

4.2  Precipitation  on  Twin  Boundaries  in  Austenitic  Alloys 

Hatwell  and  Berghezan  (22)  employed  a  Type  316  stainless  steel  in 
a  study  of  precipitation  of  M23C^  carbides  at  the  boundaries  of  annealing 
twins  in  austenite.  If  the  specimens  are  carefully  handled  during  the 
solution  and  aging  treatments,  the  twin  boundaries  remain  coherent  and 
are  not  preferred  sites  for  precipitation.  However,  if  the  quench  is 
drastic,  or  if  the  specimen  is  strained  plastically  prior  to  aging, 
dislocations  pile  up  at  the  twin  boundaries,  i.e.,  coherency  is  lost,  and 
these  boundaries  then  become  preferred  sites  for  precipitation.  The  shape 
of  the  precipitated  carbide  in  this  instance  depended  upon  the  nucleation 
site}  at  grain  boundaries  the  carbides  were  dendritic,  whereas  at  the 
twin  boundaries  the  precipitate  particles  were  triangular,  growing  on  [lll]y 
planes. 


It  should  be  noted  here  that  the  boundaries  of  mechanical  twins  in 
ferritic  alloys  always  contain  a  high  density  of  dislocations;  matrix- 
mechanical  twin  boundaries  are  never  coherent,  so  they  should  provide  an 
abundance  of  nucleation  sites  for  precipitation. 

4.3  Precipitation  on  Stacking  Faults  in  Austenitic  Alloys 

It  was  first  pointed  out  by  SUzuki  (23)  that  solute  atoms  can 
segregate  to  stacking  faults  and  thereby  lower  the  stacking  fault  energy. 
Hendrickson  (24),  using  the  data  of  Howie  and  Swann  (25),  and  Suzuki  (26) 
have  recently  calculated  the  extent  of  such  segregation.  Once  segregation 
has  occurred,  precipitation  at  the  stacking  fault  will  be  favored  because 
of  the  reduction  of  the  surface  energy  term,  AFguj-face*  in  i* 

Nicholson  (27)  has  shown  that  stacking  faults  in  an  M-1%  Mg  alloy  can  act 
as  nucleation  sites  for  an  hexagonal  precipitate.  More  recently,  van  Aswegen 
and  Honeycombe  (28)  have  observed  the  precipitation  of  NbC  on  stacking  faults 
in  an  18$  Cr-10$  Ni-1$  Nb  austenitic  stainless  steel.  After  quenching  from 
1300OC,  precipitation  of  NbC  occurred  during  tempering  in  the  range  650°  to 
850OC.  Dislocations  in  the  as-quenched  alloy  were  not  dissociated. 

Stacking  faults  began  to  appear  after  5  hours  at  700°C,  and  longer  periods 
at  -this  temperature  resulted  in  formation  of  NbC,  as  shown  in  Fig.  13.  The 
precipitation  of  the  carbide  at  the  stacking  faults  was  attributed  to  the 
prior  segregation  of  niobium  atoms.  Tempering  above  and  below  the  650°- 
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950^  range  led  to  precipitation  of  NbC  on  undissociated  dislocations,  but 
the  maximum  strengthening  corresponded  to  the  onset  of  precipitation  on 

stacking  faults. 

Similar  observations  on  stacking  fault  precipitation  in  the  same 
alloy  were  made  by  Pickering,  Burns  and  Keown  (29).  They  determined  that 
the  faults  lie  on  {lll]„,  and  the  orientation  relationship  is  [l00}Nbcll[l00|„ 
and  <100>Nbcll<100>Y.  ^ 

5.  Precipitation  on  Transformation  Substructure 

5.1  Types  of  Transformation  Substructure 

Kelly  and  Nutting  (30,31)  found  principally  two  types  of  transformation 
substructure  in  iron-base  alloys.  The  first  type,  characteristic  of  high- 
carbon  martensites,  consisted  of  internally  twinned  plates.  This  is  illus¬ 
trated  by  the  microstructure  of  a  quenched  1»05J  C  steel  (Fig.  14).  The  twins, 
which  are  paral  lei  to  [i12]m  ,  are  about  100  A  thick  and  irregularly  spaced. 
These  internal  twins  evidently  arise  from  the  need  for  an  inhomogeneous 
"second"  shear  accompanied  by  a  "first"  shear  which  is  homogeneous  on  a 
macroscopic  scale,  to  generate  the  martensite  lattice  from  the  austenite. 

The  internal  twins  constitute  this  "second"  inhomogeneous  shear.  The  inter¬ 
nally  twinned  plates  have  also  been  observed  (30,31)  in  quenched  0.4  and  0.8%  C 
steels,  in  martensite  formed  at  -95°  and  -196°C  in  an  Fe-20%  Ni-0.8%  C  steel, 
and  in  Fe-30%  Ni  alloys  by  Nishiyama  and  Shimizu  (32,33)  and  Warlimont  (34), 

The  second  type  of  transformation  substructure  is  characteristic  of 
quenched  martensites  in  low-carbon  steels  and  in  18-8  stainless  steel.  It 
consists  of  martensite  needles  with  no  internal  twinning  but  with  a  very  high 
dislocation  density.  An  example  from  a  0.1%  C  steel  is  shown  in  Fig,  15. 

The  long  axis  of  the  needles  is  parallel  to  <lll>jy(  ,  As  the  carbon  content 
of  the  martensite  is  increased  there  is  an  increasing  tendency  for  the  needles 
to  be  grouped  together  in  the  form  of  "sheets".  The  orientation  difference 
between  needles  in  the  "sheet"  is  usually  only  a  few  degrees  although  in  some 
cases  they  seem  to  be  twin  related.  This  type  of  transformation  substructure 
is  also  characteristic  of  martensite  formed  in  Fe-30%  Ni  alloys  and  in  other 
alloys  of  similar  nickel  content,  such  as  the  maraging  steels  (35).  An 
example  of  the  structure  of  an  Fe-30%  Ni  martensite  is  shown  in  Fig.  16. 

The  transition  from  needles  with  a  very  high  dislocation  density 
in  a  0.1%  C  steel  to  internally  twinned  plates  in  a  1.0%  C  steel  occurs 
gradually  as  the  carbon  content  is  increased.  Intermediate  carbon  contents 
contain  mixtures  of  both  types.  Kelly  and  Nutting  (31)  postulated  that  the 
two  factors  controlling  the  type  of  transformation  substructure  are  the  trans¬ 
formation  temperature  and  the  stacking  fault  energy,  with  the  composition 
of  the  steel  only  affecting  the  substructure  through  its  effect  on  these 
two  parameters.  High  Ms  temperatures  and  low  stacking  fault  energies  favor 
the  formation  of  martensite  needles,  whereas  low  Ms  temperatures  and  high 
stacking  fault  energies  favor  the  formation  of  internally  twinned  plates. 

5.2  Tempering  of  Iron-Carbon  Martensites 

Kelly  and  Nutting  (30,31)  examined  the  structural  changes  during  the 
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tempering  of  0.14  and  l.C)>6  C  steels  and  Turkalo  (36)  has  studied  the  tem¬ 
pering  behavior  of  a  0.42^  C  steel.  In  the  0.14$  C  steel,  auto-tempering 
occurred  during  quenching  and  WidmapstStten  carbides  in  the  form  of  plates 
or  laths  about  100  A  wide  and  1500  A  long  were  visible  in  about  10$  of  the 
grains  in  the  as-quenched  structure.  After  tempering  at  300°C,  Carbide 
particles  were  visible  in  all  grains.  Further  tempering  increased  the  thick¬ 
ness  of  the  carbides. 

In  the  0.42$  C  steel  studied  by  Turkalo  (36),  the  primary  substructure 
appeared  to  be  martensite  needles  with  a  high  dislocation  density,  although 
some  internal  twinning  was  evident.  Although  Turkalo  indicated  that  the 
twins  were  within  the  "needles",  the  structure  may  actually  be  a  mixture 
of  internally  twinned  plates  and  twin-free  martensite  needles,  as  Kelly 
and  Nutting  (30)  found  in  a  0.4$  C  steel.  On  tempering  at  205°C  carbide 
films  appeared  at  the  martensite  needle  boundaries.  After  tempering  at 
315®C,  two  types  of  carbides  appeared  within  the  grains--"streaky"  carbides 
and  "crystallographic"  carbides  which  formed  in  two  directions  in  the  mar¬ 
tensite.  The  latter  carbides  appear  to  be  parallel  to  {i10]q.  Examples 
of  both  types  are  shown  in  Fig.  17.  The  carbide  films  at  the  martensite 
needle  boundaries  become  thicker  and  less  continuous  at  higher  tempering 
temperatures.  With  further  increases  in  tempering  temperature,  spheroidiza- 
tion  of  the  carbides  occurred,  along  with  the  formation  of  subboundaries  in 
the  ferrite,  and  eventually,  recrystallization  of  the  ferrite.  The  struc¬ 
ture  after  tempering  at  595°C  consisted  of  fine  ferrite  grains  and  spheroidized 
carbides. 

In  1.0$  C  steel  the  primary  substructural  feature  that  influences 
precipitation  appears  to  be  the  internal  twins  (30,31).  Tempering  at  200°C 
resulted  in  the  appearance  of  carbides  lying  along  the  twins  in  the  mar¬ 
tensite,  together  with  tiny  precipitates  perpendicular  to  the  twin  plane. 

These  small  precipitates  disappeared  after  tempering  at  300°C,  whereas  the 
lath-like  carbides  lying  along  the  twins  became  more  prominent  (Fig.  18). 

These  latter  carbides  were  identified  as  cementite,  with  the 
orientation  relationship! 


(211)„||(00l)Fe3C 

[0ll]all[lOO]Fe3C 

[lll]j|[010^c 

The  small  precipitates  formed  normal  to  the  twin  plane  are  believed  to  be 
e  carbide,  although  the  diffraction  patterns  obtained  by  Kelly  and  Nutting  (31) 
were  not  sufficient  to  allow  identification. 

5.3  Precipitation  from  Substitutional  Martensites 

Recently,  much  attention  has  been  focused  on  precipitation  from 
substitutional  martensites,  principally  because  of  development  of  precipi¬ 
tation  hardening  stainless  steels  (37)  and  "maraging"  steels  (38).  The 
structure  of  the  martensite  in  these  alloys  is  of  the  same  type  shown 
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in  Fig.  16  for  an  ¥e-20%  Ni  alloy.  The  martensite  "needles"  contain  a  very 
high  density  of  dislocations,  but  no  internal  twins.  The  substructure! 
features  affecting  precipitation  are  the  boundaries  between  the  needles  and 
the  dislocations  within  the  needles.  A  polygonized  substructure  can  be 
formed  by  recovery  of  the  transformation  substructure  itself,  as  shown  in 
Fig.  19  for  an  Fe-18$  Ni-756  Co  alloy  aged  100  hrs.  at  500°C.  In  this 
alloy  no  precipitation  occurred  since  it  was  aged  in  an  a  +  y  region. 

Another  process  that  may  occur  during  precipitation  in  substitu¬ 
tional  martensitic  alloys  is  the  formation  of  austenite,  since  the  alloys 
are  generally  aged  at  a  temperature  at  which  austenite  is  stable.  The 
structure  of  an  Fe-20$  Ni  alloy  aged  in  the  o  +  v  region  for  100  hrs.  at 
500°C  is  shown  in  Fig.  20.  X-ray  diffraction  indicated  that  the  specimen 
contained  40St  austenite  after  this  treatment.  The  extinction  fringes  are 
believed  to  outline  the  thin  films  of  austenite,  which  appear  to  form  in 
the  martensite  needle  boundaries;  thus,  the  sites  for  austenite  formation 
may  be  controlled  by  the  original  transformation  substructure.  In  alloys 
in  which  an  intermetallic  compound  precipitates,  recovery  of  the  transforma¬ 
tion  substructure  and  formation  of  austenite  may  be  occurring  simultaneously 
with  precipitation. 

The  precipitation  of  intermetallic  compounds  from  martensitic  alloys 
is  affected  principally  by  the  dislocations  within  the  martensite  needles. 

Fig.  21  shows  the  very  fine  dispersion  of  Ni3Ti  particles  that  forms  on  aging  of 
an  Fe-20$  Ni-ljl  Ti  alloy.  Fig.  22  is  an  example  of  precipitation  of  copper 
in  an  ?e-20%  Ni-IO.TJ?  Cu  alloy.  Fig.  23  shows  precipitation  in  an  Fe-ISJK  Ni- 
7%  Co-5%  Mo  alloy,  which  has  nearly  the  same  composition  as  some  maraging 
steels,  but  without  titanium.  In  all  three  instances  the  precipitate  occurs 
in  an  extremely  fine  dispersion  as  a  result  of  tlie  high  density  of  disloca¬ 
tions  giving  a  high  density  of  nucleation  sites. 

f».  Effects  and  Applications  of  Precipitation  on  Substructure 

6. 1  The  Role  of  Substructure  in  Quench-Aaing  and  Strain-Aqino  of  Iron  and  Steel 

It  has  been  demonstrated  (3,6,19)  that  the  strengthening  associated 
with  quench-aging  in  Fe-C  and  Fe-N  alloys  and  in  commercial  low-carbon  steels, 
depends  upon  a  uniform  dispersion  of  fine  precipitated  particles  in  the  matrix. 

If  precipitation  is  restricted  to  the  dislocations  present  before  aging,  an 
uneven  dispersion  of  relatively  coarse  particles  results,  and  the  inter¬ 
particle  spacing  is  usually  too  great  for  effective  strengthening. 

In  contrast  to  quench  aging,  strain  aging  in  iron  and  steels  is 
strongly  dependent  upon  interactions  between  interstitial  solute  atoms  and 
the  dislocations  introduced  before  or  during  the  aging  treatment.  A  question 
frequently  arises  as  to  whether  the  strengthening  associated  with  strain-aging 
is  due  to  segregation  of  interstitial  atoms  to  dislocations,  to  the  actual 
formation  of  precipitates  at  dislocations,  or  both.  According  to  Cottrell 
and  Bilby  (39)  the  dislocations  should  be  saturated  when  the  concentration  of 
interstitial  solutes  reaches  one  atom  per  atom  plane  per  dislocation  line. 

Later  experiments,  especially  those  employing  internal  friction  to  determine 
the  kinetics  of  precipitation,  suggest  a  higher  degree  of  segregation  (40-42). 
These  results  suggested  that  precipitation,  as  well  as  segregation,  occurred 
during  strain  aging.  Wilson  and  Russell  (43),  using  a  replica  technique, 
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showed  some  evidence  of  precipitation  during  strain  aging.  The  Cottrell -Bilby 
theory  has  been  modified  by  Bullough  and  Newman  (44)  to  accommodate  precipita¬ 
tion. 


By  means  of  transmission  electron  microscopy,  Leslie  and  Keh  (45) 
have  shown  that  precipitation  need  not  necessarily  occur  during  strain 
aging.  In  an  Fe-C  alloy,  slowly  cooled  from  the  annealing  temperature,  and 
in  an  Fe-N  alloy  quench-aged  at  a  very  low  temperature  then  strained  and 
aged,  no  additional  precipitates  were  observed  on  dislocations,  although 
there  was  a  return  of  the  yield  point,  and  a  sharp  upward  shift  in  the  flow 
curves.  The  structures  prior  to  strain  aging  consisted  of  ferrite  and  large 
carbide  or  small  nitride  particles.  During  straining  and  aging,  a  small 
fraction  of  the  carbon  and  nitrogen  probably  re-dissolved  and  segregated 
along  dislocation  lines.  However,  in  these  circumstances,  it  is  quite 
impossible  for  new  particles  to  form.  As  pointed  out  by  Kelly  and 
Nicholson  (2).  a  precipitate  on  a  dislocation  is  not  in  a  lower  energy  state 
than  one  of  the  same  type  in  the  matrix,  and  there  can  be  no  tendency  for 
the  former  to  grow  while  the  latter  dissolves. 

On  the  other  hand,  if  one  starts  with  Fe-C  or  Fe-N,  or  with  a 
low-carbon  steel,  in  the  condition  of  a  supersaturated  solid  solution,  then 
strains  and  ages  the  specimens,  precipitation  on  dislocations  will  occur  in 
the  later  stages  of  aging.  This  is  superposing  quench  aging  upon  strain 
aging.  Fig.  24  illustrates  the  aging  of  an  Fe-0.02/i^  N  alloy,  quenched  from 
500OC,  then  strained  35^  in  tension.  After  one  minute  at  100°C,  no  precipi¬ 
tates  could  be  seen  on  the  dislocations  introduced  during  prestraining; 
however,  an  appreciable  amount  of  strain  aging  had  occurred.  The  strain 
aging  index  continued  to  increase  with  aging  time,  reaching  a  plateau  after 
10  minutes.  At  this  point,  the  first  fine  precipitates  were  observed  on 
dislocations.  As  aging  proceeded,  the  alloy  continued  to  strengthen.  The 
precipitates  on  dislocations  continued  to  grov;,  and  particles  began  to  form 
in  the  matrix  as  shown  in  Fig.  25a.  After  two  hours  at  lOOOC,  the  strain 
aging  index  reached  a  maximum.  As  aging  progressed,  the  nitride  particles 
agglomerated,  freeing  some  dislocation  segments  (Fig.  25b).  This  change 
in  structure  was  accompanied  by  a  decrease  of  the  strain  aging  index.  It 
should  be  noted  here  that  the  first  particles  seen  on  dislocations  are 
discrete  platelets,  lying  on  [l00]j,,  with  a  diameter  of  about  30  8.  This 
observation  differs  from  the  theory  of  Bullough  and  Newman  (44),  who 
deduced  a  continuous  particle,  lying  along  the  dislocation  line. 

The  strain  aging  of  steels  is  usually  considered  to  have  undesirable 
consequences  in  the  way  of  reduced  ductility,  embrittlement  and  surface  flaws, 
but  overemphasis  of  these  effects  can  serve  to  obscure  the  fact  that  strain 
aging  can  be  an  economical  means  of  raising  the  strength  level.  The  recent 
interest  in  warm-working  of  steels  is  a  case  in  point  (46).  When  steels  are 
worked  in  the  temperature  range  between  150  and  350°C,  aging  occurs  simultan¬ 
eously  with  straining.  The  rate  of  work-hardening  is  much  greater  than  during 
straining  at  room  temperature.  It  has  been  found  (19)  that  the  dislocation 
density  after  straining  a  low-carbon  steel  3%  at  200°C  is  about  five  times 
higher  than  in  the  same  steel  strained  at  room  temperature.  This  evidence 
supports  the  proposal  (45)  that  dislocations  strongly  pinned  during  strain 
aging  are  not  freed  from  their  atmospheres,  but  that  straining  proceeds  by 
the  generation  of  new  dislocations. 
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6.2  Control  of  Recrvstallization  by  Precipitation  on  Substructure 

Precipitation  on  substructure  can  be  used,  in  a  practical  sense, 
to  control  the  structure  and  properties  of  alloys.  One  such  instance  is  the 
use  of  precipitation  on  substructure  in  a  cold-worked  metal  to  control  the 
kinetics  of  recrystallization,  and  the  grain  size  and  shape,  texture  and 
mechanical  properties  in  the  annealed,  recrystallized  condition.  The 
process  depends  upon  solution  of  an  alloying  element  or  compound  in  the 
alloy.  This  may  occur  during  hot  rolling.  Following  the  solution  treatment, 
the  alloy  is  cooled  rapidly  to  retain  the  solutes  in  supersaturated  solid 
solution,  then  cold  worked  and  annealed.  By  suitable  control  of  the 
annealing  cycle,  precipitates  can  be  nucleated  at  subboundaries  (cell  walls) 
before  the  cells  have  grown  to  form  recrystallized  grains.  Nucleation  of 
such  precipitates  stabilizes  the  cell  structure,  greatly  decreasing  the 
number  of  cells  which  can  grow,  thereby  decreasing  the  overall  rate  of 
recrystallization,  and  producing  fewer  and  larger  recrystallized  grains. 

Commercially,  the  most  important  application  of  this  process 
is  in  the  production  of  low-carbon,  aluminum-killed  sheet  steels  for 
applications  involving  severe  forming.  The  precipitate  in  this  instance 
is  aluminum  nitride.  Fig.  26,  taken  from  Rickett,  et  al  (47),  illustrates 
the  drastic  change  in  recrystallization  kinetics  that  results  from  the 
precipitation  of  this  compound  during  the  annealing  of  cold-rolled  low-carbon 
steel.  Ihe  phenomenon  does  not  depend  upon  precipitation  of  aluminum  nitride 
alone,  however.  The  following  examples  are  taken  from  a  dilute  alloy  of 
copper  in  iron  (48).  Fig.  27  illustrates  the  differences  in  structure  pro¬ 
duced  in  iron  by  precipitation  during  the  process  of  recrystallization.  In 
the  high-purity  iron,  the  recrystallized  grains  are  nearly  equiaxed.  In  the 
dilute  Fe-Cu  alloy,  the  grains  are  much  larger  and  are  in  the  shape  of  pancakes,  with 
their  diameter  being  about  four  times  their  thickness.  This  is  the  type  of 
ferrite  structure  which  gives  aluminum-killed,  low-carbon  sheet  steel  its 
optimum  drawing  properties.  The  stepped  annealing  treatment  of  3  hours  at 
500°C,  followed  by  5  hours  at  700°C,  initiates  precipitation  on  the  cell  walls 
in  the  cold-worked  alloy,  then  completes  the  process  of  recrystallization. 

To  obtain  this  structure  of  elongated  recrystallized  grains  two 
factors  are  necessaryi 

1.  A  decrease  in  the  number  of  "nuclei"  for  recrystallization,  i.e.  a 
decrease  in  the  number  of  cells  which  grow  to  become  recrystallized 
grains.  Fewer  "nuclei"  results  in  fewer  and  larger  recrystallized 
grains. 

2.  Barriers  at  the  boundaries  of  cold-worked  grains  which  prevent  the 
new  recrystallized  grains  from  growing  across  these  boundaries. 

The  recrystallized  grains  tend  to  conform  to  the  shape  of  the  prior 
cold-worked  grains. 

Both  factors  are  present  when  precipitation  occurs  preferentially 
on  cell  walls  and  on  grain  boundaries.  Fig.  28,  taken  from  Leslie, 
et  al  (49),  shows  preferential  precipitation  of  copper  in  cell  walls,  which 
is  effective  in  preventing  migration  of  these  walls,  i.e.,  recrystallization 
is  strongly  inhibited.  This  preferential  precipitation  occurs  despite  the 
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fact  that,  as  discussed  in  Section  3.2,  there  is  not  a  strong  elastic 
interaction  between  copper  atoms  and  dislocations  in  iron.  The  effect  might 
be  even  more  pronounced  if  there  were  a  large  size  difference  between  the 
iron  and  the  solute  atoms. 

Fig.  29  shows  the  other  requirement  for  the  elongated  grain  ferrite 
structure,  precipitation  in  grain  boundaries.  The  growth  of  the  few  cells 
which  do  break  away  from  the  contraint  of  the  precipitate  particles  in  cell 
walls  is  stopped  at  the  grain  boundaries.  Thus,  only  one  of  two  grains  may 
be  nucleated  within  each  prior  cold-worked  grain,  and  these  grow  principally 
within  the  bounds  of  the  cold-worked  grain,  giving  the  pronounced  elongation 
shown  in  Fig.  27. 

Precipitation  occurring  after  cold  rolling,  but  before  recrystalliza¬ 
tion,  can  also  be  used  to  control  texture.  The  precipitation  of  copper  in 
cold-rolled  iron,  for  example,  tends  to  increase  the  retention  of  the  cold- 
worked  texture  after  annealing  and  prevents  the  formation  of  the  usual 
annealing  texture  (48). 

This  procedure  of  controlling  microstructure  and  texture  by 
preferential  precipitation  on  substructure  should  be  applicable  to  many 
metallic  systems  (e.g.  iron  in  aluminum,  "doped"  tungsten),  but  to  date  it 
has  not  been  consciously  exploited  to  any  great  extent.  Increased  applica¬ 
tion  may  follow  improved  understanding  of  the  process. 

6. 3  Use  of  Substructure  to  Reduce  Grain  Boundary  Embrittlement 

In  systems  wherein  grain  boundary  embrittlement  due  to  segregation 
of  solutes  is  a  problem,  ductility  can  be  improved  by  introducing  substructure, 
which  serves  to  decrease  the  concentration  of  solute  at  the  grain  boundaries. 
For  example,  it  is  impossible  to  quench  an  iron-1. 8/{  phosphorus  alloy  from 
high  temperatures  without  producing  intergranular  cracks  (50).  However,  if 
the  alloy  is  hot-worked  immediately  before  quenching,  the  cracks  are  eliminated 
and  the  alloys  can  subsequently  withstand  slight  plastic  deformation  at  room 
terperature.  The  density  of  substructure  introduced  by  hot  rolling  is  illus¬ 
trated  in  Fig.  30.  After  hot  rolling  to  80)6  reduction  in  thickness  at  1100°C, 
the  high  angle  grain  boundaries  are  not  visible  in  the  welter  of  dislocations. 

6.4  Reduction  of  Creep  Rate  by  Precipitation  on  Substructure  in  Austenite 

A  fourth  example  of  the  practical  value  of  precipitation  on  sub¬ 
structure  is  the  improvement  of  the  creep  characteristics  of  Type  316  aus¬ 
tenitic  stainless  steel  developed  by  prestraining  at  room  temperature,  followed 
by  aging  at  480°  then  at  705°C  (51).  This  pretreatment  leads  to  the  preci¬ 
pitation  of  M23C5  carbides  at  dislocation  sites.  In  the  absence  of  prestrain, 
creep  testing  at  705°C  results  in  the  precipitation  of  coarse  carbides  at 
grain  boundaries.  For  a  testing  temperature  of  705°C,  the  minimum  creep 
rate  decreases  and  the  rupture  life  increases  as  the  prestrain  is  increased 
up  to  25  or  30)6.  At  these  levels  of  prestrain,  most  of  the  dislocations  are 
present  in  broad  deformation  bands.  Precipitation  within  these  bands,  as 
shown  in  Fig.  31,  is  much  more  effective  in  decreasing  the  minimum  creep 
rate  than  is  a  general  dispersion  of  particles.  A  pretreatment  of  24  hours 
at  480OC  and  216  hours  at  705°C  decreases  the  minimum  creep  rate  by  a  factor 
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of  250  and  increases  the  rupture  life  by  a  factor  of  10  during  creep  testing 
at  7050C. 


Hatwell  and  Berghezan  (22),  who  also  employed  Type  316  stainless, 
found  precipitation  within  grains  only  after  20^  plastic  strain.  The 
difference  between  their  results  and  those  of  Garofalo,  et  al  (51),  is  almost 
certainly  due  to  the  two-stage  aging  treatment  used  by  the  latter.  The 
initial  treatment  at  480°C  nucleated  carbides  at  dislocations  and  the  sub¬ 
sequent  treatment  at  705°C  allowed  these  to  grow.  Hatwell  and  Berghezan 
aged  their  specimens  at  750°C  after  plastic  deformation,  a  temperature  too 
high  for  nucleation  on  dislocations,  unless  the  dislocation  density  is  quite 
high. 


Irvine,  Murray  and  Pickering  (52)  have  shown  that  precipitation  on 
dislocations  and  subboundaries  in  an  austenitic  stainless  steel  can  be  con¬ 
trolled  by  warm-working,  as  an  alternative  to  the  straining  and  aging  sequence 
employed  by  Garofalo,  et  al  (51),  and  by  Hatwell  and  Berghezan  (52). 
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FIG.  1  -  FREE  ENERGY  PER  UNIT  LENGTH  OF  A  CYLINDRICAL,  NON¬ 
COHERENT  NUCLEUS  SURROUNDING  A  DISLOCATION^!). 
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Fia  2-- EFFECT  OF  AGING  TEMPERATURE  ON  THE  NUCLEATION  OF  Fei6N2  INANFe-a02»N 
ALLOY. 
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FIG.  3  --  PRECIPITATION  OF  FejgNo  ON  DISLOCATIONS  AND  SUBBOUNDARIES  IN  AN 
Fe-a02%  N  ALLOY. 
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FIG.  4  --  PRECIPITATION  OF  CARBIDE  ON  FIG.  5  --  PRECIPITATION  OF  Fe|6N2  ON  EDGE 
SCREW  DISLOCATIONS  INANFe-  DISLOCATIONS  IN  A  SIMPLETILT 

a45Mn-a017C  AL^OY  AGED  1  hr.  BOUNDARY  OF  AN  Fe-a012%N  ALLO\ 

AT  lOJOC.  AGED  16  MONTHS  AT  250C. 
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Fia  6  -  CARBIDE  PRECIPITATION  ON  A  DISLOCATION  NETWORK  IN 
3%  SILICON  STEEL  AGED  256  HRS.  AT  100“C. 
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FIG.  8  -  NUCLEATION  OF  GOLD  PARTICLES  ON  DISLOCATIONS  IN  A  1.1  at  % 
Au-Fe  ALLOY. 


Fia  9  --  PRECIPITATION  OF  COPPER  PARTICLES  IN  FERRITE  MATRIX  IN  A  1.08%Cu-Fe 


‘(c)  AGED  10  HRS.  ATSOflOC 


FIG  10  --  PRECIPITATION  IN  AN  Fe-l.8itP  ALLOY,  ROLLED  AT 
1100®C,  THEN  QUENCHED. 
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FIG.  11  --  GROWTH  OF  PHOSPHIDE  PARTICLES  AT  DIFFERENT  NUCLEATION 
SITES.  Fe-1.8  wt%  P,  QUENCHED  FROM  IIOQOC  AGED  AT  50(fiC. 
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HOURS 

FIG.  12  -  TEMPERATURE  DEPENDENCE  OF  DISLXATION  AND  MATRIX 
NUCLEATION  IN  AN  Fe-l.8%P  ALLOY. 
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1»  Ni-lH  Nb-a  1%  C  STAINLESS  STEEL  TEMPERED 
72  HRS.  AT  7000C.  (AFTER  VAN  ASWEGEN  AND 

HONEYCOMBE28) 


FIG.  14“  INTERNAL  TWINNED  STRUCTURE  OF  MARTENSITE  PLATES 
IN  A  QUENCHED  1.0%  C  STEEL  (KELLY  AND  NUTTINGBO) 


FIG.  15  “  MARTENSITE  NEEDLES  WITH  NO  INTERNAL  TWINNING 
BUT  HIGH  DISLOCATION  DENSITY  FORMED  IN  A  ai%  C 
STEEL.  (KELLYANDNUniNG30) 
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Fia  16  --  STRUCTURE  OF  MARTENSITE  IN  AN  Fe-20  Ni  ALLOY. 


bl  lb) 


FIG.  17  -  CARS  IDES  FORMED  IN  A  a42»  C  STEEL  TEMPERED  AT 

600»F (3150C)  (a) "STREAKY CARBIDES",  (b)"CRYSTAL- 
LOGRAPHIC  CARBIDES"  aURKALC^I 
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FIG.  18  --  1.W  C  STEEL  TEMPERED  FOR  1  HR.  AT  300®C 
(KELLY  AND  NUTTINCpl) 


FI&  19  -  POLYGONIZEDSUBSTRIHTTURE  FORMED  BY  RECOVERY 
OF  TRANSFORMAT  ION  SUBSTRUaURE  IN  AN  Fe-18 
Ni-7  Co  ALLOY  AGED  AT  SOl/’C  FOR  100  HRS. 
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Fia  22  -  PRECIPITATION  IN  A  NIARTENSITIC  Fe‘20  NI-10  Cu 
ALLOY  AGED  AT  5(XfiC  FOR  100  HRS. 


Fia  23  -  PRECIPITATION  IN  A  MARTENSITIC  Fe-18  NI-7  Co-5  Mo 
ALLOY  AGED  AT  300OC  FOR  8  HRS. 
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Fia  24  -  STRAIN  AGING  OF  A  a  022»  N  ALLOY,  QUENCHED  FROM  50(PC, STRAINED  3*., 
AGED  AT  lOOPC. 
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02  lO  lOO  lOOO 

TIME,  MINUTES 

FIG.  26  -  RECRYSTALLIZATION  OF  LOW-CARBON  SHEET  STEEL  AT  5650C.  AFTER  m 
COLD  REDUCTION. 
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Fia  Zl  -  EFFECT  OF  PRECIPITATION  BEFORE  RECRYSTALLIZATION  ON  FERRITE  GRAIN 
STRUCTURE.  (QUENCHED  FROM  9250C,  COLD  ROLLED  90%.  PRETREATED  3  HRS. 
AT  50(W,  RECRYSTALLIZED  AT  700OC) 

200X  NITALETCH 


Fia  28  --  COPPER  PRECIPITATED  IN  CELL  BOUNDARIES.  Fe-OBK  Cu, 
COLD  ROLLED  60»,  HELD  3  HRS.  ATSCO^C,  10  MIN.  AT 
4500C. 
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FI&  29  --  COPPER  PRECIPITATED  IN  GRAIN  BOUNDARY  DURING  TREATMENT 
AT  500OC  PRIOR  TO  RECRYSTALLIZATION.  Fe-ttS*  Cu,  QUENCHED 
FROM  9250C,  C.  R.  60%.  HELD  3  HRS.  AT  50OOC. 
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Fia  30  --  DISLOCATION  STRUaURES  IN  AN  Fe-l-SSP  ALLOY,  QUENCHED  FROM  llOirC  AFTER 
ROaiNG,  THEN  AGED  8  HRS.  AT  500®C.  500X 
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(a)  LIGHT  MICROGRAPH,  lOOOX  (b)  EXTRACTION  REPLICA 

FIG.  31  —  STRUCTURE  OF  TYPE  316  STAINLESS  STEEL  QUENCHED  FROM  1095®C  STRAINED  25% 
AGED  AT  480^  AND  AT  Kli°C.  THEN  CREEP  TESTED  AT  705®C. 
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Mechanical  Properties  and  Precipitation  t^henomena. 


A.  Berghezan  and  A.  Fourdeux 


Union  Carbide  European  Research  Associates,  S.A. 
95  Rue  Gatti  de  Gamond,  Bruxelles  18,  Belgium. 


Part  I  :  Deformation  Sub-Structure  of  Niobium  and  its  Relation  to  Mechanical 

Properties. 

Introduction 


During  the  last  decade,  several  deformation  theories  of  metals  have 
been  developed,  most  of  them  based  exclusively  on  theoretical  models  of  the 
dislocation  structure  of  deformed  metals.  Of  particular  interest  are  those 
related  to  the  b.c.c.  metals  as  they  represent  a  very  important  class  of 
materials  such  as  iron,  steel  and  refractory  metals.  Among  these  theories, 
that  of  Cottrell  was  received  with  particular  enthusiasm  since  it  appeared 
to  be  of  rather  general  applicability. 

Cottrell's  theory  tries  mainly  to  explain  the  Oq  and  k  parameters 
of  the  Fetch  (1)  empirical  equations  which  relate  the  brittle  fracture  stress  and 
the  lower  yield  point  to  the  grain  diameter  by  the  following  simple  equations  : 

at  =  CTo  +  kf .  d"^ 

Cy  =  CTo 

Another  important  fact,  found  by  Heslop  and  Fetch  (2),  is  the  large 
increase  in  the  yield  stress  when  the  deformation  temperature  is  decreased. 

Fig.  1  shows  graphically  the  important  experimental  factors  found  by  Fetch. 

Since  the  Oq  and  k  parameters  are  not  interpreted  in  the  Fetch 
relation,  Cottrell  (3)  tried  to  give  them  a  physical  meaning.  In  his  concept  Qq 
should  be  considered  as  the  shear  stress  resisting  the  movement  of  dislocations 
along  the  slip  planes  after  they  have  been  unpinned  from  the  impurity  atmosphere, 
whereas  k  is  the  product  of  the  shear  stress  (aj;)}  needed  to  unpin  a  dislocation 
from  its  atmosphere  and  the  distance  (1)  which  separates  the  first  dislocation  in 
a  pile-up  against  a  grain  boundary  barrier  from  the  source  at  which  the 
dislocations  of  the  pile-ups  were  nucleated.  In  the  Cottrell  notation,  the  Fetch 
relation  becomes  ,  , 

Oy  =  aj  +  ky.  d"E  where  ky  = 

This  theory  thus  assumes  a  definite  dislocation  model  (Fig. 2)  of  the 
deformation  process  in  which  three  factors  are  given  an  important  physical 
meaning  :  the  lattice  friction  stresses  (a^),  the  pile-up  of  dislocations  against 
specific  barriers  (grain  boundaries)  and  the  dislocation  sources  situated  inside 
the  grains. 
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The  Cottrell  theory  developed  only  for  iron  and  steel  has  also  been 
found  adequate  for  the  refractory  metals  both  of  group  V  (V,  Nb,  Ta)  and  VI 
(Cr, Mo,  W)  of  the  periodic  table  (4>ll).  It  was  therefore  thought  that  this  theory 
might  be  considered  as  valid  for  the  deformation  of  all  the  b.  c.  c.  metals. 
However,  further  work  on  refractory  metals,  principally  by  Johnson's  group  (12) 
(Johnson  and  Wronski  (13)),  questioned  its  extension  to  the  refractory  metals, 
although  this  doubt  was  not  shared  by  all  workers  and  the  applicability  to  iron  and 
steel  was  never  called  into  question. 

A  number  of  further  theories  have  been  developed  based  on  other 
hypothetical  dislocation  mechanisms,  but  all  suffered  from  the  fact  that  their 
exact  verification  was  extremely  difficult,  if  not  impossible,  so  long  as  the 
behavior  of  the  dislocations  must  be  inferred  from  indirect  measurements.  With 
the  advent  of  transmission  electron  microscopy,  however,  the  situation  changed 
almost  overnight  because  at  last  a  tool  was  available  whereby  the  deformation 
process  could  directly  be  observed  at  an  atomic  scale.  The  primary  purpose  of 
the  present  work  is  to  report  the  contributions  o^  this  technique  to  the 
experimental  evaluation  of  the  principal  theories  that  have  been  proposed  and  to 
study  at  first  hand  the  interaction  between  the  dislocations  and  impurities 
remaining  in  the  metal  during  the  deformation  and  precipitation  annealing.  The 
present  study,  however,  is  in  the  nature  of  a  progress  report  since  the  results 
are  so  far  confined  to  niobium  deformed  only  at  room  temperature. 

Experimental  Techniques. 

Niobium  which  had  been  prepared  by  electron  beam  melting  was  used 
in  all  experiments  and  had  the  following  analysis  :  210  ppm  carbon,  100  ppm 
oxygen  and  90  ppm  nitrogen.  The  ingots  >Khich  were  initially  of  10  mm  diameter 
were  first  cold  rolled  to  a  thickness  of  0.1  mm  and  then  annealed  in  vacuum  at 
various  temperatures  and  for  various  times  to  permit  recrystallization  and  grain 
growth. 


It  was  found  necessary  to  perform  two  series  of  defornnations  ;  one 
inside  and  the  other  outside  the  electron  microscope.  The  final  dislocation 
pattern  observed  in  the  latter  series  can  frequently  be  understood  only  when  the 
various  steps  in  producing  this  pattern  are  seen  in  the  microscope  itself.  The 
deformations  outside  the  microscope  started  with  the  0,1  mm  sheets  which 
were  stretched  in  a  Chevenard  micro»tensile  machine  up  to  precisely 
predetermined  points  on  the  stre  ss«strain  curve  and  the  samples  so  prepared 
were  electrolytically  thinned  for  viewing  in  the  electron  microscope  ;  the  sam¬ 
ples  stretched  in  the  instrument  were  first  electrolytically  thinned. 

The  majority  of  the  samples  used  to  investigate  the  initial, 
recrystallized  material  were  treated  at  1100*C  for  periods  up  to  15  hours  and 
produced  metal  with  grain  sizes  in  the  range  between  5  and  10  |j  diameter. 

These  samples  are  characterized  by  the  complete  absence  of  sub¬ 
boundary  networks  and  an  extremely  small  dislocation  density  within  the 
grains  ;  the  grain  boundaries  appear  to  have  achieved  at  least  quasi-stable 
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positions  since  the  interboundary  angles  at  intersections  approximate  IZO* 

(See  Fig.  3).  In  Fig.  4  the  stress-strain  curve  of  these  samples  is  shown, 
where  it  is  seen  that  the  elastic  limit  is  decidedly  low  but  there  is  an 
extremely  large  elongation.  The  most  striking  feature,  however,  is  the 
extraordinarily  small  rate  of  work  hardening  -  it  may  in  fact  even  be  zero. 

In  this  respect  niobium  definitely  differs  from  iron  and  the  members  of 
group  VI  where  the  work  hardening  rate  is  appreciably  larger. 

Examination  of  Samples  Deformed  Outside  the  Electron  Microscope 

The  early  stages  of  the  deformation  are  characterized  by  a  very 
great  heterogeneity.  So  long  as  the  total  deformation  remains  below  about 
3.  5%  there  is  an  enormous  difference  in  the  behavior  of  different  grains  ;  some 
show  large  dislocation  concentrctions  while  others  seem  to  have  been  totally 
unaffected  ;  a  fact  which  is  undoubtedly  to  be  attributed  to  the  different 
orientations  of  the  grains.  This  is  seen  clearly  in  Figs.  5,6,7  and  8  which 
represent  different  fields  in  a  sample  elongated  by  1.9%.  Two  different  types 
of  dislocation  may  be  seen  :  long  dislocation  lines  and  dislocation  loops.  These 
differ  considerably  in  aspect  and  distribution.  The  lines  are  sometimes 
straight  and  well-oriented  but  more  often  they  are  irregular  ;  curved  with 
frequent  cusps  or  straighter  with  numerous  jogs.  The  loops  appear  to  be  of 
two  different  sorts  :  small,  almost  round  rings  and  large  elongated  loops. 

It  is  believed  that  they  are  formed  by  two  different  mechanisms,  as  will  be 
mentioned  in  some  more  detail  later. 

The  role  of  grain  boundaries  in  the  deformation  process  is  worthy  of 
special  note  since,  on  occasion,  they  are  seen  to  serve  as  preferred  sources 
of  dislocations  (Fig.  9)  or  as  acceptors  of  mobile  dislocations  and  at  all  times 
they  form  very  effective  barriers,  but  against  which  the  dislocations  do  not 
form  pile-ups  (Fig.  10).  This  last  is  of  particular  significance  in  b.  c.  c. 
metals  because  precipitate  particles,  as  will  be  seen  in  a  moment,  cannot 
serve  this  function.  When  acting  in  their  guise  as  acceptors,  the  grain 
boundaries  readily  accommodate  the  newly  arriving  dislocations  thereby 
modifying  their  structure  far  more  drastically  than  would  correspond 
to  the  change  of  dislocation  density  within  the  grains. 

On  the  portion  of  the  stress -strain  curve  between  about  2%  and 
3.  5%  elongation  the  deformation  remains  very  heterogeneous  from  grain  to 
grain  but  there  is  a  considerable  increase  in  dislocation  density  particularly 
of  the  two  kinds  of  dislocation  loops  mentioned  above.  These  appear  to 
increase  more  rapidly  than  do  the  mobile  dislocations.  This  may  be  seen  in 
Fig.  11  which  is  reasonably  typical  of  this  stage  although  it  should  be 
emphasized  again  that  there  is  a  wide  variation  from  grain  to  grain  again 
probably  depending  on  orientation. 

In  Fig.  12  a  high  angle  grain  boundary  is  seen.  In  the  starting 
material  these  boundaries  do  not  show  normally  any  structure  because  their 
dislocation  network  is  too  fine  to  be  resolved,  but  the  fresh  dislocations 
arriving  at  the  boundaries  during  the  deformation  make  changes  in  the  initial 
uniform  contrast  and  the  new  dislocations  can  readily  be  resolved  and  studied. 
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Thus  it  appears  reasonable  to  assume  that  the  dislocations  seen  here  are  new 
ones  that  have  been  accepted  by  the  boundary.  However ,  it  is  not  yet  certain 
whether  these  new  arrivals  lie  actually  in  the  plane  of  the  boundary  or  in 
closely  neighboring  planes  ;  the  latter  is  the  more  probable. 

One  other  important  point  is  illustrated  by  this  figure  (Fig.  12)  : 
the  grain  boundaries  are  at  first  not  "rigid"  and  only  serve  to  stop  the 
dislocations  ;  but  they  are  rather  "plastic"  in  that  they  accommodate  the  new 
arrivals  into  their  structure  thereby  growing  and  producing  kinks,  etc.  and 
rearranging  their  structures.  As  this  process  continues,  however,  the  boundaries 
become  more  and  more  rigid  and  find  it  increasingly  difficult  to  accommodate 
the  further  dislocations. 

The  interaction  of  mobile  dislocations  with  precipitate  particles 
is  illustrated  in  Fig.  13  and  14.  Here  it  should  be  cautioned  that  the  apparent 
size  of  the  precipitate  particles  is  exaggerated  by  the  low  magnification  used  ; 
at  higher  magnification  they  appear  as  small  dots  along  the  dislocation  line  on 
which  they  nucleated  during  recrystallization  annealing  but  perpendicularly 
oriented  to  it.  It  is  clear  from  these  figures  that  precipitates  ,  as  already 
mentioned,  are  very  ineffective  barriers  to  the  movement  of  dislocations 
in  these  metals  ;  only  a  few  dislocations  and  some  rings  have  been  pinned. 

One  other  frequently  observed  phenomenon  is  seen  in  Fig,  13  ;  the  dislocation 
lines  often  separate  regions  of  considerable  contrast  on  the  plate.  This,  as 
shown  by  some  calculations  of  Amelinckx  (14),  is  due  to  the  fact  that  each 
dislocation  line  forms  an  elementary  polygonization  wall  and  the  minute 
difference  in  orientation  so  produced  is  sufficient  to  increase  the  contrast 
as  observed. 


We  now  proceed  to  the  next  stage  of  the  deformation  process, 
between  4  and  5%  elongation.  The  heterogeneity  from  grain  to  grain  drops 
markedly,  no  grain  being  found  now  without  fresh  dislocations  in  it.  In  the 
grains  of  higher  dislocation  density  there  is  a  very  perceptible  tendency 
toward  grouping  ;  the  nodular  tangles  of  dislocations  are  seen  in  Fig.  15  and 
16.  The  onset  of  this  grouping  is  probably  to  be  explained  by  interaction  of  the 
mobile  dislocations  with  more  sessile  prismatic  loops.  At  any  rate,  in  many 
regions,  the  grouping  seems  clearly  associated  with  a  higher  loop  density. 
Fig,  17  shows  further  examples  of  interaction  with  precipitate  particles.  Once 
again  one  is  astonished  at  the  ineffectiveness  of  these  particles  in  producing 
pile  up  ;  only  a  bit  of  debris  and  some  rings  are  actually  immobilized  in  this 
way.  Other  interesting  interactions  are  seen  at  A,  B,  and  C  in  Fig.  17  :  at 
these  points  two-^  [ill''  dislocations  have  combined  to  form  a  segment  of  a 
[  1001  dislocation.  On  annealing  these  fragments  then  increase  their  length 
and  form  hexagonal  networks  of  twist  boundaries  ;  a  process  favored  by 
higher  temperature  (15). 

On  increasing  the  deformation  to  5,  5%  elongation  the  dislocation 
density  is  found  to  be  still  on  the  increase  but  at  a  distinctly  lower  rate.  The 
tangles  which  were  forming  earlier  now  transform  into  long  skeins  of  tangled 
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dislocations  wdiich  rapidly  extend  until  they  join  up  to  produce  some  very 
confused  cells  (Fig.  18).  Isolated  tangled  skeins  still  persist,  however,  up 
to  7-8%  elongation  (Fig.  19).  At  this  stage  the  individual  dislocations  are 
generally  still  resolved. 

The  contours  of  the  skeins  within  the  crystal  grains  appear  to  be 
determined  by  the  regions  of  higher  ring  or  loop  density  as  is  particularly 
well  seen  in  Fig.  20  v^ere  the  location  of  the  skeins  appears  to  coincide  with 
the  presence  of  larger  numbers  of  loops.  Nevertheless,  despite  the  growth 
of  the  tangled  network  of  skeins  there  is  a  still  greater  increase  in  dislocation 
density  within  the  grain  boundaries.  As  seen  in  Fig.  21  the  individual 
dislocations  in  these  boundaries  can  no  longer  be  resolved  and  the  whole 
boundary  begins  to  take  on  a  spotty  appearance.  Again,  the  presence  of 
precipitate  particles  does  not  seem  significantly  to  alter  the  dislocation 
array  in  their  immediate  neighborhoods. 

As  the  deformation  is  still  further  increased  the  skeins  gather 
in  more  dislocations  and  form  rather  well-defined  networks  (Fig.  22)  The 
grain  boundaries  ,  however,  still  keep  ahead  and  now  form  regions  of  almost 
uniform  black  contrast  (Fig.  23).  Another  significant  feature  now  emerges  : 
when  the  developing  network  of  skeins  intersects  a  grain  boundary  the  angle  of 
intersection  is  invariably  close  to  90*  ;  this  angle  is  characteristic  of  the 
junctions  of  polygonization  walls  with  high  angle  grain  boundaries  (16). 

Continuing  along  the  stress -strain  curve  as  the  point  of  rupture 
is  approached  the  dislocation  walls  become  much  better  defined  and  assume 
a  striking  geometric  regularity  ;  the  dislocation  density  in  the  contracted  walls 
has  grown  to  a  point  where  the  individuals  can  no  longer  be  resolved.  Fig.  24 
and  Fig.  25  show  this  characteristic  situation  before  and  after  rupture  and  the 
highly  regular  cells  are  clearly  evident.  The  growth  of  dislocation  density 
in  the  walls  has,  of  course,  largely  depleted  the  remaining  crystals  and 
increased  the  disorientation  between  adjacent  cells.  The  length  of  an  edge 
of  the  square  cells  is  of  the  order  of  0.  5  u  while  the  longer  dimension  of  the 
rectangular  cells  may  reach  1  u  or  even  more.  It  is  evident,  then,  that  the 
deformation  process  has  led  to  a  decided  subdivision  of  many  of  the  original 
crystallites  into  a  much  smaller,  geometrically  regular  network  of  square 
and  rectangular  cells  of  astonishingly  uniform  size.  This  agrees  well  with 
earlier  observations  of  Wood  (17),  Hirsch  (18)  and  others  (19), (20)  who  found 
a  similar  phenomenon  in  iron,  aluminum  and  aluminum  alloys.  Nevertheless  , 
it  must  be  remarked  that  this  process  of  subdivision  is  not  completely 
uniform  throughout  the  structure.  Some  of  the  cells  which  got  started  late  in 
the  deformation  process  never  catch  up  and,  at  the  point  of  rupture,  it  is 
still  possible  to  find  crystallites  -  such  as  the  one  shown  in  Fig.  26  -  which  are 
still  in  a  rather  primitive  state  so  far  as  building  a  cell  structure  is  concerned. 

Finally,  in  Fig.  27,  an  extremely  interesting  effect  is  seen. 
Particles  of  precipitate  are  here  throwing  out  dislocation  loops  by  a 
prismatic  punching  mechanism  thereby  giving  rise  to  a  very  characteristic 
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pattern.  In  a  sample  with  a  considerable  number  of  precipitate  particles  this 
could  be  a  significant  source  of  the  relatively  sessile  dislocation  loops  (21). 

This  may  also  contribute  to  dispersion  hardening. 

Discussion  of  Results  on  Samples  Deformed  Outside  the  Microscope. 

We  have  seen  that  the  deformation  process  in  niobium  is 
characterized  by  an  initial  rapid  increase  in  the  number  of  mobile  dislocations 
and,  what  is  especially  significant,  an  even  larger  increase  in  the  density 
of  the  far  less  mobile  prismatic  loops  and  rings.  This  stage  is  followed  by  a 
progressive  grouping  of  the  mobile  dislocations  into  nodular  tangles,  then 
into  skeins  and  finally  into  well-defined  and  highly  regular  walls.  It  appears 
that  the  distribution  of  these  walls  is  principally  determined  by  the  arrangement 
of  the  loops,  a  process  which  may  be  visualized  as  follows  :  Iii  the  earliest 
stages  of  the  deformation  the  mobile  dislocations  can  cross-slip  very  easily 
in  the  b.  c.c.  structure  and  hence  readily  by-pass  the  loops.  However,  as  the 
density  of  such  loops  increases  the  mobile  dislocations  find  it  progressively 
more  difficult  to  cross -slip  over  their  whole  lengths  and  consequently  only  a 
portion  of  the  dislocation  can  engage  in  this  sport.  The  partial  slipping  produces 
jogs  which  reduce  mobility  and  inaugurates  the  early  beginnings  of  grouping. 

At  the  same  time  some  climb  is  to  be  expected  and  this ,  together  with  the 
cross-slip,  bring  the  dislocations  out  of  their  original  slip  plane  and  produce 
the  irregular  tangles  in  place  of  pile-ups.  These  tangles  ,  as  we  have  seen, 
are  the  forerunners  of  the  well -organized  walls  to  be  formed  later,  but  the 
progress  toward  this  final  state  is  rendered  difficult  by  the  limited  climb. 
Consequently  the  rearrangement  of  the  tangles  into  the  regular  orientation  of 
the  walls  proceeds  relatively  slowly  as  compared  to  the  development  of  the 
grain  boundaries  already  present.  Still,  the  fact  that  when  finally  formed  the 
walls  make  the  same  angles  (near  90*)  with  the  high  angle  grain  boundaries 
and  that  they  produce  a  disorientation  somewhat  less  sharp  but  of  the  same 
order  as  that  of  the  polygonization  walls  forces  us  to  consider  even  the 
initial  tangles  as  incipient  polygonization  walls. 

This  view  Hnds  additional  support  in  some  recent  work  by 
Keh  (22),  (23)  on  iron  at  low  and  at  high  temperatures.  He  observed  that  at 
low  temperatures  there  was  little  tendency  toward  grouping  of  the  dislocations 
but  at  higher  temperatures  a  dislocation  structure  was  achieved  which  was 
nearly  as  regular  as  the  polygonization  walls.  This  strengthens  the  argument 
in  our  case  that  the  tangled  skeins  are  in  fact  the  first  step  in  polygonization. 

Still  further  confirmation  is  found  in  recent  observations  by 
Morgand  (24)  on  Armco  and  zone  refined  iron.  The  tangled  dislocation  structures 
were  found  to  be  far  more  regular  in  the  purer  material  showing  that  increased 
purity  has  in  some  respects  the  same  influence  as  raising  the  temperature. 

It  appears,  therefore,  that  in  Morgand'w  experiments  the  refined  metal 
underwent  a  more  advanced  dynamical  recovery  than  the  Armco  iron  ;  and 
here  again  we  must  conclude  that  the  tangled  dislocation  groups  are  to  be 
considered  as  the  primitive  ancestors  of  sub-boundaries  but  with  dislocation 
structures  still  far  from  their  equilibrium  positions. 
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A  further  deduction  from  our  studies  is  the  significant  role 
played  by  the  initial  grain  boundaries  in  the  progress  of  the  deformation 
process.  These  structures  show  contradictory  behavior  in  that  they  not  only 
nucleate  the  majority  of  the  mobile  dislocations  but  they  also  accept  and, 
consequently,  terminate  the  motion  of,  considerable  numbers  of  these 
dislocations.  As  we  have  seen,  however,  they  are  at  first  plastic  and 
accommodate  the  majority  of  the  newcomers  which  reach  them  into  their 
structures  with  considerable  ease.  In  so  doing  the  boundaries  extend  and 
become  somewhat  ragged,  but  as  the  density  of  accommodated  dislocations 
increases  they  become  more  rigid  and  this  fact  seems  to  have  a  profound 
influence  in  decreasing  the  nucleation  of  new  dislocations  ;  a  process  which 
substantially  ceases  in  the  course  of  the  deformation  process.  This  can  be 
seen  in  the  relative  unavailability  of  new  dislocations  from  this  point  on. 

During  the  rest  of  the  deformation  the  walls  improve  their  ordering  and 
contract  considerably  but  hardly  add  any  new  dislocations.  In  view  of  the 
fact  that  extensive  pile-ups  of  dislocations  behind  barriers  has  not  been 
observed  in  our  studies  and  since  it  is  generally  accepted  that  in  those  metals 
showing  pile-ups  it  is  the  back  field  stresses  produced  by  these  dislocation 
pile-ups  which  rob  them  of  sufficient  plasticity  further  to  withstand  rupture, 
it  is  reasonable  to  assume  that  the  process  just  described  is,  at  least 
in  niobium,  the  one  which  prepares  this  material  for  the  final  debacle.  If  this 
were  so ,  it  would  give  an  interpretation  of  the  observed  extremely  low  rate 
of  work  hardening  ;  a  phenomenon  which  is  probably  characteristic  of  the 
influence  of  the  extensive  dislocation  pile-ups  ;  we  shall  return  to  this  point. 

Observations  during  Stretching  within  the  Electron  Microscope. 

We  now  pass  on  to  the  results  of  experiments  performed  within 
the  electron  microscope  which  nicely  complement  the  work  described  thus  far. 
Here  we  can  actually  follow  the  movement  of  the  individual  dislocation  and, 
because  of  the  tracks  which  are  fortunately  left  behind,  such  movement  can 
even  be  seen  in  the  photographs. 

The  most  striking  observation  in  watching  the  movement  of 
dislocations  in  stressed  niobium  is  the  fact  that  they  follow  extremely 
sinuous  paths.  This  is  even  true  at  the  ve’-/  beginning  of  the  deformation 
and  is  illustrated  in  Fig.  28  and  29  wheru  the  moving  dislocations  appear  to 
deviate  from  their  slip  planes  with  no  appreciable  hindrance.  In  fact  straight 
paths  ,  in  direct  contrast  to  the  situation  in  f.  c.  c.  metals,  are  very  rare 
because  nearly  all  dislocations  have  more  or  less  screw  character  and 
consequently  easily  change  from  one  slip  plane  to  another.  This  gives  the 
overall  impression  that  the  dislocations  do  not  remain  on  any  precise  slip 
plane.  However,  if  the  motion  be  carefully  analysed,  it  will  be  found  that 
each  segment  of  the  path  in  fact  lies  in  a  (llO)  slip  plane  and  pursues 
precisely  a  T  111!  direction.  No  doubt  this  difference  in  behavior  as  compared 
to  f.  c.  c.  metals  is  to  be  explained  by  the  greater  number  of  available  active 
slip  planes  making  smaller  angles  with  one  another.  In  Fig.  29  we  also  see  the 
first  emergence  of  dislocation  loops  which  only  appear  in  regions  where  slip  has 
already  occurred.  In  Fig.  30  we  see  that  the  slip  seems  to  be  more  pronounced 
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near  the  grain  boundaries  and  in  Fig.  31  we  observe  that  it  becomes  more 
and  more  prolific  inside  the  grains  as  the  deformation  progresses. 

The  role  of  grain  boundaries  in  nucleating  dislocations  is 
apparent  in  Fig.  32  where  it  is  seen  that  a  single  boundary  can  send  out 
dislocations  in  both  lateral  directions.  Here  again  one  sees  the  relatively 
high  density  of  dislocation  loops  in  the  region  which  has  experienced  slip 
while  outside  such  regions  they  are  completely  absent.  This  underlines  that 
even  within  a  crystallite  there  is  considerable  heterogeneity  from  one  place  to 
another  in  the  ef^fects  produced.  In  Fig.  33  we  again  see  the  grain  boundaries 
in  the  gui.se  of  dislocation  acceptors  and  we  note  once  more  the  absence  of 
pile-up.  Finally,  an  indication  of  the  markedly  different  behavior  of 
different  grains  is  apparent  in  this  figure. 

In  Figs.  34  and  35  we  are  able  to  contrast  the  relatively 
sessile  prismatic  loops  and  rings  already  described  with  the  mobile 
dislocations  ;  whereas  the  latter  have  passed  completely  through  the  photogr^h 
the  former  have  shown  no  perceptible  movement.  There  is  some  reason  to 
believe  that  the  rings  and  the  distended  loops  may  be  formed  by  separate 
mechanisms.  In  the  former  case,  the  small  rings  are  apparently  produced 
by  condensation  of  vacancies  since  ,  when  watching  the  sample  being 
stressed  in  the  microscope,  they  seem  suddenly  to  appear  with  no  apparent 
preparation  for  their  coming.  The  rings  are  found  from  the  very  beginning 
of  the  process  even  in  regions  where  cross -slip  has  been  very  limited  and 
this  suggests  that  the  point  defects  may  have  been  produced  by  dislocations 
of  indeterminate  axis  according  to  the  mechanism  of  Kuhlmann,  Wilsdorf 
and  Wilsdorf  (25).  This  conviction  is  strengthened  by  the  frequent  appearance 
of  dislocation  lines  with  sharp  cusps  -  seen  clearly  at  the  arrows  in  Fig.  36 
and  also  in  Fig.  32  -  which  must  be  expected  if  the  Kuhlnaann,  Wilsdorf 
and  Wilsdorf  mechanism  were  operative. 

For  the  formation  of  the  elongated  loops  we  have  no  definite 
suggestions  beyond  the  possibility  that  they  may  be  produced  by  one  or  both  of 
the  two  mechanisms  already  proposed  :  double  cross -slip  followed  by  closing 
up  of  the  dislocation  dipole  (26),  (27),  (28),  (29)  or  by  the  interaction  between 
two  mixed  dislocations  on  parallel  slip  planes  (30). 

The  interaction  of  mobile  dislocations  with  precipitate 
particles  could  be  better  followed  during  the  studies  inside  the  microscope. 

The  very  minor  role  played  by  such  interaction  is  clearly  apparent  in  Fig.  36 
and  also  in  Fig.  37.  Here  again  the  effectiveness  of  cross-slip  in  enabling 
the  dislocations  to  escape  entrapment  is  well  revealed.  Particularly 
instructive  in  this  connection,  however,  are  the  next  four  figures  (4  38-41 
inclusive)  which  show  the  same  field  at  successive  instants.  If  attention 
be  fixed  on  the  precipitate  particles  A,  B,  C  and  D  in  these  figures  ,  it  will 
immediately  become  apparent  that  not  more  than  3  to  6  dislocations  pile  up 
behind  each  particle  and,  although  a  plethora  of  new  dislocations  follow  the 
original  ones,  by  a  cross -slip  zig-zag  movement  reminescent  of  the  football 
field,  they  all  circumvent  the  traffic  congestion.  Nevertheless ,  a  few 
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disloatioiu  are  pinned. 

Fig.  42  is  especially  instructive  because  it  shows  that  large 
precipitate  arrays  can  temporarily  slow  down  dislocation  movement.  Even  here, 
however,  most  of  the  dislocations  escape  through  cross-slip  but  they  are  largely 
deflected  from  the  penumbra  of  the  particle.  It  is  believed  that  this  photograph 
provides  strong  support  for  the  cross -slip  mechanism  for  avoiding  pile-up. 

Still  another  significant  observation  is  shown  in  Fig.  43 
r^ere  a  Piobert-Lviders  or  striction  band  is  shown  the  edge  of  which  is  serving  as 
a  source  of  dislocations  -  a  nucleation  possibility  alreckdy  predicted  by  Johnson 
(40)  in  his  theory  of  the  deformation  of  b.  c.  c.  metals.  In  Fig.  44  the  subdivision 
of  such  a  Liiiders  band  into  blocks  reminiscent  of  those  already  reported  in 
aluminum  is  seen.  It  is  striking  here,  however,  that  these  dividing  walls,  in 
direct  contradistinction  to  the  results  for  aluminum  (31),  are  not  effective 
dislocation  barriers  and  produce  no  significant  pile-up. 

To  summarize  the  conclusions  from  studies  inside  the 
electron  microscope  it  seems  well  established  that  the  most  important  single 
feature  of  the  deformation  mechanism  is  the  predominant  importance  of  cross¬ 
slip  which  determines  all  the  remaining  characteristic  features  :  absence  of 
dislocation  pile-ups  ,  failure  of  total  dislocations  to  separate  into  partials ,  and  the 
weak  or  transitory  trapping  of  dislocations  behind  precipitate  particles.  These 
facts  well  explain  the  extremely  low  work  hardening  rate  *  shown  by  the  stress- 
strain  curve  as  well  as  the  extreme  ductility  of  b.c.  c.  metals  (when  sufficiently 
free  of  interstitials)  which  can  easily  surpass  that  of  f.  c.c.  metals.  A  further 
deduction  from  the  absence  of  visible  89>aration  of  total  dislocations  suggests 
that  the  appearance  of  large  stacking  faults  in  such  metals  is  highly  improbable 
and  indicates  that  those  reported  in  annealed  samples  (32),  (33)  are  probably  due 
to  a  local  segregation  of  impurities  -  in  all  likelihood  introduced  through  conta¬ 
mination  during  annealing.  All  this  is  further  in  accord  with  Crussard's  (36) 
view  that  the  Suzuki  effect  might  produce  such  stacking  faults  in  b.  c.c.  metals. 

Summary  and  Conclusions. 

Some  observations  on  the  impact  of  the  results  here  reported 
on  the  deformation  theories  which  have  been  advanced  to  date  will  now  be  made. 

We  started  our  discussion  with  Cottrell's  attempts  to  provide  through  a  specific 
dislocation  model  a  general  theoretical  basis  for  the  purely  empirical  relations 
discovered  by  Fetch.  In  the  model  chosen  for  this  purpose  ,  dislocation  sources 
within  the  grains  and  large  dislocation  pile-ups  against  the  grain  boundaries 
played  key  roles.  Unfortunately,  our  electron  microscope  results  do  not  support 
this  model.  In  fact,  neither  in  our  work  nor  in  the  results  of  Keh  and  Morgand 
on  iron  can  large  dislocation  pile-ups  be  detected  at  the  boundaries.  Although  the 


it  It  will  be  seen  later  that  an  additional  reduction  of  the  work  hardening  rate 
is  expected  from  the  dynamical  recovery  which  operates  by  both  cross -slip  and 
climb. 
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boundaries  do,  in  fact,  accept  dislocations  and  accommodate  them  into  their 
structure,  thus  serving  as  a  sort  of  barrier,  they  also  act  as  the  primary,  if 
not  the  only,  source  of  dislocations  during  the  earlier  stages  of  the  deformation 
and  this  fact  has  yet  to  be  introduced  into  any  model  used  as  a  basis  for  a 
general  theory.  Furthermore,  we  have  already  seen  that  the  boundaries  during  a 
considerable  portion  of  the  deformation  are  not  "rigid"  but  rather  plastic.  The 
main  effect  of  this  fact  is  a  continuous  rearrangement  in  the  boundary  structure 
as  new  dislocations  are  absorbed,  the  gradual  development  of  rigidity  during  the 
deformation  process  and  the  progressive  drying  up  of  these  boundaries  as 
dislocation  sources.  Here  we  see  the  elements  of  a  theory  of  "source  hardening" 
which  increases  with  plastic  strain  and  which  several  theoreticians  -  for 
example,  N.F.  Mott  (35)  have  been  seeking.  Another  point  worth  stressing  is  the 
fact  that  the  grain  boundaries,  since  they  completely  surround  the  grains  and 
hence  cannot  be  avoided  by  cross -slip  are  really  the  only  effective  barriei^ 
but  even  these,  because  of  their  ready  and  efficient  fitting  of  the  acquired 
dislocations  into  their  structures,  do  not  cause  the  pile-ups  of  the  sort 
visualized  in  the  Cottrell  theory  and  actually  observed  only  in  certain  f.  c.c. 
metals  (alloys). 

We  are  thus  led  to  recognize  the  vital  r6le  played  by  grain 
boundaries  in  the  deformation  process  and  it  is  certainly  in  their  ambivalent 
behavior  as  both  sources  and  sinks  of  dislocations  that  the  extremely  high 
ductility  of  pure  niobium  is  to  be  sought.  THs  indicates  that  the  ductility  is 
dependent  on  grain  size  and  further  suggests  that  a  new  interpretation  of  the 
Fetch  parameters  should  be  made  on  the  basis  of  a  more  realistic  model, 
since  Cottrell  formulated  his  before  direct  observations  of  dislocation  structure 
became  possible. 

No  attempt  will  be  made  here  to  reinterpret  the  Fetch  relations 
in  a  quantitative  way  -  in  our  view  such  treatment  must  await  more 
extensive  measurements  on  other  b.c.c.  metals  over  a  considerably  wider 
range  of  temperatures  than  the  single  temperature  results  reported  here. 
Furthermore,  significantly  more  detailed  studies  of  the  effect  of  impurities 
must  be  carried  out  and  such  studies  will  at  present  be  rendered  extremely 
difficult  by  the  uncertainty  of  the  analyses  in  these  pure  materials  and  the  ever 
present  danger  of  serious  contamination  of  initially  carefully  refined  material 
during  the  necessary  heat  treatments. 

During  this  discussion  the  small  influence  of  precipitate 
particles  -  especially  the  smaller  ones  -  in  hindering  the  motion  of  dislocations 
in  niobium  has  been  pointed  out  several  times.  It  follows  from  this  fact  that 
precipitates,  at  least  at  low  concentration,  should  not  greatly  affect  the 
mechanical  properties  of  such  metals.  Actually,  the  principal  precipitates 
in  the  niobium  used  here  prove  to  be  carbides  and  we  conclude  that  this  metal 
should  be  able  to  tolerate  relatively  large  quantities  of  carbon  before  the 
mechanical  properties  begin  to  be  impaired.  It  must  also  be  recalled  that  the 
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precipitate  particles  themselves  can,  by  prismatic  punching  during  the 
deformation,  nucleate  copious  quantities  of  dislocations  and  this  augmented 
supply  will  increase  with  the  concentration  of  precipitate.  It  appears  reasonable, 
on  the  basis  of  our  studies,  to  suggest  that  the  lower  observable  limit  of  carbide 
influence  on  mechanical  behavior  of  niobium  might  be  of  the  order  of  twice  the 
analysis  of  the  present  samples  -  that  is,  about  500  p.  p.m.  On  the  other  hand 
oxygen  behaves  considerably  differently,  but  its  quantitative  behavior  cannot 
presently  be  predicted. 

The  introduction  of  the  tangled  bkeins  of  dislocations  and  their 
development  during  the  deformation  process  into  well-defined  cell- walls  has 
some  extremely  puzzling  aspects  particularly  with  respect  to  the  actual 
influence  such  structures  have  on  mechanical  behavior.  The  presence  and 
similarity  of  these  arrangements  in  two  b.  c.c.  metals,  niobium  andiron,  as 
well  as  in  f.  c.c.  metals  requires  considerable  explanation  in  view  of  the 
considerable  difference  in  mechanical  behavior  of  these  two  types.  The  mystery 
is  deepened  by  the  fact  that  the  jog  theory  of  deformation,  based  on  the  density 
of  dislocations  in  the  tangles  proposed  by  Hirsch  (35) ,  (36)  for  f.  c.  c.  metals  , 
has  been  shown  by  Keh  (22)  to  be  applicable  also  to  iron  despite  the  fact  that  Li 
(37)  has  shown  that  the  Hirsch  formula  cannot  hold  for  b.  c.c.  metals  for 
completely  different  reasons.  To  resolve  this  difficulty,  Li  has  proposed 
a  new  theory  applying  some  ideas  concerning  the  repulsive  forces  between  the 
mobile  dislocations  and  those  in  the  skeins  first  put  forth  by  Friedel  (38) 
and  Saada  (39).  However,  contrary  to  these  authors,  Li  does  not  believe 
that  the  mobile  dislocations  penetrate  the  array  of  dislocations  in  the  skeins 
but  rather  that  the  latter  move  cooperatively.  These  conflicting  points  need 
clarifying. 

However,  it  seems  inescapable  that  neither  the  presence 
of  the  skeins  nor  their  subsequent  development  into  a  regular  system  of  cell- 
walls  achieves  any  detectable  work-hardening.  It  may  be  that  the  very  concentra¬ 
tion  of  the  new  dislocations  into  such  regular  structures,  thereby  leaving 
considerable  areas  almost  free  ,,  may  serve  so  to  change  the  average  distribution 
that  the  mean  free  path  of  a  mobile  dislocation  is  actually  increased.  Such  a 
mechanism  would,  therefore  ,  counteract  the  opposite  tendency  of  the  gradually 
stiffening  grain  boundaries  in  decreasing  ductility.  Said  another  way  the  steady 
draining  off  of  the  mobile  dislocations  into  the  tangled,  but  rather  concentrated 
cell-walls  may  be  a  measure  of  the  extent  of  dynamic  recovery  which  the  metal 
experiences  during  deformation.  This  idea  needs  to  be  verified  by  further  work 
but  it  does  seem  to  fit  all  the  facts  known  so  far.  In  particular,  the  parabolic 
aspect  of  the  stress -strain  curve  of  polycrystalline  materials  could  be  explained 
as  the  progress  of  the  dynamic  recovery  in  counteracting  the  stress  fields  due 
to  the  increasing  numbers  of  new  dislocations.  The  same  mechanism  might  apply 
to  stage  III  of  the  work  hardening  curves  of  f.  c.c.  single  crystals  -  this  stage 
is  produced  by  the  onset  of  dynamic  recovery.  Further  support  is  found  in  the 
observation  by  Keh  that  at  low  temperatures,  where  the  yield  stress  is  significatt 
ly  higher,  there  is  no  tendency  of  the  dislocations  to  group  and  by  the  observation 
by  Morgand  that  this  grouping,  at  a  given  temperature,  is  greatly  favored  by 
high  purity.  This  induces  in  the  stress-strain  curve  a  steady  plastic  strain 
which  thus  appears  to  be  a  result  of  both  cross -slip  and  climb  since  both  should 
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operate  during  the  dynamical  recovery. 

Finally,  it  is  known  that  some  extremely  pure  metals  may 
begin  to  recrystallize  during  deformation  at  room  temperalure.  In  iron  and 
niobium  there  is  no  question  of  this  because  of  their  high  melting  points  but  it 
does  appear  to  us  that  a  corresponding  r6le  in  holding  down  the  rate  of  work 
hardening  might  be  assumed  by  the  ordering  inherent  in  the  dynamical 
recovery  and  this,  together  with  the  concomitant  effects  of  cross-slip,  could 
perfectly  well,  in  our  view,  explain  the  near  zero  work  hardening  rate 
observed  in  pure  niobium. 


Part  II  :  Annealing  Sub-Structures  of  Niobium  and  Preferential  Precipitation 

on  Dislocations. 


A.  Polygonization  in  Niobium. 

The  most  striking  feature  of  the  structure  evolution  in 
deformed  niobium  is  the  tendency  to  form  stable  polygonization  boundaries  of 
tilt,  twist  and  intermediate  character.  Figs.  45,  46  and  47  show,  respectively, 
examples  of  each  of  these  types.  Actually,  polygonization  is  seen  to  be  a 
very  easy  process  in  niobium  which  implies  the  possibility  of  large  amounts 
of  climb  and  hence  of  high  concentrations  of  vacancies  which  do  not  anneal  out 
up  to  the  polygonization  temperature.  The  mechanism  by  which  this  concentra¬ 
tion  is  maintained  may  be  shown  to  be  associated  with  the  presence  of  dislocation 
rings  formed  in  large  quantities  during  the  room  temperature  deformation  as 
may  be  seen  in  Fig. 49  where  the  density  is  of  the  order  of  5  x  These 

rings,  which  are  of  70  to  100  A  diameter  and  hence  only  resolved  at  high 
magnifications,  appear  to  be  formed  by  condensation  of  vacancies  during  the 
deformation  ;  a  process  already  shown  (41)  to  occur  in  zinc.  In  that  case, 
however,  the  dislocation  rings  surround  stacking  faults  which  is  not  true 
inb.c.c.  metals. 


If  the  samples  are  annealed  at  750*  C  following  deformation 
the  rings  are  seen  (Fig.  50)  to  expand  significantly  to  300  to  600  A  diameter 
either  by  capture  of  existing  free  vacancies  or  by  the  disappearance  of  some  of 
the  smaller  rings,  since  their  density  simultaneously  decreases  to  0.5  to 
2  X  10^^/cm^.  This  evolution  of  the  rings  does  not  appear  to  be  accompanied 
by  any  particular  rearrangement  of  the  mobile  dislocations. 

If  the  samples  are  annealed  at  a  higher  temperature  (~900*C) 
the  dislocation  rings  disappear  completely  by  contraction  while  the  mobile 
dislocations  rearrange  themselves  into  polygonization  walls  (Fig.  51).  Since 
these  two  phenomena  appear  simultaneously  it  is  reasonable  to  assume  that 
they  are  connected.  Since  the  contraction  of  the  rings,  in  turn,  doubtless 
occurs  with  reemission  of  the  vacancies,  it  is  further  reasonable  to  assume 
that  in  the  course  of  this  contraction  the  metal  receives  a  flux  of  vacancies 
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which,  as  a  result  of  the  greatly  facilitated  climb,  triggers  the  polygonization 
process.  Support  for  this  interpretation  is  provided  by  the  phenomena  observed 
at  the  intermediate  temperature  of  825* C  ;  here  in  some  regions  only 
polygonization  is  observed  in  others  only  expanded  rings,  but  the  two  never 
occur  together. 


The  high  incidence  of  twist  boundaries  is  an  extremely 
interesting  feature  of  these  structures.  According  to  the  geometrical 
dislocation  model  such  a  boundary^  should  possess  a  losange- shaped  pattern 
with  sides  parallel  to  [211]  and  [211].  This  model,  however,  is  not  stable 
since  at  points  of  intersection  the  dislocations  react  according  to  the 
equation 


J[lll]  +  J[ill] - -  a[l00] 

to  form  a  [  100]  segment,  thereby  transforming  the  losange  into  a  hexagonal 
network.  Such  a  reaction  may  be  seen  to  happen  each  time  a  single  dislocation 
reaches  a  pure  tilt  boundary  and  this  produces  a  zig-zag  pattern  (see  arrows) 
in  the  regular  parallel  array  of  dislocation  lines  in  the  tilt  boundary  (Fig, 48). 

It  follows  that  the  interaction  of  two  or  more  dislocations  converts  locally  a  tilt 
into  a  twist  boundary  (Fig.  52)  and  accounts  for  the  prevalence  of  twist  boundaries 
in  niobium  ;  this  should  be  equally  true  of  other  b.c.c.  metals. 

A  further  interesting  observation  is  concerned  with  the 
interaction  of  grain  boundary  junctions  during  annealing  as  seen  in  Fig.  53 
where  a  pure  tilt  boundary  interacts  with  a  pure  twist  boundary.  It  is  clearly 
seen  that,  at  the  intersection,  the  dislocation  concentration  increases  and  the 
mesh  size  of  the  resulting  network  correspondingly  decreases.  As  multiple 
junctions  are  formed  this  process  is  repeated  and  the  structure  becomes 
progressively  more  complicated  (Fig. 54)  and  more  fine-meshed  until  it  can 
no  longer  be  resolved  in  the  electron  microscope.  The  final  result  is 
boundaries  of  higher  angle  of  disorientation  the  structures  of  which  are 
deducible  from  this  mechanism  of  repeated  junctions. 

B.  Precipitation  Studies. 

It  is  well  known  from  many  optical  microscope  studies 
(42),  (43),  (44)  that  the  precipitation  of  a  second  phase  takes  place  preferentially 
along  dislocation  lines,  particularly  low  angle  grain  boundaries.  This  is 
shown  in  Fig.  55  in  an  aluminum  alloy  (42)  and  transmission  electron 
microscopy  has  generally  confirmed  this  conclusion  (45),  (46),  (47).  In  Fig. 

56  the  decoration  of  a  single  dislocation  in  niobium  is  shown  while  Fig.  57 
shows  a  tilt  boundary  where  each  dislocation  is  individually  decorated.  In  Fig. 

58  a  new  phenomenon  of  considerable  interest  is  seen  ;  this  is  a  twist  boundary 
where  only  certain  dislocations  are  decorated  with  precipitate.  These  are  all 
parallel  and  have  a  Bdrgers  vector  of  the  ?  [ill]  type  ;  the  undecorated 
dislocations  are  also  parallel  but  differenUy  oriented  having  a  Bdrgers  vector 
[lOO].  Figs.  59  and  60  show  that  at  small  supersaturations  the  precipitation 
begins,  not  on  the  dislocations  in  boundary  networks,  but  rather  at  isolated 
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dislocations.  This  shows  that  these  isolated  dislocations  have  a  larger  field 
of  attraction  than  those  which  are  grouped  into  boundaries  or,  said  another 
way,  the  free  energy  per  dislocation  is  a  fuiiction  of  their  separation  and  this 
naturally  influences  the  nucleation  rate.  It  may  be  concluded  that,  when  the 
impurity  content  is  low,  precipitation  on  individual  dislocations  will  be 
preferred.  Further  important  conclusions  are  that  the  amount  of  precipitation 
seems  to  be  related  to  the  dislocation  density  and  no  precipitation  is  found  in 
areas  free  of  dislocations.  Proof  of  these  statements  may  be  found  in  Figs. 

61  ,  62,  63  and  64  the  last  two  of  which  show  samples  first  annealed  at  a  high 
temperature  (>1200‘’C)  to  dissolve  the  majority  of  impurities.  On  cooling  they 
show  no  precipitation.  One  of  these  was  then  deformed  2%,  the  other  5%  at 
room  temperature  and  both  were  annealed  15  hours  at  1000°C.  The  dislocations 
of  both  samples  are  now  decorated  but  the  samples  5%  deformed  have  a  higher 
dislocation  density  and,  as  is  readily  seen,  a  greater  amount  of  precipitation. 
Since  the  total  impurity  content  is  the  same  in  both  samples  ,  it  is  clear 
that  the  amount  of  precipitation  is  determined  by  the  precipitation  sites 
available. 


In  another  experiment  six  identical  samples  were  solution- 
treated  at  1500*0  and  cooled  to  room  temperature.  Thereupon  three  of  the 
samples  were  stretched  to  rupture  and  all  six  were  reannealed  in  the 
precipitation  range  ;  i.  e.  15  hours  ac  1000*0.  The  undeformed  samples 
showed  neither  dislocations  nor  precipitation  (Fig.  63)  while  the  ruptured 
samples  showed  copious  decoration  of  the  numerous  dislocations  present 
(Fig.  64).  It  is  concluded  that,  at  least  at  the  supersaturation  level  of  these 
samples  ,  precipitation  occurs  only  on  dislocations.  In  the  case  of  more 
contaminated  samples  having  very  high  supersaturations  there  may  be  some 
precipitation  between  the  dislocations  (Figs.  65  and  66)  but  it  always 
starts  preferentially  on  them. 

As  the  degree  of  saturation  depends  on  the  temperature, 
these  phenomena  should  be  influenced  also  by  the  annealing  precipitation 
temperature. 


In  Fig.  67  the  penetration  of  oxygen  into  a  niobium  sample 
during  annealing  in  a  poor  vacuum  is  shown.  There  is  apparently  preferential 
penetration  of  oxygen  along  grain  boundaries  and,  in  some  cases  ,  along 
individual  dislocations  as  shown  by  the  precipitate  laid  down.  The  precipitate 
particles,  which  have  not  actually  been  identified,  are  presumed  to  be  oxide. 

In  some  sanmles ,  where  the  precipitation  was  carried  out  in 
a  better  vacuum  (2  xl0“^  to  10"°  mm  Hg)  or  where  the  samples  were  protected 
by  a  niobium  foil,  the  precipitate  particles  have  actually  been  identified  after 
extraction  on  a  carbon  replica.  This  technique  permits  identification  of  the 
origin  (grain  boundaries  or  interior  of  the  grains)  of  the  particles.  Fig.  68 
shows  precipitate  particles  from  an  individual  dislocation  line  which  were 
found,  by  electron  diffraction,  to  have  the  hexagonal  structure  characteristic 
of  Nb2N  or  Nb2C.  Fig.  69  shows  precipitates  extracted  from  high  angle 
grain  boundaries  which  have  the  cubic  structure  of  NbC  or  NbN.  The  lattice 
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parameters  of  the  carbides  and  nitrides  are  so  similar  that  positive 
identification  is  impossible  although  these  are  more  probably  carbides 
because  of  the  high  carbon  content  of  the  samples. 

A  curiosity  extracted  in  these  experiments  are  the  rosettes 
shown  in  Fig.  70  where  the  dislocation  line  is  at  the  center  of  the  rosette.  It  is 
possible  that  growth  in  this  form  causes  a  minimum  of  lattice  strain. 

The  authors  are  particularly  grateful  to  Dr.  R.  H.  Gillette , 
Director  of  our  Laboratory,  for  the  constant  advice,  helpful  discussions  and 
the  help  in  the  editing  of  the  manuscript. 
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THE  ROLE  OF  SUB- STRUCTURE  IN  PHASE  TRANSFORMATIONS 


R.  M.  Fisher 
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Abstract 

Lattice  defects,  particularly  dislocations,  play  important  roles  in  the 
nucleation  and  propagation  of  phase  transformations  and  so  plastic  deformation 
prior  to  or  during  transformation  provides  a  possible  means  of  controlling  the 
kinetics  and  the  resulting  microstructure.  The  available  experimental  evidence 
and  the  present  status  of  our  understanding  of  these  effects  will  be  reviewed  for 
transformations  from  austenite,  formation  of  sigma  phase  and  the  development  of 
anti-phase  domain  structures  in  ordered  alloys. 

Introduction 

Sub- structure  can  play  several  different  roles  in  phase  transformation  or 
precipitation  processes  as  it  can  be  involved  in  both  the  nucleation  and  propaga¬ 
tion  of  the  new  phase  and  also  may  itself  be  generated  by  the  transformation 
process.  Because  of  the  ambiguity  of  the  term  'sub- structure',  in  this  report 
it  will  be  taken  to  mean  any  dislocation  array  and  these  various  roles  will  be 
discussed  and  related  to  some  of  the  previous  work  on  the  decomposition  of 
austenite,  ordering  transformations  and  the  formation  of  sigma  phase. 

Most  of  the  conceivable  roles  that  dislocations  might  play  in  phase  trans¬ 
formation  and  precipitation  are  illustrated  schematically  in  Figure  1.  As  shown 
in  Fig.  la,  the  nucleation  sites  for  the  formation  of  a  second  phase  ( ^  )  may  be 
at  either  dislocations  (top  sketch)  or  in  the  case  of  f.  c.  c.  crystals  at  stacking 
faults.  The  detailed  features  of  these  processes  will  depend  on  the  crystal 
structures  of  the  parent  and  product  phases  as  well  as  any  lattice  expansion  or 
contraction  which  may  be  involved  and  in  many  cases  nucleation  will  occur  only 
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on  specific  dislocation  configurations  such  as  pure  screw  or  edge  segments,  jogs, 
etc. 

In  body- centered  cubic  metals,  the  precipitation  of  carbon  or  nitrogen  at 
low  temperatures  is  visually  observed  to  occur  along  dislocation  lines.  Figure  2 
shows  an  example  of  carbon  precipitation  on  a  dislocation  network  in  vanadium 
and  other  examples  of  such  precipitation  in  iron  can  be  found  in  the  review  paper 
by  Keh,  Leslie  and  Speich  in  this  symposium. 

Observations  of  the  precipitation  of  carbide  on  stacking  faults  in  f.  c.  c. 

2 

stainless  steels  have  been  reported  by  Hatwell  and  Votava  and  van  Aswegen  and 
Honeycombe^. 

Possible  roles  of  dislocations  in  the  propagation  or  growth  of  a  phase 
transformation  are  illustrated  in  Fig.  lb.  Li  the  case  of  diffusionless  or  mar¬ 
tensitic  transformations,  the  atomic  rearrangement  occurs  by  shear  processes 
and  the  interface  between  the  parent  and  product  phases  consists  of  an  appropriate 
dislocation  array  as  indicated  at  the  top  of  the  ^  region  in  the  figure.  The  trans¬ 
formation  in  this  case  proceeds  by  the  movement  of  the  dislocations  in  the  array. 
If  the  transformation  occurs  by  diffusion  and  results  in  a  volume  change,  nearby 
dislocations  can  act  as  sources  or  sinks  to  supply  or  absorb  vacancies  required 
to  accommodate  such  volume  changes  as  illustrated  at  the  bottom  interface  of  the 
^  phase  in  the  sketch. 

The  inverse  of  the  processes  shown  in  Fig.  la,  b  can  also  be  expected  to 
occur,  i.  e. ,  the  generation  of  dislocation  sub- structure  during  the  growth  of  the 
new  phase  and  several  different  possibilities  are  illustrated  in  Fig.  Ic.  At  the 
right  of  the  ^  phase  region  is  shown  the  case  where  the  volume  change  during  the 
transformation  is  negative  (i.  e. ,  shrinkage).  Here  vacancy  loops  may  be  pro- 

4 

duced  which  then  move  away  from  the  particle  by  a  combination  of  glide  and 

climb  (absorption  of  vacancies).  An  example  of  such  vacancy  loops  observed  by 
5 

Smallman  in  Al-3.  SpetMg  alloys  is  shown  in  Figure  3.  A  detailed  analysis  of 
such  dislocation  loop  configurations  in  these  alloys  has  been  carried  out  by 
Embury^  and  Nicholson.  At  the  left  side,  a  positive  volvune  change  is  shown 
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which  will  result  in  the  formation  of  interstitial  loops.  These  loops  may  move 
away  from  the  particle  by  glide  as  before,  but  in  this  case  they  will  shrink  by  the 
absorption  of  vacancies  from  the  lattice.  An  example  of  such  loops  produced 
during  the  precipitation  of  chromium  carbide  in  aui  80pct  Cr-  ZOpet  Fe  alloy  is 
shown  in  Figure  4. 

Interface  dislocations  as  shown  schematically  at  the  top  of  the  ^  region 

in  Fig.  Ic  may  be  produced  to  accommodate  the  misfit  between  the  two  lattices 

when  coherency  is  lost.  This  structure  has  been  observed  along  the  cementite- 

18 

ferrite  interface  in  pearlite  and  after  cellular  precipitation  of  Ni  Ti  in  an 

7  ^ 

austenitic  Fe-30  Ni-6  Ti  alloy  (Speich)  . 

Finally  as  shown  at  the  bottom  of  the  ^  region  in  Fig.  Ic,  defect 
structures  particularly  stacking  or  sequence  faults  may  be  generated  in  the 
growing  phase  itself  as  illustrated  in  the  figure.  These  may  be  formed  during 
transformation  directly  or  they  may  result  from  the  presence  of  sub- structure 
i.  e. ,  dislocation  arrays  in  the  parent  phase.  Examples  of  these  effects  have 
been  observed  and  will  be  discussed  further  in  other  sections. 

Formation  of  Sigma  Phase 

The  pronounced  effect  of  cold-work  in  accelerating  the  rate  of  formation 
of  sigma-phase  in  iron-chromium  alloys  is  very  well-known.  It  was  first  ob- 

g 

served  by  Cook  and  Jones  and  has  been  used  extensively  since  then  to  hasten 
the  approach  to  equilibrium  in  alloys  where  sigma  phase  might  be  expected  to 
form. 

The  effect  of  cold  work  is  very  large  even  for  tramsformations  within  the 

single  phase  field,  i.  e.  ,  where  no  long  range  diffusion  is  required.  As  an  example, 

a  heavily  rolled  sample  of  46pct  Cr-Fe  will  tremsform  completely  to  sigma  in 

several  hours  at  650**C  whereas  annealed  samples  will  require  several  hundred 

hours.  The  results  of  quantitative  measurements  of  the  transformation  kinetics 

9  10 

by  Pomey  and  Bastien  and  Williams  and  Paxton  are  summarized  in  Figure  5. 

In  both  investigations  the  alloys  contained  approximately  46  wt.pct  Cr;  Pomey 
and  Bastien  cold- rolled  their  materials  90  pet.  and  determined  the  extent  of 
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transformation  by  quantitative  dilatometric  measurements,  whereas  Williams 
and  Paxton  used  filings  and  followed  the  reaction  by  magnetic  measurements. 

These  data  show  that  the  transformation  rate  is  increased  by  approximately 
a  factor  of  100  although  whether  it  is  the  nuclestion  or  the  growth  of  sigma  that 
is  affected  is  not  apparent.  A  detailed  investigation  has  been  initiated  on  this 
subject  and  some  of  the  preliminary  results  will  be  outlined  briefly  in  this  report 
as  well  as  some  other  aspects  of  the  role  of  sub- structure  in  the  transformation 
which  have  been  observed. 

The  effect  of  cold-work  on  the  growth  rate  was  determined  by  measuring 
the  diameter  of  a  number  of  the  largest  particles  that  could  be  found  in  the  sample 
following  the  procedure  frequently  used  in  studying  the  pearlite  reaction.  The 
results  of  the  measurements  on  specimens  deformed  varying  amounts  by  cold- 
reduction  are  shown  in  Figure  6  and  it  is  clear  that  the  growth  rate  is  increased 
substantially.  The  apparent  inversion  between  85  and  90  pet.  is  puzzling;  possibly 
it  is  related  to  the  fact  that  90  pet.  samples  were  deformed  using  a  different  set 
of  rolls  and  under  different  conditions  or  it  may  be  a  real  effect  as  will  be  discus¬ 
sed  further. 

Measurements  of  the  nucleation  of  sigma  phase  indicated  that  cold  work 
does  not  have  a  pronounced  influence.  The  results  suggest  that  a  particular 
amount  of  cold  work  introduced  a  fixed  number  of  nuclei  and  that  even  for  95  pet. 
reduction  the  increase  over  the  annealed  specimens  is  less  than  a  factor  of  five. 
Thin  foil  observations  are  in  accord  with  this  conclusion.  Figure  7  shows  a 
transmission  electron  micrograph  of  a  specimen  deformed  5  pet.  and  then  aged 
for  16  hours  at  650°C.  Unlike  the  case  of  precipitation  (Vanadium  Figure  2) 
shown  previously,  there  is  no  evidence  of  transformation  beginning  at  the  dis¬ 
locations.  Polygonization  and  recrystallization  occurred  in  specimens  more 
heavily  deformed  (90  pet. )  and  aged  30  min.  at  650°C  as  shown  in  Figure  8  with 
no  evidence  for  sigma  nucleation  in  most  regions. 

Feng  and  Levesque  have  reported  sigma  formation  along  deformation 
twins  in  rhenium  -  molybdenum  alloys.  Deformation  twins  were  produced  in 
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annealed  samples  of  the  46  pet.  alloy  used  in  this  study  by  means  of  hardness 
indentations  or  punch  marks  on  previously  polished  surfaces.  Twinned  areas 
were  jdiotographed  and  then  after  aging  in  hydrogen  at  650°C  the  identical  area 
wa.B  located  and  re-examined.  An  optical  micrograph  of  the  specimen  after 
etching  with  glyceregia  (the  recommended  etchant  for  sigma)  is  shown  in  Figure  9. 
From  a  preliminary  examination  of  such  areas  it  appeared  that  as  reported,  the 
twins  had  transferred  to  sigma.  However,  after  further  aging  and  using  different 
metallographic  procedures  it  was  found  that  such  twins  were  not  sigma.  Oc¬ 
casionally,  definite  sigma  particles  could  be  identified  which  were  associated  with 
the  twins  particularly  at  intersections.  An  ex^unple  of  this  is  shown  in  Figure  10. 
Thin  foil  studies  of  deformation  structures  in  these  alloys  have  shown  that  very 
intense  localized  deformation  often  occurs  at  twin  intersections  as  illustrated  in 
Figure  11.  The  rate  of  growth  of  sigma  was  also  found  to  be  enhanced  along 
some  of  the  twins  as  shown  in  Figure  12  causing  the  particles  to  have  rather  ir¬ 
regular  shapes.  In  heavily  cold-rolled  specimens,  the  sigma  particles  maintain 
a  more  spherical  shape. 

Thin  foil  observations  of  partially  transformed  specimens  show  that  some 
recovery  and  polygonization  occurs  ahead  of  the  growing  sigma  phase.  Figs. 

14a  and  14b  show  examples  after  15  min.  and  30  min.  at  650*^0  following  90  pet. 
cold  reduction  and  it  is  clear  that  the  subgrains  are  becoming  more  perfect  as 
aging  proceeds.  The  growth  measurements  indicated  that  the  rate  was  decreas¬ 
ing  during  this  period.  The  apparent  discrepancy  in  growth  rate  between  samples 
deformed  85  and  90  pet.  may  be  associated  with  more  rapid  and  pronotmeed  re¬ 
covery  in  the  samples  given  the  greater  cold  reduction. 

It  may  also  be  noted  in  these  figures  that  the  sigma  particles  contain 

faults  parallel  to  the  growth  direction.  These  have  been  studied  in  detail  by 

12 

Marcinkowski  and  Miller  and  found  to  be  sequence  faults.  A  large  number  of 
different  fault  configurations  are  possible  because  of  the  complex  crystal  structure 
of  sigma.  Marcinkowski  and  Miller  suggest  that  these  faults  are  generated  during 
the  transformation  and  this  idea  was  borne  out  by  these  observations.  Figure  15 
shows  an  example  of  a  fault  corresponding  to  a  dislocation  subboundary  in  the  ferrite. 
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Discussion 


These  preliminary  results  indicate  that  sigma  phase  is  nucleated  at  regions 
of  very  high  dislocation  density,  possibly  when  recrystallization  begins  at  these 
points.  From  a  study  of  sigma  formation  in  a  series  of  austenitic  stainless  steels, 
Lena  and  Curry^^  also  concluded  that  there  was  a  correlation  between  the  effect 
of  cold  work  on  sigma  formation  and  on  recrystallization.  In  annealed  specimens 
sigma  formation  begins  at  certain  points  along  the  grain  botuidaries  where  specific 
orientation  relationships  exist  between  the  grains  so  that  the  sigma  nucleus  can  be 
coherent  with  both  grains  simultaneously.  (These  results  will  be  reported  in 
detail  separately.)  However,  despite  this  restriction  on  nucleation  and  the  ap¬ 
parent  connection  with  recrystallization,  it  must  be  emphasized  that  cold  work 
appears  to  influence  growth  far  more  than  it  does  nucleation. 

The  origin  of  the  effect  of  dislocation  density  on  the  rate  of  growth  of 
sigma  phase  is  not  clear.  In  some  respects  the  growth  of  sigma  particles  in  the 
single  phase  field  where  no  composition  change  occurs  is  similar  to  recrystalliza¬ 
tion  and  grain  growth.  This  similarity  is  suggested  by  the  micrographs  in  Figure 
14  showing  the  interface  between  sigma  and  the  ferrite  matrix.  The  difference,  of 
course,  is  that  the  recrystallized  'grain*  has  a  different  crystal  structure  than  the 
deformed  matrix. 

The  increase  in  growth  rate  in  heavily  deformed  specimens  (approx.  lOOX) 
is  of  the  same  order  of  magnitude  as  the  effect  of  cold  work  on  grain  growth  in 
deformed  as  compared  to  annealed  specimens.  An  Arrhenius -type  plot  of  the  time 
for  50  pet.  transformation  at  different  temperatures  (from  the  data  of  Ref.  9  and 
10)  gives  the  identical  slope  of  31,000  calories  for  both  annealed  and  deformed 
specimens.  This  value  is  comparable  to  measured  activation  energies  of  re¬ 
crystallization.  However,  its  interpretation  as  with  similar  measurements  of 
recrystallization  is  complicated  by  the  possibility  of  recovery  occurrring  in  the 
lattice  ahead  of  the  growing  interface  so  that  the  driving  force  is  decreasing  with 
time.  This  effect  is  clearly  evident  from  a  comparison  of  Figs.  14a  and  14b,  but 
might  not  have  been  as  pronounced  in  the  references  cited. 
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The  stored  energy  of  cold-work  recovered  when  sigma  is  formed,  even  in 
the  most  heavily  deformed  specimens,  would  not  be  more  thaui  200  cals/mol.  If 
this  stored  energy  becomes  the  dominant  driving  force  for  growing  sigma  phase 
then  the  chemical  free  energy  involved  must  be  unusually  small.  Sigma  is  a 
more  dense  phase  thaui  ferrite  and  the  strain  energy  developed  by  the  volume 
change  could  result  in  a  substantial  reduction  in  the  effective  driving  force.  Any 
detailed  analysis  of  the  sigma  trainsformation  will  require  more  experimental  in¬ 
formation  than  is  now  available,  but  it  is  apparent  that  substructure  plays  im¬ 
portant  roles  in  the  formation  of  sigma  phase. 


Decomposition  of  austenite 


Sufficient  information  is  not  available  as  yet  to  indicate  the  role  of  sub¬ 
structure  in  the  decomposition  of  austenite  in  any  detail,  but  the  results  of  a 
number  of  investigations  suggest  that  a  close  relationship  does  exist.  Studies  have 
been  made  of  the  effect  of  applied  stress  on  the  pearlite^^’  bainite^^'  pro- 
eutectoid  ferrite^ and  martensite^^  transformation  emd  in  all  cases  above  a 
threshold  stress  level,  a  marked  acceleration  of  the  rate  of  tramsformation  was 
obtained.  Without  going  into  a  detailed  discussion  of  the  experimental  observations 
and  their  interpretation,  it  seems  quite  clear  that  these  transformations  can  be 
nucleated  by  plastic  deformation  of  austenite.  There  appears  to  be  little  effect 
of  stress  in  the  propagation  or  growth  rate  of  the  transformations  but  further 
study  of  this  point  is  desirable. 


Dislocation  sub- structure  is  generated  during  transformations  from  the 

austenite.  This  is  evident  as  extra-plasticity  which  occurs  during  transformation 
15 

vinder  stress  and  in  the  case  of  the  pearlite  reaction,  metallographic  effects 
18 

may  also  be  noted  .  Here,  even  in  the  absence  of  an  externally  applied  stress, 

sufficient  deformation  of  the  austenite  occurs  to  cause  appreciable  polygonization 

ahead  of  the  treuisformation  which  results  in  the  formation  of  small  angle  sub- 

1 8 

grains  within  the  pearlite  colony.  It  has  also  been  observed  that  the  dislocations 

in  the  polygonized  boundaries  can  block  the  growth  of  the  cementite  lamellae  but 

18 

not  the  ferrite.  Finally  it  appears  that  sub- structure  in  the  form  of  closely 
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spaced  stacking  faults  is  generated  in  the  cementite  particles  during  the  pearlite 
transformation. 

Currently  much  interest  is  concentrated  on  microstructures  produced  by 
extensive  plastic  deformation  during  or  prior  to  transformation,  i.  e. ,  treatments 
usually  referred  to  as  ausforming  or  thermomechanical  treatment.  Our  lack  of 
a  full  understanding  of  the  relation  between  dislocation  sub- structure  and  trans¬ 
formation,  handicaps  attempts  to  interpret  such  structures.  For  example  Figure 

16  shows  a  carbon  extraction  replica  of  an  ausformed  sample  of  an  experimental 

19 

steel  (composition  listed  below)  kindly  supplied  by  Dr.  Victor  Zackay  .  This 
specimen  was  deformed  90  pet.  at  a  temperature  of  about  500°C  i.  e. ,  in  the 
temperature  range  between  the  C  curves  for  pearlite  amd  bainite  formation.  From 
the  micrograph  it  is  clear  that  carbide  precipitation  has  occurred  along  the  de¬ 
formation  bands  but  it  is  impossible  at  the  moment  to  choose  between  the  several 
mechanisms  that  are  conceivable.  These  are: 

(1)  carbide  precipitated  from  the  austenite  on  dislocations  introduced 
by  the  deformation, 

(2)  the  deformation  accelerated  the  bainite  reaction, 

(3)  the  deformation  raised  the  temperature  so  that  martensite 
formed  which  immediately  tempered. 

20 

The  first  mechanism  has  been  suggested  by  Grange  and  the  latter  two  are 

14  15 

both  consistent  with  observations  on  the  effect  of  deformation  on  the  bainite  ’ 

15 

and  martensite  transformation  discussed  below. 

These  brief  remarks  are  intended  to  emphasize  that  dislocation  sub¬ 
structure  does  appear  to  have  an  important  role  in  transformation  from  the 
austenite  and  that  insufficient  experiments  specifically  designed  to  investigate 
these  effects  have  been  carried  out.  Such  studies  would  be  very  valuable  as  they 
might  shed  considerable  new  light  on  the  mechanisms  of  the  transformations  and 
also  lead  to  more  effective  thermo-mechanical  or  ausforming  processes. 

Composition  of  ausformed  steel 
3  Cr  1.5Ni  0.75Mn  0.5Mo  1.5Si  0.63C 
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Formation  of  Superlattice  Domain  Structurea 


Dislocation  sub- structure  has  an  important  and  rather  unique  role  in  the 

formation  of  superlattice  domains  during  ordering.  The  reason  for  this  is  that 

in  many  structures,  the  luiit  of  slip,  i.  e. ,  the  Burgers  vector  responsible  for 

anti-phase  domain  bovindaries  and  an  interaction  can  occur;  in  AuCu^  for  example 

these  are  both  1/2  a  <  110>  .  That  is,  the  extra  half  plane  of  atoms  which 

o 

constitutes  the  dislocation  can  eliminate  the  out  of  step  boundary  which  otherwise 

would  be  present  and  terminate  the  anti-phase  boundary  at  the  slip  plane.  This 

21 

effect  is  illustrated  in  the  schematic  drawing  by  Marcinkowski  shown  in  Figure 
17.  This  figure  also  shows  that  the  movement  of  individual  slip  dislocations  in 
an  ordered  structure  creates  new  anti-phase  boundaries.  The  energy  associated 
with  this  process  results  in  strong  coupling  between  pairs  of  dislocations  which 
greatly  reduces  the  stress  necessary  to  drive  dislocations  through  an  ordered 
lattice. 

The  termination  of  anti-phase  boundaries  on  dislocations  present  in  the 

specimen  prior  to  formation  of  the  domain  structure  has  been  observed  by 
22  21 

Pashley  and  Marcinkowski  previously.  A  difficvdty  that  is  encountered  here 

is  that  the  contrast  conditions  are  such  that  only  two-thirds  of  the  boundaries  are 
23 

revealed  in  any  particular  micrograph.  Thus,  most  of  the  apparent  terminal 
points  of  boimdaries  in  micrographs  are  due  to  this  reason  rather  than  a  true 
termination  of  the  boundary.  The  point  indicated  in  Figure  18  of  a  specimen  of 
AuCu^  slowly  cooled  from  above  the  critical  ordering  temperature  (approx.  385°C) 
corresponds  to  a  point  where  termination  on  a  dislocation  has  taken  place.  The 
extended  boundaries  running  across  the  micrographs  were  produced  by  movement 
of  single  dislocations  in  the  thin  foil.  This  deformation  occurred  during  handling 
of  the  thin  foil  specimen  and  boundaries  of  this  sort  would  not  normally  be  formed 
in  bulk  specimens. 

If  the  dislocation  density  within  the  specimen  prior  to  ordering  is  very 
high  it  can  markedly  influence  the  size  of  the  anti-phase  domains  since  their  size 
will  be  essentially  equal  to  the  dislocation  spacing.  The  rate  of  growth  of  the 
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domains  will  also  be  retarded  since  this  will  involve  dislocation  climb  processes. 

24 

Roessler,  Novick  and  Sever  have  recently  studied  the  annealing  of  AuCu^  after 
cold  work  using  electrical  resistivity  and  X-ray  techniques  and  noted  the  retarda¬ 
tion  of  domain  growth  iS  discussed  above. 

A  similar  study  of  the  effect  of  sub- structure  on  domain  size  is  currently 

25 

underway  in  this  laboratory  using  transmission  electron  microscopy.  It  has 
been  found  that  domains  formed  during  slow  cooling  of  heavily  cold- rolled  AuCu^ 
are  only  1/30  to  1/10  to  size  of  these  in  annealed  specimens  given  the  same 
cooling  treatment.  Since  the  strength  of  ordered  alloys  only  depends  strongly 
on  domain  size  if  they  are  very  small,  means  of  achieving  Very  small  domains 
are  of  considerable  interest. 


Dislocation  sub- structure  can  be  expected  to  take  several  important  roles 
in  phase  transformations  and  these  are  discussed  in  connection  with  the  nuclea- 
tion  and  propagation  or  growth  of  precipitation  or  phase  change,  hi  the  case  of 
precipitation  from  solid  solution,  nucleation  or  dislocations  on  stacking  faults 
has  been  observed  in  many  systems  although  detailed  ainalysis  has  not  been 
carried  out  as  yet. 

Observations  of  the  effect  of  plastic  strain  on  decomposition  of  austenite 
suggests  that  dislocations  introduced  by  deformation  of  the  parent  austenite  can 
serve  to  nucleate  the  pro-eutectoid  ferrite,  pearlite  and  bainite  reactions,  al¬ 
though  a  direct  connection  has  been  demonstrated.  The  importance  of  these 
effects  in  developing  ausforming  processes  is  pointed  out. 

The  effect  of  cold  work  on  accelerating  the  formation  of  sigma  phase  in 
approx.  50-atomic  percent  Fe-Cr  alloys  is  found  to  be  mainly  due  to  increasing 
the  growth  rate.  It  is  suggested  that  the  strain  energy  stored  in  the  lattice  by 
cold-work  and  released  by  the  transformation  makes  a  very  large  contribution  to 
the  driving  force. 

The  unique  relation  between  dislocations  and  the  domain  configuration  in 
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ordered  alloys  is  discussed  and  the  manner  in  which  dislocation  density  controls 
domain  sUe  is  pointed  out. 

The  various  mechanisms  by  which  sub- structure  may  be  generated  by 
phase  transformation  are  described.  Examples  are  shown  of  vacancy  or  inter¬ 
stitial  loops  generated  by  volume  changes  during  precipitation  and  of  growth 
faults  in  the  new  phase  due  to  defects  in  the  parent  lattice. 
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Fig.  1.  Scheoatlc  Illustration  of  roles  of  disloca¬ 
tion  sub-structure  in  phase  transformation, 
a)  in  nucleatlon  b)  in  propagation 
e)  generation  of  sub-structure  by  the 
transformation. 


Pig.  2. 


Carbide  precipitation  on  dislocation 
network  in  Vanadium. 
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Fig.  3.  Vacancy  loops  formed  during  precipitation 
of  Al-  3.5pet.Mg  alloy  (Smallman?) . 


4O,C}O0X 


Fig.  4.  Interstitial  loops  formed  during  carbide 
precipitation  In  80  potfCr>  Fe  at  600°C. 

4O,OO0D[ 


490 


46  pet.  Cr-  Pe  cold-rolled  5  pet.  and 
annealed  16  hours  at  650°C. 


20,OOOK 


46  pet.  Cr  -Pe  eold-rolled  90  pot.  axid 
annealed  30  ain.  at  650”C. 


Pig.  9. 


•ABOarent*  sigma  formation  along  deformation 
twins  in  46  pot.  Cr  -  Pe  during  annealing 
at  650°C. 
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Pig. 10. 


gmft  formation  at  intersection  of 
(formation  twins  in  46  pot.  Cr  -  Pe  during 
inealinf  at  690  u. 
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Fig.  11.  High  dislocation  density  at  Intersection 
of  deformation  twine  in  46  pet.  Cr  -  Pe. 

20,0001 


Fig.  12.  Rapid  growth  of  sigma  phase  edong 

deformation  twins  In  4o  pet.  Cr  -  Fe 
during  annealing  at  650°C. 
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Fig.  13.  Interface  between  sigma  phase  and  deformed 
matrix  in  46  pet.  Cr  -  Fe  annealed  for 
15  min.  at  650°C. 

20,OOQX 


Fig.  14.  Interface  between  sigma  phase  and  deformed 
matrix  in  46  pet.  Cr  -  Fe  annealed  for 
30  min.  at  650°C. 


^^8*  15  •  Growth,  f&ult  following  sub— structuro 
during  growth  of  sigma  at  656°C. 
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Fig.  16.  Carbon  extraction  replica  showing  carbide 
precipitation  edong  deformation  band  in 
aueformed  steel  18. 
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Fig.  17.  Schematic  Illustration  of  relation  between 
dislocation  sub-structure  and  anti-phase 
boundaries  In  ordered  structures'^. 


Fig.  18.  Termination  of  thermal  anti-phase 
boundary  on  dislocation. 
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Discussion  at  ASD  Symposium  on  "The  Role  Of  Structure  in 
The  Mechanical  Behavior  of  Metals"*  (Dec.  5-7*  1962  in  Orlando*  Florida) 


EFFECT  OF  SUBSTRUCTURE  ON  FRACTURE  OF  TUNGSTEN  AND 

MOLYBDENUM 

byB.S.  Lement*  ManLabs^  Inc. 

(12  3) 

Since  1959*  a  comprehensive  investigation'  ’  *  '  of  substructure  and 
mechanical  properties  of  refractory  metals  sponsored  by  ASD  has  been  car¬ 
ried  out  by  ManLabs,  Inc.  in  collaboration  with  M.  I.  T.  and  Rutgers  in  this 
country  and  with  the  universities  of  Liverpool  and  Cambridge  in  England.  Some 
of  the  results  obtained  by  Rutgers,  Liverpool  and  M.  I.  T.  have  been  presented 
during  this  Symposium.  I  would  like  to  discuss  some  of  the  results  obtained  by 
ManLabs,  which  has  the  objective  of  elucidating  the  role  of  substructure  with 
respect  to  the  ductile-brittle  transition  in  tungsten  and  molybdenum. 

One  of  the  main  questions  has  been  to  decide  whether  primary  gram  size 
or  subgrain  size  plays  the  more  important  role  in  fracture.  Based  on  the 
Griffith-Orowan  relation,  the  magnitude  of  the  critical  crack  length  was  utilized 
as  a  criterion  for  answering  this  question.  Calculations  of  critical  crack  length 
(2c)  were  made  on  the  assumption  that  the  effective  surface  energy  for  crack 
propagation  (y')  as  used  in  the  Griffith-Orowan  relation  is  approximately  the 
same  as  in  the  Cottrell-Petch  relation.  It  was  also  assumed  that  the  fracture 
stress  based  on  the  Griffith-Orowan  relation  is  equal  to  (or  slightly  less  than) 
the  fracture  stress  based  on  the  Cottrell-Petch  relation.  This  second  assump¬ 
tion  is  at  least  partly  justified  on  the  basis  that  no  evidence  of  the  occurrence  of 
microcracks  prior  to  fracture  of  the  materials  studied  has  been  found. 
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Under  these  conditions,  it  is  believed  that  a  crack  forms  when  the  Cottrell- 
Petch  relation  is  satisfied  and  almost  simultaneously  attains  the  critical  size  re¬ 
quired  for  propagation  in  accordance  with  the  Griffith- Orowan  relation.  Propaga¬ 
tion  of  this  crack  should  involve  the  same  Y '  value  as  for  the  Cottrell-Petch 
relation  at  least  until  the  first  barrier  is  encoimtered.  Even  though  the  crack 
propagation  energy  (y^')  associated  with  crossing  such  a  barrier  is  presumably 
greater  than  for  moving  between  barriers,  the  crack  shovild  cross  the  barrier 
provided  that 


(1) 


where  2d  is  the  distance  between  barriers  and  2c  is  the  critical  crack  length. 
Equation  (1)  presumably  holds  since  no  microcracks  were  observed  prior  to 
fracture  of  the  materials  studied. 

Assuming  that  no  necking  occurs  prior  to  fracture,  the  fracture  stress 
(CTp)  is  given  in  terms  of  the  shear  modulus  (G)  and  the  yield  stress  parameter 
(ky)  in  the  following  relations: 

_i  !-> 

(2) 


Cottrell-Petch: 


Griffith-Orowan: 


(Ttp  «  (1.7  Gy*)^/^  c"*/^ 


(3) 


,(4) 


Rosenfield^  '  has  reported  that  the  yield  parameter  k^  based  on  primary 


grain  size  is  given  by  the  following  approximate  relation: 

ky  «  5  X  10"^  G 

Combining  equations  (2),  (3)  and  (4)  gives 


(4) 


^  »  1,0  X  10“^  y, 


(5) 
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Assuming  that  the  ratio  of  sub'-  ain  size  (d_)  to  primary  grain  size  (d)  is  approxi¬ 


mately  coDStantf  the  yield  stress  parameter  based  on  subgrain  size  (k  )  is  re- 

y* 


lated  to  k  as  follows: 

y 


1/2 


(6) 


The  corresponding  equation  to  (5)  for  the  ratio  of  critical  crack  length  (2c_)  to 

s 

subgrain  size  (2d  ),  which  involves  the  effective  surface  energy  {y')  based  on  sub- 
8  S 

boundaries  acting  as  dislocation  obstacles^  is  as  follows: 


Knowing  the  measured  values  of  d  and  d^,  the  abov  equations  enable 

calculations  of  y’,  y  •,  c/d  and  c„/d_  to  be  made.  Such  calculations  are  valid 

s  s  s 

provided  that  a  0*^  value  is  used  that  corresponds  to  a  test  temperature  below  the 
tensile  ductility  transition  (T^j)  at  which  essentially  no  necking  occurs  prior  to 
fracture.  For  this  situation,  plastic  constraint  does  not  have  to  be  taken  into  ac¬ 
count.  i«e.  Cottrell's  p -value  si. 

For  the  case  of  severely  drawn  tungsten  wire  (about  75  ppm  total  interstitial 
content)  recovery  annealed  at  five  temperatures  between  20°C  and  1400^0.  the  in¬ 
creases  in  fiber  width  (d)  and  subgrain  size  (d^)  with  annealing  temperature  were 
determined  by  microexamination  using  both  light  and  electron  microscopy.  It  was 
found  that  d^/d  ■  0. 1.  From  the  measured  values  of  O'p  corresponding  to  tempera¬ 
tures  just  below  T^.  where  fracture  occurred  with  relatively  little  reduction  in 
area,  the  following  calculations  were  made: 

Calculated  on  Basis  Calculated  on  Basis 

of  Primary  Grain  Size*  of  Subgrain  Size 

y  s  7000  ergs/cm^  yj  *  200  ergs/cm^ 

c/d  ■0.2  c^/d^*0,01 

’•‘Corrected  for  the  effect  of  preferred  orientation.  i.e,  slip  occurs  in  a  direction 
that  is  about  35°  with  respect  to  the  fiber  direction.  Therefore,  the  effective  grain 
size  is  about  1.8  times  the  fiber  width. 
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The  calculation  based  on  primary  grain  size  indicates  that  y*  is  about  7000  ergs/ 
2 

cm  t  which  is  a  more  reasonable  value  than  the  value  of  200  ergs  based  on  sub¬ 
grain  size  because  surface  energy  measurements  give  values  of  2000-3000  ergs. 
Assuming  that  the  calculations  based  on  primary  grain  size  are  more  vailid  than 
based  on  subgrain  size,  it  appears  that  the  critical  crack  length  is  approximately 
equal  to  the  subgrain  size  (c  a  0.2  d  and  d^  df  0.  Id). 

Similar  calculations  were  carried  out  for  molybdenum  strip  (about  70  ppm 
total  interstitial  content)  given  about  5.  45  and  90%  reduction  by  rolling  Jtarting 
with  the  recrystallized  condition.  In  this  case  a  correction  was  made  for  the  de¬ 
crease  in  primary  grain  size,  due  to  the  occurrence  of  appreciable  reduction  in 


area  (about  15%)  prior  to  fracture.  In  addition,  the  flow  stress  parameter  (1^) 

(2) 

was  substituted  for  ky.  and  k£  was  taken  as  approximately  equal  to  0.3  ky^ 


Calculated  on  Basis 
of  Primary  Grain  Size* 


Calculated  on  Basis 
of  Subsrain  Size** 


3000  ergs/cm 


y’  a  100  ergs/cm 
s 


c/d  M 0, 04 


c  /d  a  0.04 
8  8 


Corrected  for  preferred  orientation  and  reduction  in  area:  The  correction  factor  a 

AA 

where  is  the  fractional  reduction  in  area. 

'  'Corrected  for  reduction  in  area  only.  By  measurement,  d  was  found  =  0.04d. 

The  calculated  value  of  y '  based  on  primary  grain  size  agrees  with  accepted 

2 

surface  energy  values  (2000  -  3000  ergs/cm  )  and  is  at  the  low  end  of  the  range 
(3000  to  12.000  ergs/cm^)  previously  reported  by  other  investigators^^*  but 
the  subgrain  value  of  100  ergs/cm  appears  too  low.  Again  it  is  found  that  the 
critical  crack  length  based  on  primary  grain  size  is  approximately  equal  to  the  sub¬ 
grain  size  (c  «0.  04  d  and  d^ft  0.04  d). 


1.8  d(i:^ 
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To  su.inmarize  ths  resvilts  tot  the  tungsten  and  molybdenum  materials 
studied,  the  primary  grain  boundaries  appear  to  constitute  the  main  barriers 
to  crack  propaga  tion  since  the  calculated  values  of  effective  surface  energy  ob> 
tained  on  this  basis  are  more  reasonable  than  on  the  basis  of  subboundary  ob¬ 
stacles.  On  the  other  hand,  the  fact  that  the  calculated  critical  crack  size  was 
foimd  to  be  approximately  equal  to  the  subgrain  size  suggests  that  subboundaries 
may  also  influence  fracture  behavior. 

For  the  moderately  worked  molybdenum  strip  (about  45%  reduction  in  area), 
the  tensile  ductility  transition  temperature  (T^)  does  not  appear  to  change  appre¬ 
ciably  ^n  annealing  in  the  recovery  range.  However,  annealing  at  1000°C  resvilts 
in  a  significant  increase  in  of  about  30°C.  This  correlates  with  the  onset  of 
recrystallization  as  manifest  by  the  formationof  substructure-free  regions.  These 
appear  to  be  considerably  larger  than  the  polygonized  subgrains  representing  the 
unrecrystallized  matrix,  but  definitely  smaller  than  the  primary  grain  size.  Since 
no  appreciable  change  in  either  the  polygonized  subgrain  siz&'or  the  primary  grain 
size  was  found  to  occur  as  a  result  of  the  1000°C  anneal,  the  increase  in  transi¬ 
tion  temperature  is  ascribed  to  the  formation  of  the  recrystallized  regions.  With¬ 
in  these  substructure-free  regions,  larger  cracks  can  presumably  form  as  com¬ 
pared  to  the  polygonized  subgrains.  Therefore,  a  decrease  in  fracture  stress  and 
a  corresponding  increase  in  T^  would  be  expected. 
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